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The 1958 Howe Memorial Lecture 


Maxwell Gensamer 


The Structure of Metals and the Strength of Structures 


Ir was not my privilege to know or ever to meet 
Professor Henry Marion Howe, so I cannot engage 
in any reminiscences in the introduction to this the 
thirty-fifth Howe Memorial Lecture. Nor can I find 
anywhere in the collection of his works that we have 
at Columbia University any paper of his in which he 
discussed precisely the things that I am going to talk 
about. But we can never escape his influence. In 
his lifetime he was very influential in formulating 
views on the nature of steel of which ours today are 
the descendants. As his successor in the chair of 
physical metallurgy at the School of Mines in Co- 
lumbia University I am aware of his influence to a 
degree greater than most, not only because we work 
in the building that was erected to house the School 
of Mines during his professorship there, and be- 

_ cause a portrait of him bedecked with honorary rib- 
bons and in academic garb gaudier than we now 
enjoy still looks down from the walls of Egleston 
Library in the School of Mines, but because there 
are still alumni and people at Columbia who knew 
him in person and remember the weight of his per- 
sonality. It is my hope that one of these days we 
will have a more fitting memorial to him than now 
exists. Although he did not write specifically about 
it, Iam sure he was continuously interested in my 
subject which is the strength and safety of our en- 
gineering structures. 


GRIFFITH THEORY AND THE SPECIFIC WORK 
OF FRACTURE 


Since the now classical and monumental paper by 
Griffith in 1920,”? and the extensions of jis basic 
theory in the intervening years by Irwin® followed by 
others, we have come to realize that the design of 
structures and machines can no longer under all 
conditions be based upon the elastic limit or yield 
strength. Griffith’s basic theory is applicable to all 
fractures in which the energy required to make the 
new surfaces can be supplied from the store of en- 
ergy available as potential energy, in the form of 
elastic strain energy. The elastic strain energy 
per unit of volume varies with the square of the 
stress, and hence increases rapidly with increases 
in the stress level, and one does not need to go to 
very high stress levels to store enough energy to 
drive a crack, even though this crack be accom- 
panied by considerable plastic deformation, and 
hence consume considerable energy. We have come 
to realize that self-sustaining cracks can propagate 
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at fairly low stress levels, at temperatures where 
our constructional materials are normally quite 
ductile. 

In the Griffith theory and its extensions, the pa- 
rameters that determine whether or not a crack 
can propagate are the stress, which always enters 
as the square of the stress; a constant of the order 
of magnitude of unity which depends upon the geom- 
etry of the structure; Young’s Modulus of Elasticity; 
the linear dimension of the defect or stress relaxa- 
tion center, which develops into and later is identi- 
cal with the propagating crack; and an important ma- 
terial property that we may call the specific work of 
fracture, in units let us say of inch-pound per 
square inch of crack, which in recent years Irwin 
has identified with the crack extension force in units 
such as pounds per inch of crack length. 

For an infinite plate in simple tension containing 
an edge crack of length c, or an internal crack of 
length 2c, we may write this relationship: 


2_ Ew 
=== [1] 


In this the specific work of fracture is w, for which 

Irwin used G. Ihave avoided G because we use | 

conventionally for the shear modulus of elasticity. 
Nowhere in this expression does the elastic limit 


‘or yield strength of the material appear. The factor 


w is certainly related to it, since this measures the 
work required to make a crack of unit area, or the 
force required to extend the crack, but certainly the 
ductility of the material under the conditions pre- 
vailing at the root of an advancing crack is impor- 
tant indetermining w, and the ductility is the pre- 
dominant factor when we are comparing materials 
of not greatly different yield strengths. But all of 
our experience points to the necessity for having a 
stress level above some critical value, which may 
be as high as the yield point, if the defect be a not 
very severe one. Clearly, the curves of Fig. 1 do 
not extrapolate to zero stress, as they should by the 
Griffith formula. The data are for the ship plate 
steels tested during the War on the 3,000,000-1b 
machines at the Universities of California and Illi- 
nois.* The points about the upper line are for killed 
steels, about the lower line for semikilled steels. 
(The symbols identifying the steels in Fig. 1 are the 
same as those used in the paper referred to.) The 
stress is the fracture stress, at the temperature 
just below the fracture-appearance transition tem- 
perature; the fractures are largely granular, with 
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a well-developed shear lip. The initial central notch 
terminated in a jeweler’s-saw cut, and was always 
one-fourth of the plate width, so that the c of the 
Griffith equation is one-eighth of the plate width; the 
reciprocal of the plate width is plotted in Fig. 1. 
Such a notch at so high a temperature is not severe 
enough to produce fracture at an average stress be- 
low the yield-point stress; at this temperature even 
an arrested crack requires that the average stress 
exceed the yield point. Hence the strain energy that 
is available is that down to the yield stress at points 
remote from the notch, and this modifies the Griffith 
expression to 


[2] 


The w value from these data turns out to be 120 inch- 
pounds per square inch for both grades of steel (the 
Slope is the same). Incidentally, the data of Petch® 
for the brittle fracture stress of unnotched iron and 
mild steel, in which the crack size is related to the 
grain size, plot better in the way just shown; his ex- 
planation for the curvature of the line in his Fig. 1, 
which is equivalent to plotting (S - S,)* against the 
' reciprocal grain diameter, seems unnecessary. 
Recent measurements of w at room temperature 
yield values for steel of about 100 inch-pounds per 
square inch, and similar values for the very high 
strength aluminum alloys. In a V-notch Charpy bar 
this corresponds to 1 ft-lb. Only the fibrous part of 
a Charpy test fracture consumes energy in its pro- 
duction at a rate much greater than this. In a large 
cross section most of the path of the fracture is 
therefore characterized by w values of this order of 
magnitude. The data on running cracks, produced 
by transient impact loading, ° indicate that common 
structural steel plates at temperatures well below 
freezing are characterized by w values of approxi- 
mately 40 inch-pounds per square inch. Using this 
value and Eq. [1] a 1-in. defect could lead to a self- 
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Fig. 1—Fracture stress of notched ship plates, just below 
the fracture-appearance transition temperature. Killed 
steel points about the upper line, semikilled and rimmed 
steel points about the lower line. 
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with notches (Wells). 


sustaining fracture in a large structure at a stress 
level of the order of magnitude of 20,000 psi. This 
is the ordinary design stress, not the stress at the 
point of stress concentration at the end of the crack. 
It is a stress only slightly in excess of that to which 
large structures such as storage tanks are designed. 
Even if w goes to 250 inch-pounds, as in some re- 
cently measured values for the alloys used in rotat- 
ing machinery, the corresponding stress for a 1-in. 
defect would be 50,000 psi, which again is a stress 
of the order of magnitude to which the machinery is 
designed. Clearly defects of this size must be non- 
existent under these conditions. 

It is easy enough to establish that initially cracks 
of this size are not present, using modern methods 
such as magnetic particle and ultrasonic inspection. 
What are the possibilities of their developing during 
the service life? Even though they are not self-sus- 
taining, smaller cracks may grow, if the stress is 
maintained by external loading, to a size where they 
become self-sustaining from the store of strain en- 
ergy in the structure. 

Consider the experiments reported by Wells,’ who 
produced very severe defects, coupled with high re- 
sidual stresses, by using the technique developed by 
Greene. He welded together two plates, containing 
saw cuts in the joined edges, along a line parallel to 
the tensile axis, under conditions which produced 
high residual stresses in the tensile direction. Fig. 2 
summarizes his data. Upon the application of a ten- 
sile stress of only a few thousand psi one of these 
cracks would grow, and did, when the temperature 
was low enough to have the steel fairly brittle. At 
these low temperatures, and at the low stresses re- 
quired to grow the cracks, the cracks grew to a lim- 
ited size and stopped. They did not grow to the Grif- 
fith critical size because the stress required to 
start them was very low. Upon continuation of the 
test, these cracks did not develop into running 
cracks and break the plate until the yield point was 
reached, which has been the experience of all others 
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working with artificial notches like jeweler’s-saw 
cuts and stopped cracks. 

When the initial crack developed at the low-stress 
level came to a stop it evidently ended up as a fairly 
ineffective stress raiser, and outside a region of 
tensile residual stress. The ineffectiveness of a 
crack once stopped has been observed by others; it 
is the usual observation that a big but stopped crack 
is less dangerous than a tiny moving one. This prob- 
ably results from the circumstance that there has 
been time at the end of a stopped crack for enough 
plastic deformation to produce a fairly large volume 
of stress-relaxed material, which is in effect anotch 
with a fairly large radius of curvature at its root. 

At sufficiently high temperatures, in Wells’ exper- 
iment, the tensile stress had to reach the yield point 
in order to make the initial defects grow at all. That 
this was the case above a sharply defined tempera- 
ture is of great interest, and confirms again what 
has always been the experience, that above some 
fairly well defined temperature, varying with the 
grade of steel, even very severe defects require 
that the average stress reach the yield point. This 
justifies the use of the yield strength as the design 
criterion, above this temperature, but not below it. 

There was one temperature, which Wells called 
the ‘‘calamity temperature’’ at which the initial 
crack did not stop, but continued on and broke the 
plate, at a stress level of about half the yield point. 
Above this the yield-point stress was required to 
make the cracks grow at all, below this they grew 
at still lower stresses but not to be big enough to 
break the plate. In general the higher the tempera- 
ture, the higher the stress required to make ini- 
tially present cracks grow, and the bigger these 
cracks will become before they stop. Defects bad 
enough to grow at a very low stress level are less 
dangerous than worse defects, which take a higher 
stress to start. When they become super-Griffith 
critical in size, they will not stop. One of the peren- 
nial arguments concerns the advisability of pressure 
testing: will more severe defects be introduced than 
are initially present? On this point Wells’ experi- 
ment would say, test; small defects may grow, but if 
they stop, they won’t be any worse than originally, 
and probably better. 


THE TRANSITION TEMPERATURE 


Because of the discontinuous way in which w va- 
ries with temperature in the transition temperature 
range, going from a low value below it to a quite 
high value above it, there is a temptation to insist 
that the transition temperature be below the service 
temperature, practically insuring against failure by 
fracture. On this basis, however, very few of the 
large steel structures in existence today are safe. 
Below the temperature at which w suffers its discon- 
tinuous drop to a lower value, which we associate 
today with what is generally called the fracture-ap- 
pearance transition temperature, a brittle fracture 
is always possible. But the probability of experienc- 
ing it varies with w, which in turn varies with the 
temperature. Experience indicates, and especially 
the experience with ships during and after the War, 
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that the probability of failure increases more pow- 
erfully than linearly with the amount the tempera- 
ture lies below the fracture-appearance transition 
temperature. 

Recently Winne and Wundt® have developed the 
theory for notched bars in bending, so that such bars 
may be used as a convenient means of experimen- 
tally determining the w value, by measuring the 
bending moment at the instant the crack starts to 
run. Such methods are still rather far from the kind 
of simple tests we like to have, to evaluate our ma- 
terials as to their suitability. We should like to have 
something even simpler and cheaper than the con- 
ventional tensile test or the ordinary Charpy test. 
The trouble with using the ordinary Charpy test, and 
simply measuring the ft-lb required to break a 
specimen of given cross-sectional area, is that so 
much of the fracture area is occupied by the shear 
lip. The shear lip develops as the crack nears the 
surface and then loses its effectiveness as a concen- 
trator of stress and strain. It is the granular part of 
the fracture that we are interested in, and this con- 
tributes very little to the energy of fracture in a bar 
as small as a Charpy bar. 

A large number of tests have been proposed and 
some of these have been strongly advocated as hav- 
ing certain advantages in the area we are discussing. 
Almost any of these tests may be used, if inter- 
preted appropriately. This means, in most cases, 
merely focusing one’s attention upon the temperature 
at which some small but fairly easily measured 
amount of ductility is exhibited. Quite a number of 
tests involving unnotched as well as notched speci- 
mens will rate a group of steels in the same order. 
Even the tensile test, in which the transition tem- 
perature occurs at say 60°K, will reflect about the 
same differences in transition temperature as do 
much more severely notched specimens, in which the 
transition temperature is at or above room temper- 
ature, say 300°K. Of course it would be a conveni- 
ence, and much more Satisfactory to engineers, if 
the temperature selected by the test were to coin- 
cide with the temperature which service experience 
indicates to be adequately safe, that is, the temper- 
ature at which the frequency of failure drops to an 
economically and morally satisfactorily low value. 


THE CHARPY TEST 


There is one convenient test which is old enough 
to have acquired to itself some degree of confidence 
in its applicability, that is to say to have been ap- 
plied to enough structures which have failed, to make 
us think that we may know how to interpret it. How- 
ever better-other tests may be, none of them have 
had this breadth of application. The test is the 
Charpy test, which was developed for this specific 
purpose and used for many years along with the Izod 
test as a room-temperature test, largely for steels 
to be applied at about the same temperature. Two 
forms of notch have been used in otherwise identical 
specimens, Experience amply demonstrates that 
with the keyhole notch one must have fully ductile 
behavior. With a reasonable number of specimens, 
certainly no less than three, all the specimens 
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should be fully ductile at the service temperature; 
they must absorb the same amount of work in break- 
ing as at significantly higher temperatures. With the 
V-notch Charpy test there is pretty good agreement 
that in the case of unheat-treated, as-rolled carbon 
steels a minimum of 10 ft-lb must be reliably de- 
veloped in the test. We would be happy with this but 
for the fact that with heat-treated steels, even nor- 
malized low-alloy steels, it seems as though a 
greater V-notch Charpy energy absorption is needed.°® 
This is based upon comparisons with the results of 
tests on larger specimens, but not yet reliably con- 
firmed by service experience. There is some serv- 
ice experience however which indicates that this is 
the situation. 

Feely and his associates® have been able to show~ 
a good correlation between running-crack tests with 
large plates and the V-notch Charpy test. Fig. 3 is 
from their work. The temperature below which fail- 
ures could be obtained at the design stress corre- 
lated with either the 15-ft-lb temperature or the 30- 
ft-lb temperature, depending on whether the steel 
was a semikilled steel, or a steel made to a fine- 
grained practice. 

There is one way to interpret a V-notch Charpy 
‘test which has so far fitted all the service experi- 
ence that I have had. I have never seen a brittle 
failure in service where the Charpy test bars, 
tested at the service temperature, exhibited a 
‘“‘thumb nail’’ at the center of the bar under the 
notch any bigger than about the radius of curvature 
of the notch. I do not mean of course the shear lip 
around the outside of the fracture, even at the ends 
of the notch. I mean the shear failure at the middle 
of the notch where the crack starts. It is not diffi- 
cult to distinguish this area of more ductile failure 
from the surrounding granular fracture. In several 
instances this much ductile failure at the root of 
the notch could be obtained at temperatures not 
much above the service failure temperature. 
Whereas hot-rolled semikilled steel, at a tempera- 
ture where just a little deformation occurs under the 
notch in a V-notch test, absorbs 10 ft-lb, a struc- 
tural alloy steel exhibiting the same ductility at the 
root of the notch may in the normalized condition ab- 
sorb 50 ft-lb, as the work of Puzak and Pellini has 
so beautifully demonstrated. 

Incidentally, for. those who raise the objection that 
the standard V-notch Charpy specimen is too expen- 
sive and sometimes too difficult to prepare, I have 
on a number of occasions been able to demonstrate, 
that with as much accuracy as the V-notch Charpy 
test yields, the transition temperature can be deter- 
mined just as well by using a much less expensive 
and a much cruder specimen, In fact, all that is 
needed is a specimen produced entirely with a saw, 
with no better dimensional tolerances and finish 
than can be obtained with a band saw. A saw-cut to 
the same depth suffices just as well as the standard 
milled notch. Of course there will be more varia- 
tion in the number of ft-lb required to break the 
specimen, but there is substantially no difference in 
the transition temperature obtained with the care- 
fully prepared and the crude specimen. I think 
therefore that we are spending much more money 
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Fig. 3—Transition temperature in running crack tests vs 
V-notch Charpy transition temperature (Feely ez al). 


than we need to on impact testing, since so much of 
the cost lies in the preparation of the specimen. The 
insistence on 15 ft-lb at some particular tempera- 
ture should be abandoned, and for it substituted a 
transition temperature defined in terms of some 
visually obvious ductility at the root of the notch. 

Up until this time I have been discussing what is 
needed in the way of mechanical properties to guard 
against the brittle behavior of our engineering 
structures, and how we can economically and con- 
veniently test our steels to insure us against such 
failures. I now want to turn to the metallurgical 
problem of trying to understand the factors that in- 
fluence strength and ductility, in the vicinity of the 
transition temperature, in particular just above the 
transition temperature where the ductility is lim- 
ited, enough so that the factors that affect it may be 
investigated. We are obviously interested in compo- 
sition, microstructure, and rate effects. Most of the 
work that Iam going to report has been done in sim- 
ple tension with unnotched bars, because only in this 
way can we achieve a reasonably uniform state of 
stress and strainover a sufficient volume, so that we 
may measure the stress and the strain and their rates 
of change. With notched specimens we cannot hope to 
measure the stress and strainin the small plastic re- 
gion at the root of the notch. Of course after the 
crack forms and starts to move we no longer can with 
the tensile specimen either, but at least up until this 
time we stand a chance of knowing how the specimen 
is behaving on amacroscopic scale. Using the ten- 
sile test requires that the work be done at quite low 
temperatures, usually between the boiling point of he- 
lium and nitrogen, 4° and 78° absolute, because the 
transition temperature insimple tension lies in this 
range, instead of around room temperature as it does 
with notched specimens. Before telling you about 
this, however, I should like to describe two investiga- 
tions with notched specimens that may be of interest. 


THE STRENGTH AND THE TRANSITION TEM- 
PERATURE OF BAINITE 


Some years ago I reported on the effects of micro- 
structure on the strength and ductility of steel.” In 
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Fig. 4—Transition temperature against diamond pyramid 
hardness and tensile strength for bainite and tempered 
martensite. 


two respects this work needed to be brought up to 
date: it was performed before the days of the popu- 
larity of the transition temperature, and before the 
days of electron microscopy so that it was impos- 
sible to study the bainites. This work has been ex- 
tended, * using a 60-carbon steel, with 1 pct Mn for 
a little extra hardenability. In the light of the regu- 
larities that have been repeatedly observed, tensile 
stress-strain curves were not made for all condi- 
tions, but hardness was determined and converted to 
the equivalent tensile properties. The work was 
concentrated upon the transition temperature, but in 
order to conserve material and avoid problems aris- 
ing from inadequate hardenability, small sharply 
notched rounds were tested in tensile impact; these 
bars were 3/16 in. in diam (which with this steel 
were small enough for lead bath quenching), notched 
to a diameter of about 1/10 in., with a 45 deg notch 
with as small a radius of curvature as possible. The 
specimen was brought to a steady-state temperature 
by circulating cold nitrogen gas around it, and bro- 
ken by dropping a weight, so that the times involved 
were of the same order of magnitude as in the con- 
ventional impact test. Such an arrangement is nec- 
essary when the temperatures are well below am- 
bient, and the specimens are small. The size of 
specimen used could be machined from the broken 
half of a standard Charpy bar, and tests were made 
from the broken Charpy bars from about a dozen 
heats, for which the V-notch Charpy transition tem- 
perature had been obtained by other laboratories, 
working thus with the same specimens that those 
laboratories had used. This provided a calibration 
against standard V-notch Charpy testing. It was 
found that without exception a very good correlation 
with the V-notch Charpy transition temperature was 
obtained. It was inconvenient to measure the ft-lb 
of work done in breaking a specimen, so the diam- 
eters were compared at the root of the notch before 
and after fracture. It has been amply demonstrated 
that there is a linear correlation between the reduc- 
tion of width at the root of the notch, in the standard 
V-notch Charpy test, and the energy absorbed. With 
the small sharply notched tensile specimens there 
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was some difficulty measuring the diameter at the 
root of the sharp notch, especially after fracture, 
but when the change is plotted against temperature, 
the curve is so steep in the transition temperature 
range that there is little uncertainty about what the 
transition temperature is; the scatter from speci- 
men-to-specimen characteristic of all notch testing 
in the transition range outweighs any inaccuracies 
of measurement. We chose to define the transition 
temperature as the temperature at which by extra- 
polation the reduction of area at the root of the notch 
would be zero. The curves are so steep that whether 
this or some other definition be used is immaterial. 
With this we studied the transition temperature of 
bainites produced at various isothermal reaction 
temperatures. We did not study the transition tem- 
perature of pearlites, because in the intervening 
years others had done this. The microstructures 
were evaluated quantitatively as before by measur- 
ing the mean free path through the ferrite, using 
now conventional electron microscopy which re- 
solves the finest of the bainites. 

Whereas the transition temperature of the pearl- 
ites at this carbon level is above room temperature, 
the transition temperature of all of the bainites was 
below it, varying only a little in the neighborhood of 
100 deg below zero Centigrade, as shown in Fig. 4. 
This is about the same as the transition temperature 
in the same test for tempered martensites, except 
at the higher strength levels, where the transition 
temperature for the tempered martensite jumps to 
about room temperature. This may be a tempering 
embrittlement effect, of course. The insensitivity of 
the transition temperature to the isothermal reac- 
tion temperature was a little surprising, because in 
the same range of isothermal reaction temperatures 
the hardness varied very considerably. But perhaps 
we have a Clue to this in the circumstance that while 
the hardness was changing in this way with the reac- 
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Fig. 5—Carbide particle spacing vs reaction temperature 
at three carbon levels. 
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tion temperature, the carbide particle spacing was 
changing very little, as shown in the lowest curve of 
Fig. 5. 


The slight dependence of the carbide particle spac- 


ing upon reaction temperature poses a problem in 


transformation kinetics for this apparently diffusion- 


controlled process. There is also the problem of 
explaining the large hardness variation with such 
slight variation in the fineness of the microstruc- 
ture, as in Fig. 6. On this problem we have made a 
little progress, by observing that the X-ray diffrac- 
tion line widths, which are of the same order of 
magnitude as the line widths for the same material 
strengthened to the same level by cold-working, 
vary with Bragg angle in a way that is more con- 
sistent with the line width being caused by strains in 
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the lattice of the ferrite, than by diminution of the 
size of the optically coherent regions, that is by a 
fine structure not resolved by our electron micro- 
scopy. Fig. 7 shows that line breadth varies in a 
more satisfactory way with the tangent of the Bragg 
angle, as this would require, than with the secant as 
would be required by a fine structure; in the latter 
case a linear variation would require a negative line 
breadth at small angles, obviously impossible. So 
with the low-temperature bainites we seem to be 
dealing with strengthening by coherent precipitated 
particles, as in age hardening, rather than by reduc- 
tion in the mean ferrite path by incoherent carbide 
particles, as in the pearlites. 


THE TRANSITION TEMPERATURE, GRAINS, AND 
SUBGRAINS 


We have done a little in the field of the effect of 
grain size, and subgrain size, with standard V-notch 
Charpy bars, and comparing low-carbon irons with 
and without nickel, melted in air under a slag by a 
practice as nearly as we could make it identical 
with that of Hodge and his associates in their well- 
known study of the effects of grain size and nickel 
in low-carbon iron, We have used the V-notch 
Charpy test where they used the keyhole, and we 
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Fig. 8—Transition temperature of ferrite 
as a function of grain size. 
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have attempted to vary the subgrain size, using an 
alcoholic solution of hydrochloric acid and ferrous 
chloride (1 1/2 pct of each) to reveal the subgrains.” 
One of our reasons for doing this was that it had 
been observed that in iron containing nickel the sub- 
grain size was much smaller than in low-nickel 
irons, and we wished to test the hypothesis that the 
nickel effect could be explained by its effect on the 
subgrain structure. We were not able to vary the 
subgrain size in the 3.5 pct-Ni iron used, nor to get 
the subgrain size in the low-nickel iron as fine as in 
the high-nickel iron. We were able to get two de- 
grees of subgrain size in the low-nickel iron, by 
cooling at different rates through the critical, from 
different austenitizing temperatures. This resulted 
in slightly different ferrite grain sizes, though not 
by any more than one grain-size number. Thus the 
experiment is not a clean one but IJ think the conclu- 
sions are valid. The results of this study were sim- 
ply to confirm the results of Hodge and his associa- 
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Fig. 10—Effect of grain size and specimen size on lower 

yield point at 77°K, low-carbon iron. 
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ates as shown in Fig. 8, and to demonstrate that if 
there is an effect of subgrain size on the transition 
temperature, it is very slight. Certainly the pro- 
nounced effect of nickel is not to be explained on the 
basis of the fine subgrains that are to be found in 
the iron-nickel alloys. The effect of nickel is still 
to be explained, and I shall address myself to that a 
little later in this lecture, when I describe the ten- 
sile tests at low temperature with low-carbon iron 
and iron-nickel alloys. 


LOW-TEMPERATURE TENSILE TESTS 


Let me turn my attention now to the low-temper- 
ature tensile tests, in which after having determined 
how the stress-strain curve changes as the transi- 
tion temperature is approached, we concentrated 
upon the yield strength, or yield point; the fracture 
stress, which is identical with the yield stress be- 
low the transition temperature; and the tensile re- 
duction of area. The general way in which these 
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Fig. 11—Effect of grain size and specimen size on reduc- 
tion of area at 77°K, low-carbon iron. 
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Fig. 12—Effect at grain size and specimen size on frac- 
ture stress at 77° K, low-carbon iron. 


vary with temperature is well known, and is exem- 
plified in Fig. 9 by data obtained on one of the ship 
plates used in the work summarized in the first 
slide.*.For our purposes interest centers in the 
anomalous increase in yield strength as the temper- 
vature is lowered, and the decrease in fracture 
stress and ductility as the transition temperature is 
approached, here just above the nitrogen boiling 
point. The variation of these quantities below the 
nitrogen boiling point having been described by Col- 
lins** and his students for 1020 steel, and because of 
our interest in this steel in structural applications, 
we chose it for a systematic study of the effects of 
temperature, strain rate, and ferrite grain size. We 
hoped of course by being able to measure these 
things as well as the transition temperature to learn 
more than could be learned by conventional notch 
bar tests. By doing as much of this.as we can on 
one commercial heat of 1020 steel, and for the rest 
using laboratory heats made as nearly as possible 
by a standardized technique, we hope to have a sys- 
tematic study that will bridge the results obtained 
by other investigators, working with various mate- 
rials and various techniques. 

Working with such small specimens, it seemed 
desirable to study the effect of the size of the speci- 
men. This was really a study of the effect of grain 
size relative to specimen size. We used low-carbon 
iron, melted under a slag and deoxidized, and pro- 
duced a series of specimens of different sizes con- 
taining the same number of grains, by varying the 
grain size, as well as specimens of the same size 
but different grain size and thus containing different 
numbers of grains. Pell-Walpole;* working with tin, 
has reported that at room temperature the grain 
‘size has very little effect on the yield strength, when 
the specimen size is adjusted to contain the same 
number of grains, but that the ductility and hence 
the fracture stress does vary with the grain size 
even though the specimen size is so adjusted. Our 
observation is that this is not so at 77°K, above the 
transition temperature, nor at 4.2°K, where this de- 
oxidized iron has some ductility. Figs. 10 to 14”° il- 
lustrate that the properties are a continuous function 
of grain size, unaffected by the specimen size, which 
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Fig. 13—Effect of grain size and specimen size on reduc- 
tion of area at 4°K, low-carbon iron. 


justifies our use of small specimens, carefully pre- 
pared, and points up a difference in this borderline 
ductile behavior, compared to the fully ductile be- 
havior in simple tension at room temperature. 

The first studies with the 1020 steel,*® ” revealed 
a couple of unexpected things, but demonstrate as in 
Fig. 15 the expected effects of grain size. There is 
rather little effect of the rate of straining at these 
temperatures, as shown in Fig. 16, which of course 
does not demonstrate an absence of a rate effect at 
higher temperatures. In these tests the speed ratio 
was 100:1, which is not much, certainly nowhere 
near the ratio when we compare the rate of strain- 
ing in conventional tensile testing with the rate at 
the edge of a crack moving nearly a mile a second, 
at which cracks have been clocked. 

In one respect the results differ from the pub- 
lished ones. To avoid stress concentrations, which 
are fatal in dealing with very brittle materials in 
tension testing, we used a contoured specimen pro- 
duced in a lathe by swinging the tool ina 3%-in, ra- 
dius arc, yielding a specimen with a surface, in lon- 
gitudinal cross section, of constant curvature, Fig. 17. 
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perature on the tensile properties of 1020 
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Since the diameter of the specimen at the smallest 
section was about 1/10 in., the longitudinal radius of 
curvature was about 150 times the circumferential 
radius, which makes it substantially cylindrical over 
a length approximately the same as in a standard 
tensile test, with about the same variation in diam- 
eter over a gage length four times the diameter as 
is conventionally employed. So in the critical sec- 
tion we had substantially a standard tensile test 
specimen but of 1/5 conventional size. Recognizing 
that in brittle behavior the condition of the surface 
may be very important, all specimens were given 
some heat treatment after the last mechanical oper- 
ation, which was fine polishing with 4/0 metallo- 
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Fig. 17—Specimen used in low-temperature testing 
(dimensions in inches). 
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graphic polishing paper. This was undoubtedly finer 
than it need have been, and was done very carefully 
by hand to avoid severe deformation. The subse- 
quent heat treatment, usually designed to control the 
grain size and involving recrystallization, was given 
to the specimen vacuum-capsuled in quartz, which 
prevented any apparent oxidation. With such speci- 
mens we never did succeed in getting entirely brit- 
tle behavior even at the boiling point of helium, 
4°K.* This is shown better to a larger scale in 

Fig. 18. There was always a reduction of area near 
the fracture of at least 1/2 of 1 pct, and often a good 
deal more as described later. We think the freedom 
from stress concentration, and the fine surface of 
the specimens, has made it possible to realize this 
ductility, which has escaped the detection of others. 


MECHANICAL TWINNING (NEUMANN BANDS) 


We were curious to know to what degree mechan- 
ical twinning or Neumann bands contributed to the 
deformation at low temperatures. We established, 
by interrupting tests just before fracture, that the 
twinning occurred before fracture, and not as an af- 
termath through the sound wave produced by the 
fracture. In fact, twinning occurs at all tempera- 
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tures below that at which the fracture stress starts 
to decrease, and to an increasing extent the lower 
the temperature. The lowering of the fracture 
stress seems thus to be associated with twinning. 
Deronja® measured the amount of twinning in the 
volume in which the strain to fracture was measured, 
by measuring the volume of twinned material by lin- 
eal analysis, and by multiplying the fraction of the 
volume which had suffered twinning by the tensile 
strain accompanying twinning, assuming that each 
twin was so oriented as to contribute the maximum 
possible amount to the extension. The estimated 
contribution of twinning is probably on the high side. 
Even so, it became apparent that twinning could ac- 
count for all of the deformation only in the most ex- 
tremely brittle specimens, and that in almost all — 
instances some plastic process other than twinning 
is occurring. Of course with twinning there must be 
accommodation strains, which are not likely to be 
entirely elastic, but I think we have demonstrated 
that there is plastic deformation by processes other 
than twinning well in excess of these accommodation 
strains. The fracture stress in the brittle range is 
substantially independent of temperature’and rate, and 
this plastic process is probably therefore athermal 
in character. I do not believe that fracture occurs 
without any preceding plastic process, because we 
have always been able to observe it when we tested 
with sufficient care, and in this Iam supported by 
the work we have done on the brittle fracture of zinc 
single crystals, which I shall report a little later. 


LOW-TEMPERATURE STRESS-STRAIN CURVES 


If we are ever to explain the variation of the spe- 
cific work of fracture, used in the applications of 
Griffith theory, we must explain the distribution of 
deformation around the running crack, and know the 
stress-strain relationships at the strain rates in- 
volved; integration through the deformed volume 
surrounding the crack will then yield the specific 
work of fracture. The volume involved is going to 


be controlled by the rate of strain hardening and the— 


viscosity, as well as by strain wave propagation phe- 
nomena. Our observations on the speed effects do 
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Fig. 18—Ductility of 1020 steel at low temperatures. 
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not support the notion that there are any very large 
viscous effects, but since the strain rates may be 

so very high it is conceivable that high-speed beha- 
vior around room temperature will be much like 
low-speed behavior near the transition temperature 
in tension. The equivalence of increased speed and 
lower temperature has received repeated demon- 
stration in recent years. Therefore some interest 
may be attached to stress-strain behavior at low 
temperatures. Working with strain gages at or below 
the boiling point of nitrogen is difficult, especially 
with small specimens, and our contoured specimens 
permit us to avoid this. If we know the maximum 
load to which the specimen has been subjected (usu- 
ally the fracture load) we know the stress at every 
point in the contoured specimen. It varies with posi- 
tion because of the varying area. The strain at each 
point is known if the initial area at that point is also 
known. This can be known by measuring the diame- 
ter at selected locations both before and after strain- 
ing, thus getting the points of varying stress and 
strain needed for a stress-strain curve. Since any 
mark on the specimen may act as a stress raiser 
and lead to premature failure, we avoided marking 
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Fig. 21—Logarithmic stress-strain curve for low-carbon 
iron, obtained by measuring both halves of a broken con- 
toured specimen. r is the ratio of strains (or stresses) 
of successive observations. 


the specimens by relating all diameter measure- 
ments to the distance from a fixed point remote 
from the reduced section, and finding the same point 
after the deformation by using the constancy of vol- 
ume in plastic deformation. Stress-strain curves 
obtained by this technique are shown in Fig. 19. 
Such curves agree with those obtained by conven- 
tional techniques at room temperature. Curves are 
shown at three other temperatures, the lowest at 
65°K which is not far above the transition tempera- 
ture. Some interesting things emerge. Not only is 
the resistance to deformation at low temperatures 
higher, but there is an interesting approach toward 
linearity in the stress-strain curve at low tempera- 
tures. It may be that curvature is introduced into 
the stress-strain curve by thermal relaxation, and 
that the characteristic athermal stress-strain curve 
is linear. Zinc single crystals at room temperature, 
where basal slip is nearly athermal, and where the 
specimen is being tested just above its transition 
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Fig. 22—Effect of temperature on the stress-strain curve 
transition point, low-carbon iron. Also shown are the 
yield-point extensions (Luders strain) as a function of tem- 
perature. 


temperature, yield linear stress-strain curves. Sin- 
gle crystals of iron, Fig. 20, develop linear stress- 
strain curves at 6°K, measurable by our contoured 
specimen technique in spite of the serrated curves 
observed at this temperature, discussed later, but 
are curved at 77°K where the curve for the 1020 
steel is straight. 

Since the effect of a high rate of strain hardening 
would be to spread the deformation rather than to 
localize it, it would seem at first glance as though 
this higher average rate of strain hardening would 
not operate to reduce the specific work of fracture. 
But the slopes of these curves at low strains are not 
much different, so that this factor is probably of 
much less importance than the generally higher 
stress level, with its effect upon the limiting strain 
to fracture. Hence it would seem that the important 
effects are viscosity and the state of stress; it is 
through these that the stress necessary to produce 
fracture with little strain is achieved in steel at 
ambient temperatures. Perhaps by studying the ef- 
fects of variables on the yieid and fracture stresses 
and ductility at low temperatures we may gain an in- 
sight into what the speed effects may be at our serv- 
ice temperatures. 
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Fig. 23—Serrated stress-strain curve at 
4°K in 3% pct Ni iron. 
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One interesting side line on the stress-strain 
curves in iron has resulted from our use of the con- 
toured specimen. Determining stress-strain curves 
in this way, we can get the curve during the period 
of the yield-point extension, in which it is normally 

“obscured by the constancy of the load, as the Liiders 
line edge moves down the specimen. With our con- 
toured specimens we can measure the dimensions of 
the cross section at the advancing edge of the Liiders 
band and thus get the stress-strain curve at strains 
smaller than the yield-point extension, as in Fig. 21, 
for low-carbon iron at room temperature.”’ Here 
we find that the stress-strain curve is in fact also 
substantially linear on a log plot, as at higher 
strains, but that there is a distinct break in the 
curve at a strain which is not far from the strain 
corresponding to the yield-point extension; this is 
shown in Fig. 22. The break in the stress-strain 
curve has been observed in other metals,” and in 
iron we also observe that this break seems to be 
associated with the onset of cross or multiple slip. 
At strains less than this break in the curve slip 
lines are quite straight, beyond it connecting slip 
begins to appear, and the slip lines become charac- 
teristically wavy. Perhaps this explains some of the 
discrepancies about the straightness and waviness 
of slip lines in iron that have appeared in the litera- 
ture. The yield-point extension and Liiders-band 
propagation seem to be associated with a period of 
relatively easy glide, characterized by little or no 
wavy slip, followed by the normal high rate of strain 
hardening associated with cross or multiple slip 
which terminates the easy glide period and limits 
the strain in the Liiders band. 

Other investigators have reported extraordinary 
ductilities at liquid helium temperatures,”” ” ductil- 
ities that are not revealed by examining stress- 
strain curves which look like the stress-strain, 
curves of typically and ideally brittle materials, but 
revealed by an extraordinary amount of necking 
down before fracture, a necking down that is not 
seen where the behavior is really brittle. Our 1020 
steel was not sufficiently ductile to exhibit this 
anomalous behavior at 4°K but low-carbon iron and 
alloys showed it well,*” as in Figs. 23 and 24. Fig. 
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23 is for 3.4 pct Ni iron, Fig. 24 for carbonyl iron. 
They were sufficiently ductile to follow the load- 
extension curve, and observe that it was character- 
ized by repeated large drops in load. This has been 
referred to as a serrated stress-strain curve, and 
has been observed in nonferrous materials at low 
temperatures.”* Iron at very low temperatures can 
therefore behave like other metals when it has a 
little ductility. Each drop in load is of course ac- 
companied by a considerable extension of the speci- 
men, and we have observed multiple necking when 
there are multiple drops, as though each drop is 
produced by a necking deformation. An obvious ex- 
planation, now in the literature,** is that the defor- 
‘mation occurs in substantially adiabatic bursts, in 
which the temperature rises above the transition 
temperature. Such adiabatic bursts would be ex- 
pected because at this temperature the specific heat 
of the iron is very low, so that the work of deforma- 
tion, very high at this temperature, when converted 
into thermal energy produces a much greater than 
normal increase in temperature. This behavior is 
probably of little interest to any but those who are 
thinking about the properties of steel in truly inter- 
stellar space. 


MOLECULAR STILL VACUUM MELTING 


Our 4°K-ductile polycrystalline iron, while not 
extraordinarily pure, was produced by remelting 
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Fig. 25—Schematic diagram of vacuum-melting furnace. 
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electrolytic and carbonyl irons in a unique vacuum- 
melting apparatus,”° which achieves a vacuum good 
enough to decompose iron oxide, and thus avoid the 
necessity of using a deoxidizer. There is no inter- 
granular brittleness. This is accomplished by ap- 
plying the principle of the molecular still, in the 
arrangement shown in Fig. 25, characterized by a 
liquid nitrogen-cooled freeze-out just above the 
crucible, at a distance less than the mean free path 
of the gas, maintained by a very high-speed mercury 
pump. This apparatus was developed to study the 
effects of interstitials on the ductility of steel at 
high strength levels, a study that we are only begin- 
ning. The elimination of intergranular embrittle- 
ment in low-carbon iron without a deoxidizer is a 
nice demonstration of the effectiveness of the melt- 
ing system. 


NICKEL IN IRON AT LOW TEMPERATURES 


We have now done a fair amount of work on the 
effects of nickel, and as yet a much less and inade- 
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Fig. 27—Effects of nickel and temperature on the tensile 
properties of 0.02 pet C iron at grain size 4. 
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quate amount on the effects of other alloying ele- 
ments, excluding manganese because of the good 
work that Petch’® and his associates have been do- 
ing with manganese and have recently reported. It 
would seem that the beneficial effects of nickel in 
low-carbon iron, which are seen in Fig. 26, and 
which again stress the importance of fine grain 
size, are associated with an elevation of the frac- 
ture stress and a lowering of the yield strength at 
low temperatures, as in Fig. 27 for grain size four 
and in Fig. 28 for grain size six, and in Fig. 29 for 
0.06 pct Ni and Fig. 30 for 3.42 pct Ni. Probably 
through the adiabatic effect this operates to give 
considerable ductility even below the transition tem- 
perature in simple tension. With 3.5 pct Ni, which 
has a very considerable reduction of area even at 
the helium temperature, this results in the very 
pronounced serrated stress-strain curve of Fig. 23, 
with load drops of increasing magnitude as the tem- 
perature is lowered below the transition tempera- 
ture, and introducing uncertainties as to what the 
fracture stress really is; our best guess is that it 
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Fig. 28—Effects of nickel and temperature on the tensile 
properties of 0.02 pet C iron at grain size 6. 
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Fig. 29—Effects of grain size and temperature on the 
tensile properties of low-carbon low-nickel iron. 


is about the same as at the transition temperature. 
Specimens in which the grain size is obtained by 
cold-work and recrystallization and in which there 
is presumably no substructure show this effect to a 
- lesser extent;”” this is shown in Figs. 31 and 32. 
Quenching from 600°C followed by aging gives re- 
sults about the same as slow cooling. Now at room 
temperature a 3.5 pct Ni iron certainly has a higher 
yield strength than the same iron without nickel. 
The circumstance that the effect is reversed at low 
temperatures means that the anomalous increase in 
yield strength as the temperature is lowered, that 
characterizes iron, is pushed to lower temperatures 


by the presence of nickel. Manganese apparently has 


a similar effect and so possibly does molybdenum. 
Heslop and Petch’® have suggested a mechanism in- 
volving an interaction between the alloying elements 
and the interstitial impurities, to provide sites as 
desirable as dislocations, so that diffusion to dislo- 
cations and dislocation locking does not occur. We 
hope to study this by internal friction methods in the 
near future. 


RHEOTROPIC EMBRITT LEMENT 


The importance of the yield point relative to the 
fracture stress is well illustrated by a little study 
of the anomaly christened by its discoverers as 
‘‘rheotropic embrittlement,’’ and which may be 
shown to result from strain aging. Inthe series of 
tests?® summarized in Fig. 33, prestraining was 
carried out at 195°K, the ‘‘dry-ice’’ or CO, subli- 
mation temperature, and the specimens held there 
until tested at 55°K, just above the brittle tempera- 
ture in simple tension, except that some were aged 
after prestraining at 453°K (180°C). The aged spec- 
imens showed yield points above the fracture stress 
at 55°K (which was nof affected by the aging), while 
the unaged yield points stayed below it, resulting in 
the well-known rheotropic embrittlement curve for 
the aged specimens, but not for the unaged speci- 
mens. 
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Fig. 30—Effects of grain size and temperature on the ten- 
sile properties of low-carbon iron with 3.4 pct Ni. 


BRITTLE FRACTURE IN ZINC CRYSTALS 


In a parallel attack on the brittle fracture prob- 
lem we have been working with single crystals of 
zinc.”°-* Stroh** has given us a dislocation model of 
fracture, treating a ‘‘piled-up’’ group of disloca- 
tions on the same or closely adjacent slip planes as 
a Griffith crack, because it is a stress-relaxation 
center, for which the surrounding stress distribu- 
tion has been worked out by Koehler.** This pre- 
dicts a variation of cleavage strength with crystal 
size, given opaque boundaries to serve to block the 
egress of dislocations. Weiner studied the fracture 
stress in the brittle orientations of zinc single crys- 


tals with and without coatings. He observed that in 


fact any solid coating will reduce the fracture stress 
of a zinc single crystal in which the basal plane is 
nearly perpendicular to the tensile axis. Such crys- 
tals are substantially brittle at room temperature. 
The amount of the reduction in fracture strength was 
entirely indépendent of the thickness of the coating, 
or of what it consisted, being the same for electro- 
lytically deposited copper and gold (for which coher- 
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iron with and without subgrains at three low temper- 
atures. 
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ency accommodation stresses with the zinc lattice 
ought to be of opposite sign), electrolytic polycrys- 
talline zinc, and zinc-oxide films produced by heat- 
ing in air. The amount of the reduction was in rea- 
sonable quantitative agreement with what one might 
expect on the basis of Stroh’s theory. A variety of 
experiments were performed involving prestraining 
without the coating, removal of the coating after va- 
rious amounts of straining, and annealing at va- 
rious stages, the results of which may be summa- 
rized by saying that they are consistent with the no- 
tion that the effect is due to the piling up of disloca- 
tions at the coating, rather than any interference 
with their generation. Thus the application of 
Stroh’s theories to the fracture of single crystals 
seems justified. A better quantitative check was ob- 
tained by testing crystals in the other. brittle orien- 


tation, that with the basal plane nearly parallel to 
the tensile axis, in which twinning precedes frac- 
ture. In such crystals we observe the interesting 
anomaly, not previously reported, that the fracture 
stress is raised rather than lowered by the coating. 
After the twinning period there is a period of very 
high rate of strain hardening, which results in frac- 
ture at a stress almost half again as high as the 
twinning stress. Without the coating, fracture oc- 
curs at the twinning stress. In this orientation we 
found the coating to influence drastically the twin 
distribution. Whereas without a coating the twins 
are large and so far apart that the specimen in ef- 
fect remains a single crystal, with a coating the 
twins are smaller and so uniformly distributed that 
the single crystal becomes in effect a polycrystal, 
with the twin boundaries acting as grain boundaries. 
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Fig. 33-Effect of aging and rheotropic behavior of 1020 steel. The 
fracture-stress line from the plot to the right above is shown as 

a dash line in the plot to the left above. For values of prestrain 
characterized by a yield stress higher than the fracture stress the 
retained ductility is practically nil. 
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This effect was confirmed in the other orientation, 
by precompressing the specimen and producing 
twins in it in this way; so treated, the fracture 
stress was raised in subsequent tensile testing. 

The increase in fracture strength produced by 
twinning is in quantitative agreement with what one 
would expect on the basis of Stroh’s theory, in which 
the size of the dislocation pile-up and the stress 
concentration at it is related to the size of the crys- 
tal from which the piled up dislocations are accu- 
mulated, as in Fig. 34. For a given strain, the 
smaller the crystal the smaller the pile-up and the 
larger the stress in accordance with Griffith theory, 
treating the pile-up of dislocations as the initial 
notch. With twinning all of the crystals are in effect 
coated, all would have a lower fracture stress were 
it not for the size effect introduced by twinning. 
These experiments then lead us to believe that Grif- 
fith theory is applicable even to the submicroscopic 
processes that occur in the fracture of single crys- 
tals, as well as to the macroscopic processes that 
occur in our engineering structures, and lead to their 
catastrophic failures. On this note I shall close. 

Iam sorry that I have not been able to present a 
more complete picture of the pertinent facts rela- 
tive to the strength and ductility of our engineering 

_ structures, and the role of the structure of our al- 
loys, but Iam afraid we are still a long way from a 
satisfactory state of understanding; however, I hope 
you will agree that progress is being made. 
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Fig. 34—Fracture stress vs grain size produced by me- 
chanical twinning in zinc single crystals. 
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The Effects of Solid-Solution Alloying on the 
Creep-Rupture Strength of Alpha and Beta Titanium 


lodide-grade titanium, two oxygen alloys, and two aluminum 
alloys were studied by means of creep-rupture tests from 1000° 
to 2000°F. From the test information an evaluation was made of, 
1) the relative creep-rupture strengths of the a (hexagonal-close- 
packed) and B (body-centered-cubic) forms of titanium and ae 
of its alloys; 2) the effects of solid-solution strengthening by oxy- : 
and structures; and 3) the extent L. S. Richardson 
and effect of atmospheric oxygen alloying on rupture life in tests 


above about 1000°F. 


Tue use of titanium alloys at temperatures above 
1000°F has been considered unlikely by most in- 
vestigators because of low creep strength (based on 
a requirement for room-temperature ductility, 
formability, and weldability) and low oxidation re- 
sistance. The results of this testing program do 
not entirely uphold this pessimism in terms of 
strength and oxidation resistance. 

The observations described below are based en- 
tirely on stress-rupture results, although some 
creep tests were also carried out on these alloys. 
Three items of primary importance are covered: 

1) Stress-rupture data in the form of the Larson- 
Miller parameter curves for several titanium al- 
loys at temperatures up to 2000°F; 

2) The relative strengths of the hexagonal-close- 
packed a structure and the body-centered-cubic 6 
_ structure; 

3) The effects of solid-solution alloying on the 
creep-rupture properties of titanium at elevated 
temperatures. 

Only two investigators” have reported the creep- 
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rupture properties of titanium at temperatures 
above 1000°F. Lunsford and Grant” tested iodide 
titanium; their values are also utilized in the paper. 


EXPERIMENTAL PROCEDURE 


After a few tests had been made in a conventional 
creep-rupture test machine, it became clear that 
some sort of atmospheric protection would be neces- 
sary for short-time tests conducted at temperatures 
above 1600°F, or for times greater than 100 hr at 
1200°F or above. Several furnace units and test 
machines were constructed, the most successful of 
which is shown in Fig. 1. Certain experimental dif- 
ficulties peculiar to titanium were encountered; for 
example, the use of molybdenum holders was dic- 
tated because titanium forms low melting-point 
eutectics with conventional high-temperature alloys 
containing appreciable amounts of iron, nickel, or 
cobalt. This same difficulty made the use of 
chromel-alumel thermocouples in direct contact 
with a test specimen impossible, above about 
1500°F. 

The high-temperature high-vacuum furnace 
shown in Fig. 1 was capable of maintaining a 
vacuum of better than 10-° mm of mercury at 
2000°F (pressure measured in cold part of system) 
and 5 X 10-7 mm at room temperature. Most of the 
tests eonducted in vacuum were at temperatures 
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Fig. 1—High-vacuum creep-rupture test machine. 


above 1600°F. 

The temperature of the furnace was continuously 
controlled to about + 1°F by a photoelectrically op- 
erated thyratron circuit. Stresses were produced 
by direct loading and were measured to better than 
1 psi. On fracture, the weights fell and depressed a 
microswitch, automatically shutting off the furnace 
and a test-duration timer. Rupture times were 
measured to an accuracy of 0.01 hr on long-time 
tests and to 0.1 sec on short-time tests. 

Five alloys were tested in this investigation; 
Table I lists the compositions. Alloys 1, 2, and 3 
were prepared to form an interstitial alloy series 
based on oxygen additions, whereas alloys 1, 4, and 
5 formed a substitutional alloy series, based on 
aluminum. 

Clearly, the alloys did not contain the same 
amounts of impurities. In particular, the tungsten 
and iron contents were not alike. These two ele- 
ments are both strong 6 stabilizers, and their in- 
fluence upon the transformation temperature is 
quite pronounced. In the substitutional aluminum 
alloy series, where the amounts of impurities were 
larger, the amount of alloying element was also 
larger, and it was felt that the effect of the im- 
purity elements could largely be ignored in com- 
paring the relative strengths of the a and f struc- 
tures. Nevertheless these impurities would con- 
tribute to the solid-solution strengthening of the 
alloys. In the interstitial alloy series the effect 
of the impurity elements was also neglected because 
the inaccuracy of the oxygen analyses would not al- 
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low good quantitative conclusions as to the amount 
of strengthening. 

The alloys were arc-melted from iodide-process 
titanium by the cold-crucible method, using a 
tungsten electrode. The 2-in. diam ingots were 
forged to approximately /2-in. rods, which were 
then reduced by cold swaging. The cold reduction 
ranged from 40 to 70 pet. 

Test specimens having a gage length of 1 in. and 
a gage diameter of 0.160 in. were machined from 
the five alloys. Alloy 1 was tested after annealing 
for 2 hr at 1600°F in an evacuated Vycor capsule. 
The remaining four alloys were tested either as- 
annealed or in the cold-worked condition; no dif- 
ference in stress-rupture results was found at tem- 
peratures above 1400°F for these two conditions, 
although differences were found at the lower 
temperatures. 


RESULTS 


Due to the large number of tests (over 350) con- 
ducted on five titanium alloys each at eight tempera- 
tures, it was impossible to present the data in the 
more usual form of log-stress vs log-rupture time 
plots since this would require too many figures. 
Instead, it was found that the data could be presented 
conveniently, if not as accurately, by means of the 
Larson and Miller parametric method.* The av- 
eraged results are shown in Figs. 2 and 3 for the 
tests on the five alloys in the a@ and £ regions, 
respectively. 

The use of the values of 13 and 5 as the constants 
in the parameter in Figs. 2 and 3 is purely arbi- 
trary. These two values appeared to give the least 
scatter for each temperature grouping of test points 
(a and 8), and have no other significance. For use 
with Figs. 2 and 3 it is desirable to refer to Table II 
which summarizes the range of rupture-life values 
for each alloy at each test temperature as well as 
the range of ductility (percent elongation) values at 
fracture. With the exception of the 1000°F tests on 
alloy 5, the rupture ductilities were high; these low- 
ductility values were for short-time tests. 

A break in the log stress-log rupture time curves 
was present in all the alloys at 1000°F. The break 
continued to show up in the substitutional alloys 
(4 and 5) up to 1400°F, but disappears in the inter- 
stitial alloys (1, 2, 3) above 1000°F. Fractures 
were transcrystalline in all instances, although 
some intercrystalline cracks were evident at 1000° 
and 1200°F. Alloys 1, 2, and 3 showed recrystal- 
lized microstructures even in the short-time tests 
at 1000° and 1200°F, leading to rapid loss of rupture 
life in the vicinity of the equicohesive break. 


. Table 1. Composition of Experimental Alloys in Wt Pct 


Alloy Fe N H Al W 
1 0.01 0.02 0.005 0.016 0.070 0.05 
2 0.02 0.06 0.008 0.017 0.140 Ns 
3 0.16 0.03 0.020 0.018 0.412 S008 
4 0.05 0.03 0.029 0.020 0.13 >,.0.06 
5 0.11 0.04 0.003 0.024 0.09 5.79 0.33 
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Fig. 2—Larson-Miller plot of rupture strength of alloys 
with structure. 


There was a strong effect of the air atmosphere 
on the rupture life of these alloys as compared to 
vacuum tests. The effect depended on the tempera- 
ture, alloy composition, and time of exposure to the 
atmosphere. Alloy 1, tested at 1400°F and 900 psi, 
should show a rupture life of about 100 hr, based on 
vacuum tests. In an air test creep had almost 
ceased after about 50 hr and the test was discon- 
tinued after 4000 hr. Similarly, alloy 1 at 1600°F 
and 1000 psi had an anticipated life of about 2 hr 
but fractured after 89 hr. Alloy 3, at 1800°F and 
600 psi, with an anticipated life of less than 1 hr 
was discontinued after 300 hr. Fig. 4 shows the 
comparison graphically for alloy 1 at 1900°F. The 
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Fig. 3—Larson-Miller plot of rupture strength of alloys 
with 6 structure. 


effect of the atmosphere is felt in tests lasting 
longer than 0.2 hr at this temperature for a speci- 
men of this size. Fig. 5 shows the effect on alloy 3 
at 1400°F; significant strengthening takes place 
through oxygen solution from the atmosphere after 
about 10 hr. These values of increased rupture life 
are vastly in excess of any chance spread of test 
data as was determined first by the vacuum tests 
and secondly by an extensive statistical experi- 
mental study of the probable spread. 

Fig. 6 is a plot of the stress for rupture in 1 hr 
as a function of the inverse temperature. These 
values were taken from the original log-stress vs 
log-rupture time curves for each alloy, and may not 
agree precisely with the averaged values from the 
Larson-Miller parametric plots in Figs. 2 and 3. 

Fig. 6 shows clearly the distinct drop in strength 
upon change from the close-packed-hexagonal a 
phase to the less closely packed body-centered- 
cubic 8B phase. This behavior had been noted for 
pure titanium’ and other materials (for example, 
ferritic and austenitic steels), and has been con- 
firmed by a study of change in hot hardness with 
temperature by Chubb.* The stress to rupture in 
1 hr for the a alloys ranges from 3 to 7 times as 


Table Il 


Spread of Rupture-Life Values in Hours for Use with Figs. 2 and 3 


Test Temperature —°F 


Alloy 1000 1200 1400 1600 1700 1800 1900 2000 

1 0.2-207 0.02-350 0.05-22 0.02-89 0.02-3.7 0.02-5.2 0.02-5.1 0.02-1 

2 0.02-442 0.04-61 0.02-20 0.05 a 0.11-6.0 0.03-2.8 neces 
3 0.02-346 0.07-38 0.01-180 0.05-12 ¥ 0.01-4.5 0.03-5.3 0.01-3.1 
4 0.01-363 0.02-109 0.02-242 0.02-17 0.13 es 0.03-2.9 0.03-3.2 
5 0.04-221 0.03-177 0.01-139 0.04-25 0.25 0.03-7.7 0.6 -2.5 0.08-0.8 

Spread of Ductility (Elongation) Values for Use with Figs. 1 and 2 

1 46-94 56-103 75-88 47-86 53-108 61-100 56-112 45-105 
2 31-41 61-100 28-95 S s 75-112 80-109 69-111 
3 30-50 38-50 69-86 61-100 2 53-94 108-123 64-114 
4 14-42 25-81 67-88 64-117 92 = 53-92 77-91 

5 2-80 28-48 25-159 52-114 106 39-119 | 119-138 69-80 


Note: heavy line shows approximate transformation region. 
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Fig. 4—Log-stress vs log-rupture time for alloy 1 at 

1900° F, based on tests in air and in vacuum. 


high as for the 6-phase alloys at the same (ex- 
trapolated) temperature (1700°F). 


DISC USSION 


Solid-Solution Alloying— The effects of alloying on 
the fractional increase in stress for a given value 
of the Larson-Miller parameter are shown in Figs. 
7 and 8. It was felt that the averaging effect ob- 
tained through the use of this parameter might be 
a better weighed value than other averaging meth- 
ods (see also Figs. 2 and 3), These curves show 
aluminum to be about twice as effective as oxygen 
as a strengthener. In the a hexagonal-close-packed 
structure, the addition of 1 at. pct of aluminum in- 
creases the strength of titanium by about 50 pct, 
whereas 1 pct of oxygen would only increase the 
strength by about 20 pct. In the 8 body-centered- 
cubic structure, aluminum would increase the 
strength by about 15 pct, compared to an increase 
of about 8 pct for oxygen. While these figures are 
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Fig. 6—Change in 1 hr rupture strength as a function of 
temperature. 
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Fig. 5—Log-stress vs log-rupture time for alloy 3 at 
1400° F, showing oxygen solution strengthening. 


only approximate (especially for oxygen), it is felt 
that the trend is significant, clearly showing that 
substitutional alloying is a more effective strength- 
ener than interstitial, and that the strength of a is 
increased more by alloying than is the strength of B. 

The anomalous results of alloy 2 (0.4 at. pct O) 
are believed due at least in part to errors in anal- 
ysis, although several oxygen analyses by vacuum 
fusion were made on both alloys 1 and 2. (The 
highest oxygen content measured is reported in 
Table I.) On the other hand, there have been in- 
stances of solid-solution weakening reported® at 
high temperatures. 

Effect of Oxidation— Tests were run in air, in 
helium, and in vacuum. Fig. 9 shows two creep 
tests made at the same temperature (1600°F) and 
the same stress, the only difference being the at- 
mosphere. The test made in air had stopped ex- 
tending completely after 80 hr whereas the test 
made in vacuum was still undergoing creep after 


200 hr. This latter test was run in a relatively 


poor vacuum of 10-* mm of mercury and also 
eventually ceased to creep, but only after much 
greater deformation and time. Tests run in vacuum 
of better than 107° mm of mercury did not show 

this effect for periods up to 1000 hr. These tests 
indicated that the exposure to air had strengthened 
the titanium. Stress-rupture tests showed the same 
effect in a somewhat different fashion. Figs. 4 and 

5 show tests in air that lasted for far greater than 
the predicted lives under test conditions which are 
dependent upon the alloy and test temperature. This 
‘‘overlife’’ was at first attributed to the formation 
of oxide, but when tests were made in vacuum this 
effect was found in the absence of an oxide layer. 
The effect is therefore attributed to diffusion of 
oxygen into the specimen, and to the resultant in- 
crease in the strength because of the increased alloy 
content. Since £ titanium is not strengthened as 
greatly as a by the addition of oxygen, the effect was 
not as severe as had been originally expected at 


0.75 T T 

increase in stress 4 a-HCP = 
for a given Larson- 2 x 
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- 
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temperatures where the £8 phase is stable. Further- 
more, the oxidation-strengthening effect is strongly 
dependent upon the initial strength of the material, 
becoming appreciable at much shorter times for the 
weaker alloys. Calculations of the time necessary 
to diffuse enough oxygen to increase the strength 
noticeably, based on the diffusion data of Kehl and 
Wasilewsky,’ showed reasonable agreement with the 
experimental results (Table III). These calculated 
values are dependent upon specimen size (0.160 in. 
diam for the results shown here) in the usual para- 
bolic manner. 

Strength of Hexagonal Vs Body-Centered-Cubic 
Phase—It is apparent from Fig. 6 that a hexagonal- 
close-packed titanium is markedly stronger than 
8 body-centered-cubic titanium. Chubb* has shown 
that a more closely packed structure (i.e., face- 
centered-cubic or hexagonal-close-packed) has 
greater hot hardness than a less closely packed 
structure (i.e., body-centered-cubic). Thus it is 
not unexpected that the hexagonal-close-packed a 
is stronger than the body-centered-cubic 8. Extra- 
polation of the strength data to 1620°F, the trans- 
formation temperature of pure titanium, indicates 
that a sustains 3 times the stress for rupture in 
1 hr as does 8. The rate of decrease in strength 
is also slightly less in 6 than in @ with increase in 
temperature. This implies that the difference in 
strength between an a alloy and a £ alloy will be 
even greater below the transformation temperature. 
At the same time, the improvement in strength due 
to solid-solution alloying is more than twice as 
large in a as itis in 8. The use of a titanium as a 
base for high-temperature alloys would thus seem 
preferable to the use of 8 since the initial strength 
is higher and the effect of alloying is greater. The 
lack of many a stabilizers calls for more careful 
studies of complex alloying with both a and £ sta- 
bilizers which will still give an all a structure. 

Oxidation does not seem to be as great a problem 
from the high-temperature strength viewpoint as 
was once thought; in fact, the problem is one of 
strengthening without serious loss of hot ductility 
but with loss of room-temperature ductility. Hard- 
ness tests of the cross section of test specimens 
which failed in short-time tests (less than about 
2 hr) in the 8 temperature range showed a very 
steep, shallow oxygen gradient which did not de- 
crease the room-temperature ductility of the test 
specimen. 
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Fig. 9—Effect of atmosphere on creep. Both tests eventu- 
ally stopped creeping. Alloy 4, 1600°F, 2300 psi. 


Test specimens with a significant overlife (for 
example, alloy 1 at 1400°F, with anticipated life of 
50 hr and discontinued after 4000 hr), had some 
residual room-temperature bend ductility but 
probably less than 1 or 2 pct tensile elongation. 
There seems little doubt, based, however, on only 
a few tests, that in any of the overlife tests the 
room-temperature ductility will be poor, becoming 
progressively worse with increasing overlife. It 
should be noted in Table III that increasing alumi- 
num improves the resistance of titanium against 
oxygen solution from the atmosphere at 1200° and 
1400°F. 


SUMMARY 


1) The rupture properties of five simple binary 
titanium alloys have been investigated. 

2) The rupture strength of the hexagonal-close- 
packed a structure is significantly greater than that 
of the body-centered-cubic £, both in pure and in 
alloyed titanium (titanium-oxygen and titanium- 
aluminum). 

3) @ (hexagonal-close-packed) titanium is 


Table Ill. Calculated and Measured Times (Hours) te Result in a 
Large Overlife for Each Alloy at 1200° and 1400°F 


A. Calculated 


Alloy 
Temp °F 1 Da a 3 4 5 
1200 >10 < 100 > 100 > 1000 > 1000 
1400 >5 S25) >5 >30 < 100 
B. Measured 
1200 >10 > 100 > 1000 > 1000 > 1000 
1400 <5 _ <20 < 40 < 400 
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strengthened more rapidly than 8 (body-centered- 
cubic) by solid-solution alloying with aluminum. 

4) On an atomic percent basis, aluminum is more 
effective than oxygen in strengthening titanium. 

°) The rupture life and creep resistance of a ti- 
tanium are increased by oxygen contamination above 
about 1200°F, the amount of increase being depend- 
ent on the cross section of the material. 
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Microstructural Changes in a 42 Pct Ni,30 Pct 
Cr,26 Pct Fe Alloy during Creep-Rupture Testing 


A study of microstructural characteristics of a 30 pct Cr, 


42 pct Ni, 26 pet Fe alloy has been correlated with its behavior 
in creep and rupture tests at 1400°, 1600°, and 1800°F. Nitrogen 


R. J. Raudebaugh 


pickup observed at 1600° and 1800°F was associated with fissur- 


ing of specimens prior to fracture. 


In studying the high-temperature characteristics 
of a nominally 30 pct Cr, 42 pct Ni, 26 pct Fe alloy 
certain anomalies were observed, namely: 

The alloy had greater stress rupture and creep 
strength at 1800° than at 1600°F for time periods 
beyond 550 hr. 

As placed in test, this alloy was nonmagnetic. 
After test, some specimens were found to be fairly 
magnetic. The gain observed in magnetic response 
was not solely a function of time and temperature 
of testing. 

This is a report of the observations and a re- 
counting of the results of studies made in an attempt 
to explain the behavior of the material under in- 
vestigation. 


MATERIAL AND PROCEDURE 


All test material was taken from a production 
size heat of an experimental alloy melted and proc- 
essed using commercial practice and having the 
following percentage composition: 


Cc re Cr Ni Ti 


0.05 25.83 30.13 41.59 0.41 


R. J. RAUDEBAUGH, Member AIME, and E. P. SADOWSKI are asso- 
ciated with the Research Laboratory, International Nickel Co., Inc., 


Bayonne, N. J. 
Manuscript submitted January 13, 1958. IMD. 
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Al Mn Si S Cu 


0.42 0.75 0.45 0.011 0.34 


The material was tested in two conditions, namely 
mill-annealed and grain-coarsened. Mill annealing, 
which consisted of heating to about 1900°F in a con- 
tinuous furnace for about 30 min and air cooling, 
gave a grain size of ASTM 8 and finer. To produce 
the grain-coarsened condition, mill-annealed mate- 
rial was soaked for 2 hr at 2050°F in a laboratory 
furnace and air cooled. This resulted in an ASTM 
grain size of 4 to 5. 

Rupture tests were carried out at 1400, 1600, and 
1800°F in accordance with ASTM procedures. In 
tests where only rupture life and elongation at frac- 
ture were determined, specimens of 0.252 in. diam 
and 1 in. gage length were used. In tests where 
creep curves were obtained, specimens were of 
0.375 in. diam and 4 in. gage length. Several of the 
tests under relatively low stress were discontinued 
short of rupture. Three low-stress tests are still 
in progress at this writing. 

Structural changes which occurred during testing 
were determined from examination of the tested 
specimens by light microscopy and X-ray diffrac- 
tion. Diffraction pattern recordings were made 
with a diffractometer using copper radiation on 
samples heavily etched in a picric-hydrochloric 
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Table |. Stress-Rupture Properties of a 42 Pct Ni-30 Pct Cr-26 Pct Fe Alloy 


Test Stress, Rupture Pet Elongation 

Condition Temp, °F Psi Life, Hr in 1In. Pct RA 
MA* 1400 9400 23 68.0 Be 
MA* 1400 4400 516 114.0 oe 
MA* 1400 3000 1248 172.0 . 
MA* 1400 1000 In test 18,975 = ae 
MA* 1600 3500 24 174.0 ee 
MA* 1600 2500 61 193.0 ee 
MA* 1600 1500 384 198.0 
MA* 1600 1000 3785 172.0 in 4 in. ie 
MA* 1800 2000 97 96.0 a 
MA* 1800 1500 247 51.0 a 
MA* 1800 1250 1627 56.0 z 
MA* 1800 1000 In test 13,650 = a7 
CG* 1400 12,500 115 50.0 Bee 
CGs 1400 10,000 534 52.0 
CG* 1400 8700 1301 36.0 : 5 
CG* 1400 7000 6025 **6.0 in 4 in, 20.0 
CG* 1600 6500 38 58.0 35.5 
CG* 1600 5000 297 45.0 PUES 
CG* 1600 4000 1167 36.0 10.5 
CcG* 1600 3000 6101 40.0 12.0 
CG* 1800 3000 82 63.0 32.0 
CG* 1800 2000 1009 40.0 L725 
CG* 1800 1500 2078 63.0 15.0 
CaG* 1800 1000 In test 23,000 ~- a 


*Condition — MA — As mill annealed. 
CG — Grain coarsened-2050°F, 2 hr, air cooled. 
**Fractured near punch mark. 


acid mixture and also on residues electrolytically 
extracted from samples. Various electrolytes were 
tried for extraction, best results being obtained 
with an aqueous solution of NaCl. In an attempt to 
identify a prominent constituent in situ, one speci- 
men was subjected to micro-beam analysis on the 
Naval Research Laboratory’s micro-probe analyzer 
by L. S. Birks of that organization. 

Nitrogen determinations on specimens after test 
were made adjacent to fracture or from the mid- 
gage length in those cases where tests were dis- 
continued prior to fracture. 


RESULTS OF RUPTURE TESTS 


Conventional log stress-log time and Larson- 
Miller plots of the rupture data, Table I, are shown 


in Figs. 1 and 2. Data for specimens still in test 
at this writing are included. On the Larson-Miller 
plot, Fig. 2, for tests on the grain-coarsened mate- 
rial, a good correlation was obtained. This was 
particularly true for the 1400° and 1600°F data. 

In the Larson-Miller parameter, T is the test tem- 
perature in degrees Rankine and ¢, the rupture 

life in hours. 

The mill-annealed material reacted quite differ- 
ently when tested above 1400°F. The stress-rupture 
plots at 1600°F, and to a more marked degree at 
1800°F, exhibit decreasing slopes as time to rupture 
increases (test stress decreases) and, in fact, in- 
tersect at approximately 550 hr. Beyond this time 
period the alloy has greater rupture strength at 
1800°F than at 1600°F. For example, a rupture 
test on mill-annealed material under a stress of 


T T 


20 
lok 
° Fig. 1-Stress-rupture lines of a 42 
| Rice ee pet Ni-30 pet Cr-26 pct Fe alloy. 
CODE in Teste 
——MILL ANNEALED 
—— GRAIN COARSENED =] 
Ir A 1400°F 4 
1600°F 
© 1800°F 
10 102 103 104 105 
Rupture life (Hours) 


24-VOLUME 215, FEBRUARY 1959 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


50 


— 
CODE 
“| —Grain Coarsened 
—-— Mill Annealed 
a 
0 1600°F 
+o 1800°F 
4 
Ne 
40 44 48 52 56 


[T(20 + Log t) x10-3] 
Fig. 2—Stress vs Larson-Miller parameter. 


Rupture Time — Temp. Parameter 


1000 psi is still in progress at 1800°F after 13,700 

hr whereas at 1600°F rupture occurred in 3785 hr 

in another such specimen under this same stress. 

The following creep data confirm this reversal in 
strength at 1600° and 1800°F: 


Test Conditions Minimum Creep Rate Total Strain 


1600°F—250 psi 0.000096 pct per hr 1.375 pet in 
10,014 hr 
1800°F—250 psi 0.000024 pct per hr 0.32 pct in 
a 9880 hr 


The Larson-Miller plot, Fig. 2, reflects the dif- 
ference in behavior of the material in the mill- 
annealed and in the grain-coarsened conditions 
where data for the former are seen to plot on three 
temperature-dependent segments rather than on a 
single line. 


STRUCTURAL CHARACTERISTICS AND CHANGES 


Due to the unusual behavior of the alloy when 
tested in the mill-annealed condition, an extensive 
examination was made of the structural changes 
occurring in this material with time at temperature 
under stress. Only a limited examination was made 
of the material in the grain-coarsened condition. 


Fig. 4—As milled annealed. Dark particles are chromium 
carbide. Electrolytic nital etch. X500. 
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Fig. 3—The nickel-rich corner of the Ni-Cr-Fe ternary 
diagram. 


Observation of the mill-annealed material prior 
to test revealed a uniformly fine equiaxed grain 
structure and considerable fine globular constituent, 
predominantly intergranular, identified as chromium 
carbide by X-ray diffraction, see Fig. 4. The labo- 
ratory anneal at 2050°F resulted in grain growth 
and fairly complete dissolution of the intergranular 
carbide constituent, Fig. 5. Some particles of a 
clear angular constituent, predominantly within the 
grains, remained undissolved after the 2050°F an- 
neal and may be seen in this figure. This unidenti- 
fied phase was present, unchanged, in all specimens 


examined in this investigation, see also Figs. 7 and 9. 
It should not be confused with the angular form of 

a@ prime which developed in test at 1400° and 1600°F 
as discussed below. 

Mill-annealed material in test for as little as 20 
hr at 1400° and 1600°F developed angular constitu- 
ent particles in grain boundaries and at junctions of 
grains and acicular particles within the grains, 
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Fig. 5—As grain coarsened. Light particles are unidenti- 
fied constituent. Glyceregia etch. X500. 
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angular a prime in grain boundaries and acicular a prime 
within grains. Electrolytic H,SO, etch. X500. 


Fig. 6. Since etching characteristics of the acicular 
and angular particles were similar and since dif- 
fraction studies revealed a pattern for only one 
phase in addition to the matrix, it has been assumed 
that they are different forms of one phase. Further- 
more, with increasing time at 1400° and 1600°F, 
the acicular form gradually dissolved (was com- 
pletely absent after 10,000 hr at 1600°F) and the 
blocky, sharply angular form increased in size, 
compare Figs. 6 and 8. 

Both forms of this constituent were clearly out- 
lined but not stained or attacked when etched elec- 
trolytically in 5 pct nital or sulfuric acid, Figs. 

6 and 8. In glyceregia, particles were delineated 
within 15 sec and attacked on continued etching as 
shown by the very dark particles of Fig. 7. Al- 
though not illustrated, it was found that this con- 
stituent, as outlined by electrolytic etching, darkened 
when subsequently etched in Murakami’s reagent. 

X-ray diffraction of a number of specimens, 
etched suitably for microscopically revealing the 
above-described phase, resulted in a weak body- 
centered-cubic pattern superimposed on. the 
stronger face-centered-cubic pattern of the matrix. 
The body-centered-cubic pattern became more in- 


Fig. 8—Mill annealed; in test 10,014 hr at 1600°F. Shows 
re-solution of acicular a prime; growth of angular a 
prime and some grain growth. Electrolytic nital etch. 
X500. 
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Fig. 7—Same sample as Fig. 6. Dark acicular and sharply 
angular particles are a prime. Light particles are the 
unidentified constituent. Glyceregia etch. X500. 


tense when the specimens were deeply etched (24 hr) 
in picric-hydrochloric mixed acids which preferen- 
tially dissolved the matrix and enriched the surface 
in the less soluble constituent. 

Using the specimen whose structure is typified in 
Fig. 8, where the acicular form of the constituent 
had disappeared and the blocky angular form had 
grown to prominent size, a check for magnetic re- 
sponse and a diffraction study were made on the 
minor phase as extracted electrolytically with 
aqueous NaCl. The extracted material was non- 
magnetic and gave the diffraction pattern described 
in Table II. From this data the lattice parameter of 
the constituent was determined as 2.878A. This is 
in agreement with that found by others’? for a 
prime; the nonmagnetic, high-chromium, body- 
centered-cubic ferrite of the iron-chromium-nickel 
system. 

To ascertain that this body-centered-cubic con- 
stituent was rich in chromium, a second piece ad- 
jacent to that on which the extraction had been made, 
was mounted, polished, etched, and subjected to 
micro-beam analysis by L. S. Birks of the Naval 
Research Laboratories. In this way a composition 
of 70 pct Cr (minimum) was established for this 
sharply angular constituent shown in Fig. 8. This 
is in good agreement with the work of Fisher and 
associates” and further identifies this constituent 
as prime. 

Alpha prime did not form at 1800°F. Based on 
the equilibrium boundary between the y and y plus 


Table Il. Diffraction Pattern Obtained on Residue from Sample 
Exposed 10,014 Hr at 1600°F-NaCl Electrolytic 
Extraction-Copper Radiation 


Sample hkl hkl 
dinA fce bec 
2.074 111 
2.043 110 
1.796 200 
1.439 200 
1.268 220 
1.176 
1.082 Sit 
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Fig. 9—Mill annealed; in test 97 hr at 1800°F. Light par- 
ticles are the unidentified constituent which does not 
darken in glyceregia. Note grain growth. Electrolytic 
nital etch. X500. 


@ prime regions of the iron-chromium-nickel sys- 
tem at 1475 (solid lines) and 2010°F (dash line) it 
is reasonable to expect that the alloy under study 
would consist of single-phase y at 1800°F and two- 
phase y plus a prime at 1400° and 1600°F, see 
Fig. 3.° 

In addition to the changes previously noted con- 
cerning a@ prime, slight grain growth was encoun- 
tered in the mill-annealed material in test at 1600°F 
for long periods of time, compare Figs. 4 and 8. 
Considerably more grain growth was encountered at 
1800°F, Fig. 9, and there was a gradual and ulti- 
mately complete dissolution of the carbide phase 
and a resultant increased resistance to etching. 

A further microstructural change noted in certain 
1600° and 1800°F tested specimens of this alloy, 
particularly near fracture, was that which is typi- 
cally portrayed in Figs. 10 and 11. X-ray diffrac- 
tion of several such samples, heavily etched in 
picric-hydrochloric acid, definitely established the 
presence of Cr,N, Table III. The pickup of nitro- 


gen (found by chemical analysis to be in excess of 
2 pet in some cases) resulted in a gain in magnetic 
response of the material. The nitrogen pickup and 


Fig. 10—Edge of cross section of mill-annealed specimen 
after 1627 hr at 1800°F. Shows excessive cracking and 
large amount of Cr,N. Sample had 2.10 pet N pickup and 
was magnetic. Glyceregia etch. X100. 
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Fig. 11—Same specimen as Fig. 10. Area near fracture 
showing Cr2N at higher magnification. Glyceregia etch. 
X500. 


associated gain in magnetism were not a function of 
test duration or test temperature alone, Table IV. 


DISC USSION 


At the 1600°F test temperature, the decrease in 
slope with time of the log stress-log rupture life 
plot for mill-annealed material, Fig. 1, is associ- 
ated with a slight growth of matrix grains, a dis- 
appearance of the acicular form, and a growth of 
the angular blocky form of a prime. The more 
pronounced decrease in slope of the plot for the 
mill-annealed material at 1800°F is due, at least 
in part, to appreciable grain growth. The high 
chromium conterit single-phase condition of the al- 
loy prevailing under the 1800°F test condition has 
long-time rupture strength greater than that of the 
finer grained, two-phase structure at 1600°F and 
approaches the properties of the material which was 
given a grain coarsening anneal at 2050°F prior to 
testing. 

Regarding nitrogen absorption, Smith and others*° 
in their work on stainless steel showed that it was 
affected by the amount of plastic deformation in the 
specimen, more being picked up adjacent to fracture 


Table III. X-Ray Diffraction Pattern of Mill-Annealed Material 
after 3785 Hr at 1600°F = Etched 24 Hr in Picric-Hydrochloric 
Acid Mixture — Copper Radiation 


Sample Intensity Cr,N4 Intensity 
din Observed? din A Observed4 
3.04 m- 
2.399 mw 2.396 m+ 
2.242 mw 2.236 m+ 
2.116 vs 2.114 S+ 
2.006* vs 
1.790* vs - 
1.638 mw 1.635 s 
1.388 mw 1.385 s 
1.269 mw 1.265 s 
1.264* vs 
1.199 s 
1.178 s 
1.158 s 
*fcc metal 


‘Intensity code — mw — medium weak; 
vs —very strong 
s —strong 

4Ref. 4. 
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Table IV. Magnetic Behavior as Affected by Nitrogen Pickup of Test Specimens 


Test Conditions 


Temp Stress Duration Pct Nitrogen - 
Condition °F Psi Hr Pickup Cr2N4 Magnetism Fracture 
23 - No Nonmagnetic Yes 
1248 No Nonmagnetic Yes 
1600 2500 61 0.15 Yes Very slightly Yes 
magnetic 
1600 500 1309 nil No Nonmagnetic No 
1600 1000 3785 2.07 Yes Magnetic — Yes 
1600 250 10,014 0.010 No Nonmagnetic No 
1800 2000 97 0.62 Yes Slightly Yes 
magnetic 
1800 1500 247 0.09¢ around Nonmagnetic Yes 
cracks only 
1800 1250 1627 2.10 Yes Magnetic Yes 
1800 250 9881 0.017 No Nonmagnetic No 
CG 1400 8700 1301 - No Nonmagnetic Yes 
1400 7000 6025 - No Nonmagnetic Yes 
1600 5000 297 - around Very slightly Yes 
cracks only magnetic 
1600 4000 1167 - Yes Slightly Yes 
magnetic 
1600 2000 2329 0.005 No Nonmagnetic No 
1600 3000 6101 Dill Yes Magnetic Yes 
1800 3000 82 nil Small Very slightly Yes 
amount magnetic 
1800 2000. 1009 1.42 Yes Magnetic Yes 
1800 1500 2078 1.80 Yes Magnetic Yes 


@CroN as observed with light microscope. 


bFracture column refers to whether specimen was tested to failure or discontinued before fracture occurred. 
cSample for nitrogen analysis taken at some distance away from rather than adjacent to fracture. 


than in the shoulder. The nitrogen pickup encoun- 
tered at 1600° and 1800°F in this present work was 
also a function of strain, or more specifically, of 
fissuring of the specimen. That it is not a function 
of time at temperature alone may be seen from the 
data of Table IV. Referring to mill-annealed mate- 
rial, for example, under a stress of 250 psi at 
1600° and 1800°F, little nitrogen pickup was encoun- 
tered in about 10,000 hr. These specimens did not 
fracture or develop deep fissures in test, see 

Fig. 12. Ata stress of 1000 psi at 1600° or 1250 
psi at 1800°F, samples which fractured in about 
4000 and 1600 hr, respectively, and which exhibited 
considerable fissuring along the gage length prior 


Fig. 12— —Edge of cross section of mill- specimen. 
Test discontinued after 10,014 hr at 1600°F. Sample 
showed little cracking. 0.010 pct N pickup-nonmagnetic 
Glyceregia etch. X100. 


28-VOLUME 215, FEBRUARY 1959 


to fracture, had a nitrogen content in excess of 2 pct 
near fracture, see Fig. 10. The tendency for the 
early stages of nitrogen pickup and the formation of 
Cr.N to follow fissures is shown in Fig. 13. There 
is also some evidence, as shown in Fig. 14, that for 
equivalent times at 1800°F the pickup of nitrogen 
was greater in mill-annealed than in grain- 
coarsened material, all analyses plotted having been 
made adjacent to fractures. 

Referring to the following data for 10,000 hr tests, 
it is apparent that the superior creep strength of the 
mill-annealed material at 1800°F as compared to 
1600°F is not associated with nitrogen pickup: 


Fig. 13—Some nitrogen aaa after 297 hr at 1600°F. 
Shows Cr2N adjacent to crack extending in from surface 
of specimen near fracture. Dark acicular particles are 
a prime. Grain-coarsened material. Glyceregia etch. 
X500. 
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Test Conditions Creep Rate after Test 3) One constituent which is present in all condi- 
1600°F at 0.000096 pct 0.010 pet tions of this alloy remained unidentified. It is not 
250 psi eae believed that it plays any part in the reversal in 
1800°F at 0.000024 pet 0.017 pet 
250 psi pecs amount of nitrogen pickup from the at- 


It was observed, Table IV, that in every case 
where appreciable Cr,N formed the alloy became 
magnetic, at least to some extent. It is believed that 
magnetic change is brought about by loss of chro- 
mium from solid solution to form Cr,N leaving a 
nickel-rich magnetic matrix. 


SUMMARY AND CONCLUSIONS 


Major microstructural changes which occurred 
during creep-rupture testing of a 30 pct Cr, 42 pct 
Ni, 26 pct Fe alloy at 1400°, 1600°, and 1800°F were 
studied by means of the light microscope and X-ray 
diffraction. The structural changes observed and 
their effects on the stress-rupture properties of the 
alloy at 1600° and 1800°F in the mill-annealed con- 
dition were as follows: 

1) Alpha prime, the nonmagnetic, high-chromium 
body-centered-cubic ferrite formed after very short 
times at 1400° and 1600°F. It did not form at 
1800°F. The phase first appeared in acicular form 
within the grain and as blocky, sharply angular par- 
ticles at grain boundaries and at grain boundary 
junctions. The acicular form gradually went into 
solution with increasing time at test temperature 
and a simultaneous growth of the sharply angular 
form of a prime was noted. The decreasing slope 
of the log stress-log rupture time plot at 1600°F 
is believed to be due to the re-solution of the 
acicular form of a prime which homogenized the 
matrix relative to chromium. Grain growth was 
very slight at 1600°F but may have contributed some 
to the decreasing stress-rupture life plot. 

2) The greater rupture strength at 1800°F than at 
1600°F after about 550 hr is thought to be attribut- 
able in part to the relatively rapid grain coarsening 
encountered at 1800°F and also to the fact that at 
this temperature the alloy consists of a single phase, 
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mosphere during the course of testing is related 
not only to the time and temperature of exposure 
but also to the number of entry sites for the nitro- 
gen. The source of nitrogen entry may be cracks 
or fissures formed in the progress of the test or 
possibly more grain boundary entries such as in 

a fine-grained condition as opposed to a coarser- 
grained condition. 

50) Magnetic change (from nonmagnetic to mag- 
netic) is related to the amount of Cr,N formed. It 
is believed that the magnetic change is brought about 
by depletion of chromium from the matrix to form 
Cr2N leaying a nickel-rich magnetic solid solution. 
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Surface Tension and Contact Angles in 


Some 


Liquid Metal-Solid Ceramic Systems at 


Elevated Temperatures 


Surface tension and its temperature dependence have been 
determined for pure liquid Fe, Cu, Co, Ni, and Sn and for Fe-C, 
Co-C, and Ni-C alloys. The temperature coefficient of surface 
tension is negative for all these liquids. The surface tension 
and wetting behavior of tin and tin-titanium alloys on Al,O,, 
MoSi, , and SiC, as well as the behavior of titanium - 
containing nickel alloys on Al203 have been determined over a 


wide temperature range. For all the solids investigated titanium 
additions markedly lower the contact angle. Some limits for the 


B. C. Allen 


solid-surface energies have been calculated from liquid surface 


tension and wetting behavior. 


SuRFACE tension and interface energy are impor- 
tant variables in a number of metallurgical and 
ceramic phenomena, and have been discussed at 
some length in connection with determining micro- 
structure of polyphase systems,’ solid-state sinter- 
ing,’ thermal etching of grain boundaries, * heats of 
solution and fine powders, * grain-growth phenom- 
ena,” the mechanical behavior of fine foils and 
fibers,° nucleation,’ soldering and brazing,® and 
other phenomena of academic or practical interest.° 
However, until recently few quantitative data have 
been available for high-temperature systems. 
Among available data are some indicating positive 
temperature coefficients for the surface tension of 
liquid copper, cast iron,’ and iron-carbon™ 
alloys. Although carbon was found to be not surface 
active in iron at 1570°C,*° some preliminary studies 
had indicated the possibility of a positive tempera- 
ture coefficient for the eutectic composition at 
lower temperatures.** One part of the present study 
has been largely concerned with determining the 
temperature coefficient of surface tension for sev- 
eral metals at elevated temperatures. 

In addition to surface-tension studies, the wetting 
behavior of alloys containing titanium has been in- 
vestigated over a wide temperature range. Previ- 
ous measurements indicated that titanium was 
selectively adsorbed from nickel at a liquid nickel- 
solid alumina interface,” and the use of titanium 
hydride or titanium-alloy techniques for metal- 
ceramic soldering is well known. In the present 
study, previous data have been extended to new al- 
loy systems, and measurements have been carried 
out with other oxidation-resistant ceramics. 
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EXPERIMENTAL 

The sessile-drop method’ was employed to 
measure liquid surface tension and contact angle 
between liquid and solid, utilizing apparatus and 
techniques which have been described previously.” 
The shape of a sessile drop depends on equilibrium 
between forces of surface tension tending to form a 
spherical surface of minimum area and forces of 
gravity tending to flatten the drop. Typical sessile 
drops are shown in Fig. 1. From precise measure- 
ments of maximum drop diameter and drop height 
the surface tension and drop volume were calculated. 

Four solid materials were employed as supporting 
plaques for the liquid-metal drops. Aluminum oxide 
(99.9 pct, J. T. Baker, reagent grade) was pressed 
and sintered at 1800°C. Molybdenum-disilicide 
powder (99.0 pct, Electro Metallurgical Co.) was 
pressed and sintered at 1650°C. Plaques were cut 
from silicon carbide (99.4 pct, hot-pressed at Alfred 
University) and silicon nitride (95.1 pct, with Al, Fe, 
O as major impurities, Norton Co.) rods. All plaques 
were polished, cleaned, and dried prior to use. 

A number of metals and alloys were employed. 
Chemical analyses of vacuum-melted ingots of iron, 
nickel, cobalt (National Research Corp.), commer- 
cial nickel-base alloys, electrolytic copper (Inter- 
national Smelting and Refining Co.), and tin (Mal- 
linckrodt Chemical Works) are given in Table I, 
Alloys were prepared in the laboratory by vacuum 
melting the base metal with either titanium hydride 
(Metal Hydrides, Inc.) or spectroscopic-grade car- 
bon (National Carbon Corp.), Nickel-titanium alloys 
contained between 0.001 and 0.005 pct oxygen and 
the ferromagnetic metal-carbon alloys contained 
0.001 pet. Cylindrical metal specimens (1 to 2.5 g) 
were machined and bevelled at the bottom to insure 
a uniform advancing contact angle on melting, Be- 
fore use the samples were acid-etched, cleaned with 
acetone, and rinsed in petrol ether. 
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(2) Sessile drop of cobalt on alumina at 1500°C with a sur- 
face tension of 170 dynes per cm. Emitted light. X8.5. Re- 
duced approximately 19 pct for reproduction. 


(b) Sessile drop of tin on alumina at 1100°C with a surface 
tension of 445 dynes per cm. Emitted light. X8.5. Reduced 
approximately 19 pct for reproduction. 


Fig. 1—Photograph of sessile-drop profiles. 


The metal sample and supporting plaque were 
placed together in the furnace. All handling was 
done with tweezers to avoid contamination. The 
upper surface of the plaque was levelled carefully 
before the furnace was closed. After the furnace 
was outgassed at red heat, experimental runs were 
made in a purified atmosphere (N,, H2, or He at 
0.5 atm) or vacuum (0.01 1). Determination of 
contact angles was carried out starting at the lower 
temperatures and continued only during the initial 
heating cycle to avoid irreversible hysteresis ef- 
fects which occur on cooling. Surface tension was 
determined on both heating and cooling. At each 
temperature the drop was given sufficient time 
(up to % hr) to attain equilibrium before photo- 
graphs were taken. After the run the drop and 
plaque were reweighed. Density determinations 
were made for iron, nickel, and cobalt by measur- 


ing the drop weight and calculating its volume.” 
Available literature data were used for the densities 
of liquid copper”’ and tin.”” Liquid-metal densities 
used in subsequent calculations are shown in Fig, 2. 
Allowing for uncertainties in density, the maximum 
deviation in surface-tension calculations was be- 
tween 1 and 4 pct.. 


RESULTS AND DISCUSSION 


Surface Tension—Surface tension is determined 
directly from the drop shape.’ Measurements were 
carried out over a wide temperature range for liquid 
tin and liquid copper as shown in Figs. 3 and 4. Be- 
tween 800° and 1200°C, additions of up to 3.27 pct 
titanium to the tin had no measurable effect on the 
surface tension. This is to be expected since vari- 
ous empirical correlations””* indicate that titanium 


Table 1. Chemical Analysis of Metals Used 


Superior Inconel 
Iron Nickel Cobalt M 252 Waspaloy X 550 Inco 700 Copper Tin 

Iron Bal. 0.025 0.1 0.84 0.75 6.68 0.38 0.0011 <0.005 
Nickel 0.05 Bal. 0.3 54.8 Soro 72.39 44.99 0.0009 = 
Cobalt - = Bal. 9.6 14.1 - 30.73 = = 
Chromium Trace - - 19.7 19.7 15.15 15.05 = - 
Manganese Nil - 0.08 1.0 0.30 0.70 0.05 - - 
Aluminum 0.002 0.001 0.002 1.04 1.39 1.17 3.02 - - 
Molybdenum 0.01 9.9 4.2 - 3.22 = 
Copper 0.01 0.002 - - <0.1 0.04 0.02 Bal <0.001 
Magnesium ~ 0.01 0.001 - <0.01 - - - = 
Titanium - 0.003 - 2.50 2.19 0.0003 <0.0002 

= - - - 0.97 - - 
ag <0.01 - - - - - - 0.0007 <0.005 
Tin <0.004 - - = - - - - Bal. 
Arsenic =- - - - = - - 0.0004 <0.0001 
Silicon 0.04 0.009 - 0.53 0.49 0.33 0.19 = 0.001 
Carbon 0.005 0.004 0.001 0.12 0.09 0.04 0.13 - = 
Phosphorus 0.002 - - - - - - - - 
Oxygen 0.010 0.0043 0.001 - - - - 0.001 = 
Sulfur 0.005 0.003 0.002 0.004 0.006 0.007 0.007 = = 
Nitrogen 0.00089 0.000042 0.0002 0.01 0.01 0.01 0.015 Nil = 
Hydrogen - 0.0001 - - Nil 
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Fig. 2—Density of liquid metals. 


has a substantially higher surface tension than tin, 
and consequently small additions should have little 
effect. Results of other studies** *° are in good 
agreement for liquid tin; dy/dT was found to have 

a normal negative value of -0.176 dyne cm™’ per °C, 

For copper the initial heating cycle gave a rise in 
surface tension with temperature similar to early 
data reported in the literature.” 1%” Results of 
equilibrium data are in reasonable agreement with 
the results of Baes and Kellogg,” Livey and 
Murray, * and Kozakevitch, Urbain, and Sage”® as 
shown in Fig. 4. dy/dT for liquid copper has a 
normal negative value of —0.306 dyne cm™* per °C. 
Positive temperature coefficients previously re- 
ported in the literature are believed caused by 
small amounts of impurities. The latter give rise 
to a positive temperature coefficient when they are 
surface active and are desorbed as the temperature 
is increased, 

If the surface-tension data for liquid copper and 
for liquid tin are extrapolated to the melting point 
they can be compared to data for the solid surface 
energy. The difference in surface energy between 
solid and liquid copper at the melting point is 370 
ergs per sq cm. For tin the difference is 80 ergs 
per sqcm. These results are in reasonable agree- 
ment with values calculated from the relation® 
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Fig. 3—Surface tension of liquid tin. 
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AR 
[1] 


where Hy is the latent heat of fusion per atom and A 
is the area per atom in the surface. For copper the 
calculated value of Ay is 380 erg cm™~* (for the 111 
plane). For tin calculated values for Ay are 128 
erg cm” (100 plane) and 35 erg cm~* (001 plane). 

For the Fe-C, Ni-C, and Co-C compositions, sub- 
stantial irreversible increases in surface tension 
were observed during initial heating. Typical data 
for an iron-carbon alloy are shown in Fig. 5. In 
helium, the observed surface tension at melting was 
1550 dyne cm7’*; on heating, the surface tension in- 
creased to a value of 1720 dyne cm~’* at 1570°C and 
then on subsequent heating decreased to 1680 dyne 
cm? at 1775°C. On cooling, the surface tension 
increased to 1770 dyne cm~~ at 1325°C, and sub- 
sequent measurements at various temperatures 
were found to be reversible. On heating in vacuo, 
the observed surface tension on melting was 1640 
dyne cm~* which increased to 1790 dyne cm™7* at 
1500°C. On cooling, the surface tension increased 
to 2020 dyne cm™* at 1200°C and then behaved re- 
versibly on subsequent heating and cooling cycles. 
Samples could not be heated above 1580°C in vacuo 
without excessive vaporization. 

These increases in surface tension on initial 
heating are undoubtedly caused by the removal dur- 
ing heating of minor impurities which are highly 
surface active and have a large effect on the surface 
tension. Investigations of the effects of minor im- 
purities have shown that oxygen and sulfur in par- 
ticular cause marked surface-tension lowering for 
liquid iron at 1570°C.*° The presence of carbon 
may assist in lowering the oxygen content at 
higher temperatures, but other minor impurities 
also may have a substantial effect on surface ten- 
sion, Chemical analyses of alloys before and after 
measurements showed no variation in oxygen or 
sulfur content, but some minor contamination in 
handling or during out-gassing of the furnace may 
have occurred. While the particular surface-active 
contaminants removed by vacuum heating have not 
been identified, it is clear that the initial apparent 
positive temperature coefficient is not reproducible 
or reversible. 
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Fig. 4—Surface tension of liquid copper. 
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Fig. 5—Surface-tension observations on initially heating 
Fe-3.9C alloy. 


Surface-tension data for iron and iron-carbon 
alloys obtained after heating in helium at 1800°C 
or in vacuo at 1450°C are plotted in Fig. 6. Results 
for the iron-carbon alloy show a normal negative 
temperature coefficient. They are higher than 
values found by Kevarian® at 1200°C, but are in 
reasonable agreement with the values reported by 
Kozakevitch and Urbain** for measurements on ex- 
tremely pure iron under very carefully controlled 
conditions. The values obtained here for iron are 
lower than the Fe-C alloy by about 100 dyne cm7? 
but show the same negative-temperature coefficient. 
This difference may be due to impurities in the 
liquid metal which were not removed by vaporiza- 
tion in helium at 1800°C. Oxygen and sulfur are the 
most likely sources of this difference and data for 
the effect of sulfur and oxygen on the surface ten- 
sion of liquid iron” make this not unlikely. It should 
be mentioned that all measurements were made on 
an alumina plaque, and about 0.27 pct Al was picked 
up in the Fe-C alloys. This amount of aluminum ap- 
parently has little effect on surface tension since the 
Fe-C values are higher than the pure iron.. 

Surface-tension measurements also were carried 
on alumina supporting plaques for liquid Ni, Co, 
Ni-1.4C, and Co-1.8C. Mean values of surface ten- 
sion previously found in this laboratory for nickel™ 
were 1725 dyne cm™* at 1475°C and 1375 dyne cm™* 
at 1800°C. Values for cobalt are 1870 dyne cm™' at 
1500°C and 1600 dyne cm~* at 1800°C. Substantially 
more difficulty was encountered with the Ni-C and 
Co-C alloys owing to reaction with the plaque mate- 
rial causing bubbles to form in the drops. Mean 
values found for Ni-1.4 pct C were 1720 dyne cm™ 
at 1400°C and 1680 dyne cm~* at 1500°C, and for 
Co-1.8 pct were 1730 dyne cem~* at 1450°C and 1560 
dyne cm~* at 1600°C. Since in all cases the re- 
versible temperature coefficients of surface tension 
were normal and negative, attempts at further puri- 
fication over the analyses given in Table I were not 
tried. 

The surface tension of liquids must drop to zero 
at the critical temperature, and in many systems 
the surface tension-temperature relationship is well 
represented by Eétvés law; 7.é., 
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Fig. 6—Reversible surface-tension data for iron and Fe- 
3.9C alloy. 


2 
M\7/s 
where M is the molecular weight, 5 the density, T, 
the critical temperature, and ek is a constant near 
2.1 for many liquids. The temperature derivative 
obtained from Eq. [2] is 


2(T. - T) dd 
6 


If the normal boiling point is known, the critical 
temperature is given to a good approximation® as 


T, = 1.55 7; [4] 


For tin, for example, Eq. [4] gives T, = 3940°K 
which is close to the value (4003°K) obtained by 
more refined methods.** From values of the density 
and surface tension at the liquidus and T, from 

Eq. [4], values of the Edtvés constant k were cal- 
culated from Eq. [2]. Eq. [3] gives values of d5/dT 
which are compared with experimental data in 
Table II, The values found are all normal and 
negative. 

Contact Angles and Interfacial Energy—The con- 
figuration of a liquid metal resting on a solid plaque 
is determined by the relative values of the solid- 
liquid, solid- vapor, and liquid-vapor interfacial 


Table Il. Surface Tension-Temperature Results and Their 
Comparison with Those Predicted by Eétvés’ Law 


Surface Eétvés dy/dT dy/dT 

Tempera- Tension, Con- Calcu- Exper- 

Liquid ture,°C DynesperCm stant,k lated imental 
Iron 1550-1800 1700-1590 2.33 -0.76 -0.43 
Fe-3.9 C 1200-1800 1970-1660 2.33 -0.76 -0.51 
Nickel 1460-1800 1730-13903! 2.21 -0.84 -0.98 
Ni-1.4 C 1400-1550 1720-1650 2.21 -0.84 -0.43 
Cobalt 1500-1800 1870-1600 PRO -0.73 -0.92 
Co-1.8 C 1450-1600 1730-1560 2.21 -0.73 -1.14 
Copper 1100-1450 1270-1160 1.67 -0.49 -0.31 
Tin 800-1600 500- 360 1.18 -0.194 -0.18 
Sn-(0-5) Ti 800-1200 500- 540 1.18 -0.194 -0.18 
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energies illustrated in Fig. 7. For a nondeformable 
solid the contact angle is given by the ratio 


cos @ = [5] 
YLV 
If oe is larger than y,, the contact angle is larger 


than 90 deg; if the reverse is true, 9 is acute. If 
Ysv = Ys + Hy, the liquid will spread out over the 
solid surface. Writing Eq. [5] in the form 


the interface energy can be determined from the 
contact angle and liquid surface tension if the solid- 
surface energy is known. If the solid-surface 
energy is not known but remains constant, changes 
in interface energy with composition or temperature 
can best be seen by considering the variable 


interface energies. 


cos 9 [6] 


[7] 


As a measure of the attraction between different 
materials, the work of adhesion can be calculated 
directly from experimental data; 7.e., 
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Fig. 8—Interface energies between Ni-Ti alloys and Al,O3. 


The work of adhesion represents the decrease in 
energy in bringing together a unit area of liquid 
surface and a unit area of solid surface to form a 
unit area of interface. 

The surface energy of Al,O, is known to a good 
approximation for the conditions of these experi- 
ments from a measured value of 905 erg cm™~’ at 
1850°C,*° assuming dy /dT = -0.1 erg per °C. 
Consequently, interfacial energies for liquids on 
A1,O, can be calculated from experimental meas- 
urements of surface tension and contact angle as 
has been done previously for liquid nickel and 
iron,**»*»*” There was substantial scatter in the 
contact angle measurements for the carbon alloys 
at elevated temperatures, which is attributed 
mainiy to the tendency of bubbles to form, pre- 
sumably from carbon monoxide. In addition, alloys 
could not be heated to elevated temperature and 
then cooled since the contact angle decreased on 


Wad = (YLy + Ysy) = (1+ cos 4) [8] initial heating and on cooling there was a hysteresis 
Table Ill 

System Temp, °C Yiv, Erg 6, Deg. ysL, Erg dys, /dT 
Ni (1)-Al203 (s)17,30 1475, 1725 137.8 2205 
Ni-1.4C (1)-Al203(s) 1500 1680 105 1380 Fa 
Ni-0.53Ti (1)-Al203(s) 1475, 1725 105 1350 a 
Ni-2. 18 Ti (1)-Al203(s) 1475 1725 72 410 £ 
Ni-4.86 Ti (1)-Al203(s) 1475 1725 70 350 = 
Ni-9.77 Ti (1)-Al203(s) 1475 1725 73 450 = 
Inconel X550(1)-Al203 1475 1600 90 940 4 
Inco 700 (1)-Al203 1475 1600 90 940 s 
Sup. Waspaloy (1)-Al203 1475 1600 83 750 = 
M-252 (1)-Al203 1475 1600 87 860 = 
Fe (1)-Al203(s) 1550 1720 128 2270 =1.2 
Fe-3.39C (1)-Al203(s) 15 1550 1708 111.6 1563 
Fe-3.9C (1)-Al203(s) 1570 1720 104.5 1365 -1.0 
Co (1)-Al203(s) 1635 1820 127 2025 -1.5 
Co-1.8C (1)-Al203(s) 1605 1600 117 1655 
Cu (1)-Al203 (s) 1100 1220 170 2245 
Sn (1)-Al203(s) 1100 435 174 -0.1 
Sn-0.022 Ti (1)-A1203(s) 1100 473 165 1436 = 
Sn-0.084 Ti (1)-Al203 (s) 1100 485 145 1377 Ef 
Sn-0.12 Ti (1)-Al203 (s) 1100 445 95 1019 2 
Sn-0.16 Ti (1)-Al203(s) 1100 445 87 957 us 
Sn-0.64 Ti (1)-Al203(s) 1100 445 89 972 ov 
Sn-3.27 Ti (1)-Al203 (s) 1100 445 84 834 ie 
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Fig. 9—Interface energies between Sn-Ti alloys and Al,O3. 


effect with the resultant contact angle smaller than 
the original advancing angle. In agreement with 
previous data’ carbon was found to decrease the 
interface energy as shown in Table III. However, 
the temperature coefficient of interface energy was 
negative in both the pure metals and the carbon- 
containing alloys. The temperature coefficients for 
the interfacial energy include an assumed value 
dysy/dT = -0.1 dyne cm-* per °C for the tempera- 
ture coefficient of the surface energy of solid 
alumina. 

Previous measurements in this laboratory for 
nickel-titanium alloys” were extended to higher 
titanium concentrations and to commercial nickel 
alloys as shown in Fig. 8. The purpose was to de- 
termine whether or not the rapid decrease in inter- 
facial energy observed at lower concentrations 
continued up to 10 pct. With increasing amounts of 
titanium in nickel the interface energy with alumina 
decreases at a rate corresponding to interfacial ab- 
sorption of titanium atoms. The excess interfacial 
concentration I can be derived from Gibbs’ adsorp- 
tion equation 


dy 9 
[9] 


which indicates that approximately a monolayer of 
titanium atoms (12 x 10** atoms per sq cm) exists in 
the concentration range between 0.01 and 1 pct Ti. 
At higher titanium concentrations, the interfacial 
energy becomes nearly constant at about 400 erg 
em~*, presumably corresponding to multilayer ab- 
sorption at the interface. Precision of measure- 
ments and knowledge of activity coefficients in the 
melt are not sufficient for further analysis. 

From a practical point of view, additions of as 
much as 10 pct Ti do not lead to spreading of the 
liquid alloy with a zero contact angle on oxide sur- 
face, but do give a melting contact angle of about 
70 deg sufficient for many soldering or brazing 
operations (corresponding to a capillary rise of 
3 cm between flat plates separated by 0.05 cm). 
Four commercial alloys containing 2.19 to 3.25 pct 
Ti Have an interface energy substantially larger 
than that for the binary Ni-Ti alloys, probably due 
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to decreased Ti activity coefficients in the presence 
of carbon, aluminum, nitrogen, and other constitu- 
ents, but still have contact angles near 90 deg. 

A series of tin-titanium alloys were melted on 
plaques of Al,O,, Si,N,, SiC, and MoSi,. Results for 
Sn-Ti (1)-Al,0, (s) are shown in Table III and Fig. 9. 
In a way similar to the Ni-Ti system, the interface 
energy drops off rapidly at Ti concentrations above 
0.01 pct, corresponding to titanium adsorption at the 
interface, and then reaches a nearly constant value 
at higher concentrations. 

A substantial difference in behavior was observed 
in comparing the combined effects of temperature 
and atmosphere for melting tin in contact with dif- 
ferent plaque materials. As shown in Table IV, 
there was little difference in wetting behavior of tin 
on A1,O, in vacuo or hydrogen or at different tem- 
peratures. In contrast, for liquid tin on SiC, Si,N,, 
and MOoSi,, as the temperature was increased above 
a certain temperature level the contact angle sud- 
denly decreased. The temperature at which in- 
creased wetting occurred was lower in vacuo than 
in hydrogen, and was in the interval between 1100° 
to 1200°C for MoSi,, SiC, and Si,N,. The lowered 
contact angle may be attributed to lowered inter- 
face energy or increased solid-surface energy as 
seen in Eq. [5]. The composition of the liquid did 
not change appreciably, as measured by chemical 
analysis, making a large change in surface tension 
or interface energy unlikely. More probable is the 
increase in solid-surface energy because of some 
sort of purification, such as that observed for liquid 
metals. This purification is most likely caused by 
the dissociation of SiO, on the solid surfaces and 
vaporization of SiO. The equilibrium pressure of 
SiO over Si + SiO, is 23.8 p at 1063°C.* 

Wetting behavior of tin-titanium alloys on MoSi,, 
Si,N,, and SiC was mainly observed at 1100°C under 
conditions where an SiO, film was present on the 
solid surface. On initial melting, a reaction was 
observed to take place between the drop and plaque 


~ leading to an equilibrium interface. Data for the 


silicon carbide at a higher temperature where the 
solid-surface energy has increased show the same 
general features as the lower temperature points 
except that the whole curve is displaced. The con- 
dition of equilibrium at the interface, but not with 
the solid surface corresponds to Harkins’ ‘‘semi- 
initial’? condition for the approach to equilibrium.*” 
Since solid-surface energy values are doubtful, data 


Table IV. Contact Angle of Liquid Tin 


Contact Angle at 


System 800 °C 1100°C 1325°C 1470°C 
Al203, 161 174 "165 149 
Vacuo: 162 167 166 — - 
166 165 160 - 140 
Vacuo: 162 165 75 = - 
Si3N4, Ha: 154 154 - - 140 
Vacuo: 168 154 29 - - 
MoSi2, H2: 166 154 - 53 28 
Vacuo: 170 35 20 = a 
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Fig. 10—Difference between interface and solid-surface 
energy for the systems Sn-Ti (1) - MoSig, SiC, Si3Ny (Ss). 


have been plotted as (yz, - Ysy ) in Fig. 10. For all 
these materials there is a sharp decrease in inter- 
facial energy with increasing concentrations of ti- 
tanium, corresponding approximately to the slope 
expected for the formation of a monolayer at the 
surface. At higher concentrations, the curves be- 
gin to level out corresponding to multilayer adsorp- 
tion. The titanium concentrations at which a mono- 
layer is formed increase in the order 0.005 for SiC, 
0.05 for Al,O,, 0.05 for Si,N,, and 0.2 for MoSi,. 

The relative affinity of tin for surfaces of Al,O,, 
Si,N,, SiC, and MoSi, can best be judged by compar- 
ing the work of adhesion in vacuo at 1200°C, where 
we expect pure solid surfaces. These are calculated 
from Eq. [8]: 


Sn (1)-Al,0, (Ss) Wag 15 erg cm™” 
Sn (1)-SiC (s) = 540 erg cm~” 
Sn (1)-Si,N, (s) = 805 erg cm~” 
Sn (1)-MoSi, (s) = 834 erg cm-” 


For Al,O, where the surface is dominated by large 
oxygen anions’»”’ there is little attraction for liquid 
tin. As the degree of ionic bonding decreases and 
the solid becomes more metallic the attraction be- 
tween the surfaces increases. This is in accord 
with the observation that liquid metals tend to wet 
carbides better than oxides.”* 

From the hypothesis that the surface of SiC, 
Si,N,, and MoSi, changes from essentially an SiO, 
surface at low temperature to a pure surface at 
higher temperature in vacuo, a lower limit for the 
solid-surface energy can be estimated from Eq. [6]. 
Using 300 erg cm™* *®°° for the surface energy of 
SiO, at 1100°C in vacuo (or 1200°C in hydrogen), the 
interface energy can be calculated from Eq.[6], or 
taken from Fig. 9. If this interface represents the 
actual solid-liquid as discussed previously, it can 
be assumed unchanged at the slightly higher tem- 
perature in vacuo and used to calculate a new value 
for the surface energy from the new contact angle, 
Table IV. This procedure gives the following values: 


840 erg cm~” at 1200°C 
1100 erg cm™’ at 1200°C 
MoSi,, ¥,, = 1165 erg cm™* at 1100°C 
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These values are based on a number of assumptions 
which are reasonable, but which have not been dem- 
onstrated rigorously. In addition, they must be con- 
sidered as lower limits because they correspond to 
the surface in an atmosphere of tin vapor. However, 
it is interesting that they fall in the same range as 
data for other similar compounds. 


CONCLUSIONS 


1) Experimental data at elevated temperatures 
indicate that carbon has little effect on the surface 
tension of liquid iron, cobalt, and nickel. 

2) The reversible temperature coefficients of 
surface tension for iron, nickel, cobalt, and tin and 
their alloys with carbon or titanium are normal and 
negative. Initial heating of many of these composi- 
tions gives an apparent increase in surface tension 
with temperature due to volatilization of minor con- 
taminants. 

3) Titanium is chemisorbed from liquid nickel or 
tin alloys at the interface with Al.O,, SiC, Si,N,, and 
MoSi,. From surface tension and contact-angle 
measurements, estimates have been made of inter- 
face energies and solid-surface energies in these 
systems. 
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A Comparison of the Creep-Rupture Properties 


of Nickel in Air and in Vacuum 


In a comparison of the creep-rupture properties of nickel 
in air and in vacuum there is a reversal in relative strengths 
with variations in stress. At low stresses the properties are 
better in air while at high stresses they are better in vacuum. 
In the early stages of creep in a high stress test the specimen 
in airy may have the lower creep rate but the one in vacuum is 


creeping at a lower rate in the later stages. A mechanism, 
involving two competing processes in terms of oxidation 


P. Shahinian 


strengthening and weakening by surface-energy veduction, is 


proposed to explain these reversals. 


Ir had generally been assumed that, relative to 
their properties in air, the high-temperature 
strengths of metals would be increased in an inert 
atmosphere as a result of the elimination of the 
deteriorating effects of oxidation. However, several 
recent investigations have shown that the creep 
strength may be greater in air than in nonoxidizing 
gases. 

Pickus and Parker’ found that the creep rate of 
nickel was lower in air than in hydrogen or nitrogen. 
Internal oxidation was mentioned by Shepard and 
Schalliol” as a possible cause for the longer creep 
life of Hastelloy C in air than in vacuum or helium. 
Sweetland and Parker,’ who observed lower creep 
rates for aluminum and copper in air than in helium, 
discuss the possible applicability of the dislocation- 
barrier mechanism to explain their results. Surface 
oxide layers may interfere with the escape of dis- 
locations through the surface or with their genera- 
tion there. In addition to showing the strengthening 
in air of low-alloy and stainless steel, and nickel 
and cobalt-base alloys, Shahinian* presented notch- 
effect data which indicate the role of stress concen- 
trations; alloys of relatively low ductility were 
more sensitive to atmosphere strengthening when 
notched specimens were used. Although Bleakney’s” 
copper wires had a lower reduction of area in air 
than in vacuum, it is difficult to interpret his re- 
sults in terms of strength changes since the stresses 
employed were not measured. 

P. SHAHINIAN and M. R. ACHTER, Member AIME, are associated 
with the U. S. Naval Research Laboratory, Metallurgy Division, High- 


Temperature Alloys Branch, Washington, D. C. 
Manuscript submitted May 23, 1957. IMD. 
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In contrast to these data showing the strengthen- 
ing in air, a number of investigations, most at rela- 
tively low temperatures, have demonstrated that the 
environment may cause a decrease in strength. 
These results are generally explained in terms of 
the effect of environment on surface energy. Ina 
review of the subject, Benedicks and Hirden® use 
the concept of atomic bonding to explain how the 
adsorption of impurities would decrease the energy 
of a clean surface. A decrease in surface energy 
would facilitate the propagation of cracks or ex- 
tension of the surface. Use of this mechanism is 
made by Sato’ to explain the weakening of steel 
specimens bent in various liquids, by Potek and 
Shcheglakov® for the reduction of fracture strength 
of steel in molten metal, and by Benedicks and 
Harden’ for the reduction of strength of a variety 
of materials in a number of liquids. A similar ex- 
planation might be used for the results of Forestier 
and Clauss.’ The fracture stress of fine wires 
pulled in a variety of gases, including air, is lower 
than in vacuum. They attributed their results to the 
‘‘tendency’’ for the gases to condense on the metal 
surface. 

That the strength of metals is affected by the type 
of gas in which the test is conducted has been dem- 
onstrated convincingly; the mechanism of the effect, 
however, is still uncertain. This investigation rep- 
resents one in a series to explore the influence of 
variations in alloy composition and test conditions 
on the atmosphere effect in the expectation that the 
results would afford an insight into the processes 
taking place. To determine the effect of specimen 
composition, the present investigation was conducted 
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Table |. Creep-Rupture Results 


Minimum Reduction 
i Rupture Creep Rate, Elongation, of Area, 
fae aay 2 Atmosphere Life, Hr Pct per Hr Pct Pct 
Fine-Grained Material 
1200 12000 Air 3.0 19 
Vacuum 6. 1.9 23 

9000 Air 19. 0.48 17 15 
Vacuum 29. 0.33 19 18 
6000 Air 179.8 0.035 14 10 
Vacuum 197.4 0.030 14 42: 

4500 Air 807.1 0.0072 13 8.6 

Vacuum 768.6 0.0066 12 1 4 
1500 5000 Air 32 1.9 15 3 
4000 Air YRS: 0.83 12 10 
Vacuum 9.5 0.58 14 12 
3500 Air 20.3 0.24 10 8 
3000 Air 53.9 0.12 13 vi 
Vacuum 23.5 0.18 12 8 
2500 Air® 4000.0+ 0.0003 13 3 
Vacuum 48.5 0.061 8 8 
2000 Air? 3000.0+ 0.0005 10 uy 
Vacuum 111.8 0.025 11 i, 

Coarse-Grained Material 

1500 4000 Air 1.9 2.16 10 8 
Vacuum 2.8 1.6 12 11 
3000 Air 8.1 0.33 11 5 
Vacuum 13.5 0.33 14 9 
2500 Air 62.1 0.10 10 6 
Vacuum 19.5 0.16 9 11 
2000 Air? 3817.0+ 0.0007 6 0 
Vacuum 39.5 0.041 8 7 


®Unfractured specimen. 


on nickel, and the results are to be compared to 
those for a nickel-chromium alloy.*° In the present 
investigation measurements of the creep rate and 
rupture life of commercially pure nickel in air and 
in vacuum as a function of test temperature, stress, 
grain size, and notching of the surface are dis- 
cussed in terms of possible mechanisms for the 
effect. 


EXPERIMENTAL PROCEDURE 


The nickel used had the following impurity content: 
0.02 pct Co, 0.03 pct Fe, 0.02 pct Mg, 0.03 pct Si, 
0.008 pct C. The material in the form of a %-in. 
rod was annealed at 1600°F for 1 hr and 2350°F for 
5 hr to achieve the desired grain sizes. A mixed 
grain size resulted from the low-temperature an- 
neal; the average grain diameter of the creep speci- 
men was 0.14 mm in the interior but 0.29 mm on the 
surface. A uniform grain size of 0.63 mm resulted 
from the high-temperature anneal. 

A cylindrical specimen was used of 1/; in. gage 
length and 7, in. diam. The type of notch, experi- 
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Fig. 1—Influence of 
temperature and 
stress on rupture 
life in air and vac- 
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mental apparatus, and testing procedures are the 
same as used previously.* Elongations were re- 
corded continuously from movements of the lever 
arm and read from a dilatometer attached to the 
load member. The vacuum was 2 X 107° mm of 
mercury or better. 


RESULTS 


The rupture life, minimum creep rate, elongation 
and reduction of area of the unnotched specimens 
are listed in Table I. Graphical comparisons of 
rupture life and creep rate of 1200 and 1500°F are 
made in Figs. 1 and 2, and the effect of grain size 
is shown in Figs. 3 and 4. Owing to the scatter in 
the data the exact slopes of the curves are un- 
certain, However, it is clear, especially as demon- 
strated by the coarse-grained data in Figs. 3 and 4, 
that nickel has a longer rupture life and lower 
minimum creep rate in air than in vacuum at low 
stresses while the reverse is true at high stresses. 
Usually, of the two specimens tested at the same 
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stress, the one which had the longest life also dis- 
played the greatest elongation. The point at which 
the specimens in air display a longer rupture life 
than those in vacuum occurs at a longer time at the 
lower temperature as will be discussed later. 

Additional information concerning the effect of 
atmosphere on creep strength may be obtained from 
the change of creep rate during a test, Figs. 5, 6, 
and 7. Although the exact values of strain ata 
designated time are uncertain because of uncer- 
tainties in the amount of take-up in the equipment 
during the application of the load, the shape of the 
curves may be used to compare creep rates at 
various stages of the test to reach the following 
conclusions: 

1) At low stresses; Fig. 5, the creep rate of 
specimens tested in air is always lower than that 
for vacuum-tested specimens. 

2) At high stresses, Figs. 6 and 7, while the 
minimum creep rate is lower for the vacuum spec- 
imen, this difference is not apparent until the later 
stages of the test. At the start of the test the air 
specimen may have a slightly lower creep rate, as. 
shown in Fig. 6. 

The effect of grain size is shown in Figs. 3 and 4. 
A change of grain size does not result in an appre- 
ciable change in effect of atmosphere on rupture 
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Fig. 4—Effect of 
grain size on min- 
imum creep rate 
in air and vacuum. 
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life or minimum creep rate; both the large and 
small grained specimens were affected by the en- 
vironment to the same degree within experimental 
error, except at very low stresses. While the 
coarse-grained specimen tested at 2500 psi in air 
ruptured in 62 hr, the fine-grained one was still 
intact after 4000 hr. Metallographic examination 
of these structures, however, revealed that there 
was a layer of fine grains, in isolated patches, on 
the surface of even the coarse-grained specimens 
resulting, evidently, from the recrystallization of 
the ground surface. The effect of this layer is as 
yet undetermined. 

The intergranular nature of the fractures may be 
observed in the external views in Fig. 8, and the 
microstructures in Figs. 9 and 10. Despite the 
sound appearance of the air-tested specimens in 
Fig. 8, the longitudinal sections reveal that the 
intergranular cracks are obscured by surface 
scale. A possible clue to the strengthening 
mechanism may be related to the presence of 
prominent substructure in the oxidized portion 
of the air specimens and its absence in the un- 
oxidized portions and vacuum specimens, Efforts 
to bring out the substructure in the clear areas by 


Fig. 8—Fractured 
specimens tested 
at 1200°F and 4500 
psi; rupture life in 
air - 807 hr; in 
vacuum - 768 hr. 
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Fig. 9—Specimen tested in vacuum at 1500°F and 2000 psi; 
112 hr to rupture. X50. Reduced approximately 19 pct for 
reproduction. 


use of a phosphoric-acid etch” were unsuccessful. 

These micrographs raise the question of whether 
the oxidation changes the etching characteristics or 
the nature of the substructure. In an attempt to 
answer this question, X-ray Laue pictures were 
taken. The break-up of the spots, indicative of 
substructure, in an oxidized portion of a specimen, 
Fig. 11(a), is to be compared to the relative per- 
fection of the spots in Fig. 11(b), a specimen which 
suffered a greater reduction of area, but in vacuum, 
Although X-ray techniques specifically designed for 
such a study may reveal subgrains in the unoxidized 
areas, the results indicate the possibility of a dif- 
ferent substructure in the oxidized portions. 

Vickers-hardness measurements were taken with 
a 500-g load. As expected, the oxidized areas were 
harder than the unoxidized. In an area such as in 
Fig. 10, the Dph number was 75 in a clear area and 
85 in an oxidized area. No regular pattern of hard- 
ness variation was found, however, to account for 
the reversal in the relative strength of air and 
vacuum specimens with stress changes. 

Tests on notched specimens, Table II, show, in 
agreement with previous work, * the greatly enhanced 
atmosphere effect for this type of specimen. The 
ratio of rupture life in air compared to that in vac- 
uum is approximately four times greater for the 
notched specimen than the unnotched. A change in 
notch sensitivity also may be caused by the test en- 
vironment. Since the ratio of notched to unnotched 
rupture life is 2 in vacuum and 7 in air, nickel is 
notch-strengthened more in air than in vacuum, 


DISCUSSION 


The most noteworthy result of this investigation 
is the finding that while nickel, in conformity with 
other work, is strengthened in air at low stresses, 
at high stresses the reverse is true and it is 
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stronger ina vacuum. Furthermore, there may 

be a reversal in the relative creep strengths during 
the course of the test. In the early stages, the 
specimen tested in air may have the better creep | 
resistance while later on there is a reversal and the 
specimen in vacuum has the lower creep rate. Very 
often instances of reversals in rates of processes 
are explained by the simultaneous operation of two 
competing processes. In the present case it is pro- 
posed that oxidation strengthens nickel but that ad- 
sorption of gases on the surface weakens it by low- 
ering surface energy and thereby facilitating crack 
propagation. 

Support for oxidation strengthening is found in the 
relative positions of the reversal points in Fig. 1. 
While it appears at 10 hr at 1500°F, the reversal 
point is displaced to 400 hr at 1200°F, evidently 
because of the lower oxidation rate at the lower 
temperature. 

It appears that oxidation may strengthen nickel in 
three ways: 

1) In the very early stages of the test, before 
cracks begin to develop, a surface oxide layer may 
act as a barrier to dislocations.” This mechanism 
may be operative at all strain rates. 

2) Internal oxidation, Fig. 10, strengthens the 
material and reduces the creep rate.’ Extensive 
internal oxidation makes its appearance at a time 
to coincide with the change in slope of the 1500°F 
air curve in Fig. 1. 

3) Oxidation may reduce the rate of crack propa- 
gation by blunting the tip and reducing the stress 
concentration and by internal oxidation ahead of the 
crack, Although the greater atmosphere effect on 
notched specimens, Table II, seems to be in agree- 
ment with this mechanism, the data may be a re- 
sult of a different surface area-to-volume ratio. 

Since these strengthening mechanisms involve 
oxidation, a slow process which depends on diffu- 
sion, at high creep rates their effect is small and 
the competing process may become controlling. As 
mentioned previously, a number of investigators 
have attributed the reduction of strength by the en- 
vironment to a reduction in surface tension. Since 
it has been shown by Udin, et al.,” that the surface 


Fig. 10—Specimen 
tested in air at 
1500° F and 2000 
psi. Test discon- 
tinued after 1216 
hr. X300. Re- 
duced approxi- 
mately 43 pct for 
reproduction. 
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tension of silver in a helium-oxygen mixture is a 
little more than one-third that in pure helium, it is 
possible that in air, crack propagation is facilitated, 
and after cracking is initiated the air specimen 
starts to creep at a faster rate than the one in 
vacuum, 

Consideration also was given to the possibility 
that reduction of surface energy leads to an increase 
of creep rate in the case where no cracks are being 
propagated. However, an elementary calculation of 
the load supported by the surface tension demon- 
strates that its effect is many orders of magnitude 
too small to account for the difference in creep 
rates. Similarly, a comparison of the strain energy 
of a dislocation with the changes in surface energy 
demonstrates that changes in environment cannot 
appreciably affect the stress to force a dislocation 
through the surface. 


SUMMARY 


The creep-rupture properties of commercially 
pure nickel have been measured in air and vacuum 
at 1200° and 1500°F to reach the following conclu- 
sions: 


1) At a constant temperature and low stress, 
specimens tested in air have longer rupture lives 
and lower minimum creep rate than those in vac- 
uum. The reverse is true at high stresses. 


2) The reversal point at which the specimens 
tested in air become more creep resistant than in 
vacuum is displaced to a longer time as the test 
temperature is reduced from 1500° to 1200°F. 


3) At very low stresses, specimens tested in air 
at 1500°F undergo marked strengthening attended 
by extensive internal oxidation and virtual cessation 
of creep. 


4) At high stresses the relative creep strengths 
of vacuum and air-tested specimens are reversed 
during the test. In the early stages the specimen in 
vacuum may have the higher creep rate but the one 
in air is creeping faster in the later stages. 


5) A mechanism involving two competing proc- 
esses is proposed which qualitatively explains these 
observations. One process, oxidation strengthening, 
is dominant at low creep rates while the other, re- 


Table Il. Effect of a Notch on Atmosphere Strengthening 
at 1500°F and 3000 Psi 


Specimen Rupture L Air 
Type Atmosphere Life, Hr R L Vacuum 
Plain Air 53.9 

Vacuum PDs 
Notch Air 403.2 8.4 
Vacuum 48.1 
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Fig. 11—(a) Laue pattern of specimen tested in air at 
2500 psi and 1500°F. Test discontinued after 4000 hr and 
3 pet reduction of area. (b) Laue pattern of specimen 
tested in vacuum at 2000 psi and 1500°F. Rupture after 
39 hr and 8 pct reduction of area. 


duction of strength by facilitation of crack propaga- 
tion due to lowering of surface energy, is dominant 
at high creep rates. 
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GY 
(a) (6) 


On the Deformation Characteristics of Certain 


Dilute Copper-Base Solid-Solution Alloys 


Evidence is presented that copper-base solid solutions of 
different solutes having equal grain sizes, no preferred crystal- 
lographic orientation, equal electron-atom ratios, and, within 


experimental scatter, identical initial yield strengths, need not 
have identical stress-strain curves at strains larger than about 
0.04. The stress-strain behavior is rationalized in terms of the 
proposed Suzuki chemical interaction between solute atoms and 
extended dislocations using what is thought to be a somewhat dif- 
ferent means of representing stress-strain data. 


ALTHOUGH the effect of alloying element upon the 
strength characteristics of solid solutions is a sub- 
ject which has received considerable attention in the 
past, the exact relationships between the common 
deformation parameters and certain common vari- 
ables are not really known in some cases. As a 
result some of the experiments reported in the 
literature in which these variables are inadequately 
controlled lose some of their persuasion regarding 
underlying principles. Nonetheless, facts are known 
which bear pointing up: 

When the true stress, o, and true plastic strain, 
€, of tensile deformation are plotted on a double 
logarithmic coordinate system, one may observe a 
straight-line relationship at strains greater than 
0.02. The form of the curve in the linear region 
is given by 


o =Ke”™ 


where o represents true stress, €, true strain, and 
K and m, constants. 

If the relationship holds, K and m define the flow 
characteristics of the material being tested. m and 
K, however, may vary with other parameters. 
Hollomon’ found that in a-brass, m is influenced 
by grain size. French and Hibbard’ found in alloys 
of copper that inverse relationships existed between 
m and 1) the solute concentration for a given solute, 
2) the 0.01 yield strength, and 3) the constantK. 
Lacy and Gensamer® observed (da/de) (= 0/e m) to 
increase with increasing values of K in systems of 
alloyed ferrites (although with considerable scatter 
of data which may be attributed to uncontrolled grain 
size). 

Brick, Martin, and Angier* deduced in copper- 
base alloys a straight-line relationship (with some 
scatter) between the change in the Dph number due 
to solid-solution strengthening and the change in the 
Dph number due to work hardening which suggested 
that copper-base alloys having equal yield strengths 
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might have identical stress-strain curves in the 
plastic flow regions. 

French and Hibbard’ concluded that the yield 
strength of copper-base solid solutions is the 
proper basis for comparing the effects of solute 
elements. Also, Allen, Schofield, and Tate’ showed 
that, within their experimental variation, copper- 
base alloys of zinc, gallium, germanium, and 
arsenic having the same electron-atom ratios have 
the same true-stress true-plastic strain curves. 
Dorn, Pietrokowsky, and Tietz® also found that 
with aluminum-base alloys the stress-strain curves 
in the flow regions are approximately the same if 
“fequivalent’’ concentrations of alloying elements 
are used. Solute valence and lattice parameter dis- 
tortion were the parameters used to determine 
equivalency. 

The present report describes an investigation in 
which an attempt was made to obtain copper-base 
solid-solution alloys of four solute elements having 
within close tolerances equal grain sizes and yield 
strengths, and to see if the level of yield strength 
does indeed define the flow curve regardless of 
solute type. During analysis of the data certain 
unexpected features of the stress-strain curves be- 
came apparent which gave rise to some speculation 
and are discussed at length in the paragraphs that 
follow. 


EXPERIMENTAL PROCEDURES 


Alloy Preparation—Using the data of French and 
Hibbard’ as a first approximation, four different 
binary copper-base alloys were designed so as to 
have the same yield strength. In addition, other 
alloys were prepared in which the solute concentra- 
tions varied slightly from those calculated above so 
as to span a range of yield strengths, see Table I. 
The yield strengths of all alloys prepared except 
the copper-tin alloys were subsequently found to lie 
fairly close to one another. 

The copper used in the alloys was produced by the 
American Smelting and Refining Co. and was of very 
high purity (99.999 pct). The alloy additions and 
their initial purities are as follows: 
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Table 1. Composition of the Copper Alloys 


Nominat Impurities (Spectro Analysis) 
Solute Amount, Pct Analyzed Zn Al Si Sn Fe Mg 
Al 8.99 8.6 Trace Trace - Present 
<0.015 pct Trace 
Bl Zn 9.99 8.6 = = = = Slight trace 
Cl 10.99 9.8 — - - Present 
<0.015 pet Trace 
A2 150 (D 1.4 Present 
(2) 1.5 <0.015 pct x 2, 
1.6 
B2 Al 1.69 (2) 1.8 Trace - = = Trace 
1) 18 
C2 
1.84 (2) 1.8 Trace 
A3 1.12 - Present 
<0.015 pct - Trace Trace 
B3 Si 1.25 1.2 Trace Present Present 
<0.015 pet - Trace <0.015 pct 
C3 1.37 13 Present Present 
<0.015 pct - Trace <0.015 pet 
B4 1,39 
Sn No determinations were made 
C4 1.39 1.5 
ASR Pure Cu Slight trace - Slight trace — Present 
<0.015 pct - 
Zinc 99.999 pct It is thought since each alloy was given the same 
Aluminum 99:99: pct treatment and since there were several determina- 
Silicon 99.98 pet tions of grain size for each annealing temperature, 
Tin 99.99 pct that the values thus determined at least reflect an 


Ingots weighing 200 g were melted in MgO cru- 
cibles and poured in a sealed apparatus under 
argon. Each alloy was cast into a cylindrical cop- 
per mold, with the exception of the Cu-Sn alloys 
which were poured into a graphite mold. In addition 
to the alloys, an ingot of pure copper was also pre- 
pared in order to permit direct comparisons of the 
effects of the solutes. 

All specimens -were homogenized in an inert at- 
mosphere at least for 6 hr at 900°C. Following the 
homogenization treatment, all ingots were turned 
down to approximately 0.400 in. diam. Samples 
taken from successive lathe cuts showed no ap- 
parent difference in solute concentration between 
the outside and the inside of the specimens. 

After machining to 0.400 in. diam, the specimens 
were cold swaged to 0.065 in. diam and then wire 
drawn to exactly 0.030 in. diam. The cold-reduction 
process was interrupted after each 50 pct reduction 
by a recrystallization anneal (approximately 1 hr at 
475°C under argon) in an attempt to avoid an anneal- 
ing texture. Debye-Scherrer X-ray photographs of 
annealed specimens showed that no preferred ori- 
entation existed. 

Grain-Size Determination—Care was taken to de- 
termine the final annealing temperatures that would 
yield alloys of equal grain sizes. For each alloy 
class, i.e.,Cu-Zn, Cu-Al, and so on, curves of grain 
size vs annealing temperature were plotted. Grain 
sizes were determined using a lineal analysis on 
500X photomicrographs of each alloy. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


internal consistency. Because the annealing tem- 
peratures chosen to determine the grain-size vs 
annealing-temperature curves were too high in the 
case of pure copper, its curve had to be extrapolated 
down to the proper grain size. The grain sizes of 
the final tensile specimens were determined in the 
same manner as above. The values given in Table II 
are quite uniform from alloy to alloy, the copper 
(ASR) being slightly larger than the alloys. The data 
of Carreker and Hibbard’ show that the observed 
variation should cause a negligible variation in yield 


strength. 

The following annealing temperatures were used: 

Cu-Zn 445°C 

Cu-Al 470 Annealing (furnace) time— 
2 hr 

Cu-Si 480 Furnace atmosphere—pure 
dry H, 

Cu-Sn 502 

Pure Cu 380 (Extrapolated from curve) 


Mechanical Testing—Specimens were not tested 
immediately after annealing. Some waited as much 
as a week between annealing and testing. All speci- 
mens, while bright and clean after the H, anneal, 
oxidized slightly upon standing.* They were tested 


*Patterson® found that surface oxide did not materially after his 
results on copper crystals. His crystals were 0.060 in. in diam. 


in tension using an Instron, constant-extension-rate 
machine.: A 3-in. gage length was used; the dis- 
tance was measured between grips. The load- 
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Table Il 


Wt Pct Avg Grain 


Specimen of Alloy At. Pct Diam, Mm E/A ay crn So. We K 
At 8.6 Zn 8.39 0.0103 1.0839 15300 - 17600 0.4226 85700 
0.012 1.0839 3.6332 
Bi +0.0003 15800 18 100 0.4169 86600 
Cy 9.8 Zn 9.55 0.0104 1.0955 16500 18700 0.4157 87800 
Al. 3.24-3.46 0.0111 1.0648 
1.0692 14500 17000 0.4197 83800 
6-1.8 Al 3.7 -4.15 0.0103 1.074 3.6239 
Bo 1.6-1.8 7 ae Tee 15300 17800 0.4168 86200 
Co 1.8 Al 4.15 0.0117 1.083 15800 18200 0.4145 86500 
A3 1.1 Si 2.46 0.0098 1.0738 17300 19700 0.4055 90400 
1.2 Si 2.68 0.0109 1.0804 3.6145 
a +0.0016 14500 18000 0.4320 91400 
C3 1.3 Si 2.84 0.0107 1.0852 17400 19800 0.4092 91700 
B 1.5 Sn 0.81 0.0102 1.0243 3.6240 
3 +0.0002 17000 19400 0.4190 94600 
C4 1.5 Sn 0.81 0.0098 1.0243 16800 19300 0.4208 94700 
ASR Pure Cu 0.0132 1.0 3.6162 
+0.0002 11300 14100 0.4327 76100 


extension curve was automatically recorded, the 
extension rate being 0.2 in. per min. 

No fewer than three tension tests were made on 
each alloy; the loads at given true strains were av- 
eraged for each alloy and average true stresses 
computed. Among specimens of a given alloy there 
was evident some variation of load at given strains. 
Considerably more variation appeared in some 
alloys than in others. Despite the scatter the data 
lend themselves to critical observation from which 
can be drawn conclusions. 


Cu-Sn ALLOYS 


| PURE Cu 


Cu- Zn 
Cu-Sn 


LINES ORAWN: AT 
CONST. PLASTIC 
STRAIN 


STRESS, 
> 


ELASTIC STRAIN EXAGGERATED 


STRAIN, € 


Fig. 1—Schematic representation of the stress-strain 
curves exhibited by the materials described in this report. 
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RESULTS AND DISCUSSION 


Tensile Behavior— Table II gives the electron- 
atom ratio of the various alloys, the mean true 
stresses at true strains of 0.01 and 0.02, the 
strain-hardening exponent, m, the strength co- 
efficient, K, and for certain of the alloys, the 
lattice parameter, dy. 

It was found that the effects of the solute addi- 
tions could best be examined by subtracting the 
stress coordinates of the pure copper specimen 
from the stress coordinates of the alloys and plot- 
ting the resulting stress increments (Ac) vs strain 
(e) for each alloy, see Fig. 1. Figs.2,3, and 4 
show some of these Ao vs e plots. The Cu-Zn, 
Cu-Al, and Cu-Si alloys each showed a relative 
maximum and a relative minimum, whereas the 
Cu-Sn alloy showed only a relative minimum. The 
anomalous behavior of the Cu-Sn alloys will be dis- 
cussed later. 

To prevent congestion the data near zero plastic 
strain are not plotted in Fig. 2 but rather in Fig. 7 
on an expanded coordinate scale. The brackets 
limiting each curve represent 95 pct confidence 
limits of the experimental data.®° Experimental 
points are connected with straight-line segments. 

Five of the alloys investigated had yield points 
that clustered. In this group of five alloys there 
were three in particular which had initial yield re- 
gions that fell safely within one another’s experi- 
mental scatter as well as having almost equal grain 
sizes. They are A, (8.6 pct Zn), Bz (1.7 pet Al), 
and B3 (1.2 pct Si) and are those represented in 
Figs. 2 and 3. It is apparent that the stress-strain 
curves of these alloys are exclusive in the plastic 
flow regions despite the fact that the initial yield 
stresses lie fairly close to one another. Here, then, 
is evidence that the yield strengths of copper- -base 
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Fig. 2—Difference between true stress—true strain curves 
of copper alloy and pure copper. Brackets represent 95 
pet confidence limits. 


solid solutions do not uniquely determine flow 
characteristics when effects resulting from unequal 
grain size and texture are eliminated. 

Cu-Sn Alloys— Fig. 4 shows the stress-strain data 
of two copper-tin alloys that were processed and 
tested separately. It is plain that these two copper- 
tin alloys lie within one another’s experimental 
variation. It is interesting to note that those alloys 
which had nearly equal yield strengths also had 
electron-atom ratios which were very near one 
another. In contrast, however, the copper-tin 
alloys, which had yield strengths much greater 
than any of the other alloys, had e/a ratios much 
lower. Thus the e/a ratio criterion is seen to fail 
in the case of copper-tin, assuming, of course, that 


‘‘valency’’ electrons actually determine the e/a ratio. 


The copper-tin alloys were unique in another re- 
spect, namely, they showed a well-defined lower re- 
gion, suggesting perhaps a different mechanism of 
deformation. The other alloys merely exhibited 
faint inflections. The stress-strain curve of the 
pure copper specimen by contrast showed ever- 
decreasing slopes through the yield and flow re- 
gions, see Fig. 1. 

Minima in Solute Strengthening—The minima of 
Figs. 2 and 3 suggest ‘‘easy glide’’ and perhaps 
‘‘overshoot,’’’®”* in the aggregate of grains in the 
polycrystalline samples. However, upon closer 
examination of the data, one finds that the strains 
at which the minima appear do not vary with the 
percentage of a given solute—at least within the 
narrow range of compositions reported here. The 
data do not afford a basis for concluding that the 
strains at which the minima appear remain con- 
stant over large ranges of solute concentration, but 
they do suggest that such is the case. If so, a very 
interesting argument can be constructed which goes 
as follows: 

It is known, at least in the case of a-brass,™ that 
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Fig. 3—Data of Fig. 3 plotted on expanded scale. Note: 
Points are connected with straight-line segments. 


the degree of overshoot in single crystals of copper- 
base alloys increases with increasing amounts of 
solute, and that pure copper does not exhibit the 
overshoot phenomena. Also, with increasing amounts 
of overshoot one can expect increasing amounts of 
easy glide to occur and to be reflected macroscop- 
ically in the stress-strain curves. Since the minima 
of the curves shown in Figs. 2 and 3 are not dis- 
placed along the strain coordinate by increasing 
amounts of alloying element, one might conclude 
that overshoot in these polycrystalline samples, if 

it occurs at all in the individual grains does not 
affect the amount of easy glide reflected macro- 
scopically. 
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3000 


Fig. 4—Difference between true stress—true strain curves 
of pure copper-tin alloys. 
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The term easy glide, as applied to single crystals, 
denotes single slip accompanying a suddenly ac- 
quired mobility and generation of dislocations. In 
a strict sense, then, it is incorrect to apply the 
term to polycrystals, since it is known that multiple 
slip must occur at low strains in polycrystals in 
order to retain material continuity at grain bound- 
aries. In this report the term ‘‘easy flow’’ will be 
used in connection with the phenomenon observed in 
the polycrystals. 

The failure of the overshoot phenomenon to make 
its presence or variations known could perhaps be 
rationalized if one were to consider in detail the 
complex modes of slip in face-centered-cubic 
polycrystals. For the purpose at hand it is suf- 
ficient that the effects of the overshoot phenomenon 
are not evident in the stress-strain curves of the 
copper-base polycrystals reported upon, and that 
if overshoot is present, it does not seem to control 
the amount of easy flow observed. 

Dislocation-Solute Interactions— Thus the fact that 
the minima appear in the curves of Figs. 2 and 3 
must be explained by some other mechanism than 
overshoot. One plausible explanation in light of 
modern dislocation theory is that solute-dislocation 
interaction leading to ‘‘atmosphere locking’’”® takes 
place. Once the applied stress exceeds that which 
is required to free the dislocations from their solute 
‘“catmospheres,’’ a period of easy flow is experi- 
enced. The minima appearing in Figs. 2 and 3 may, 
then, reflect the relatively easy movement of dis- 
locations which have been forced away from the re- 
straining solute atmospheres with which they have 
been interacting. 

Since, as has already been seen, the alloys repre- 
sented in Figs. 2 and 3 have very nearly equal 
electron-atom ratios, and, since Cottrell** reports 
that electrical interaction with solute ions in cop- 
per alloys represents only one-seventh to one-third 
the elastic interaction, it seems that the effects of 
an electrical interaction would not be discernible in 
a comparison of the stress-strain curves. Also, 
since these alloys represent rather dilute solid so- 
lutions, a long-range or short-range ordering”™ type 
of interaction is not expected, and if it were present, 
one would expect changes in the strength of its ef- 
fect with changes of solute concentration; such 
changes are not observed. 

Thus one need concern himself only with two 
other types of interactions between solute atoms 
and dislocations, namely, elastic (Cottrell) and 
chemical (Suzuki).*”*** 

With such indices as yield strength, grain size, 
texture, electrical interactions, and so on, held con- 
stant one would expect the stress-strain curves to 
be identical regardless of solute type in the case of 
purely elastic interaction, since atom size is the 
important criterion. In other words, all solutes 
might be expected to be qualitatively identical inso- 
far as elastic interaction is concerned. Since chem- 
ical, or Suzuki, interactions, on the other hand, in- 
volve the differing affinities that solutes may have 
for the stacking fault regions of extended disloca- 
tions in close-packed materials, one might easily 
expect to see variations in stress-strain behavior 
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from solute to solute if both elastic and chemical 
interactions were present, because there is no ap- 
parent reason for which a solute atoms exhibiting 
a strong elastic interaction must also exhibit a 
strong chemical interaction. 

When one considers the effect that the type of 
solute element has upon the strains at which the 
minima appear in Figs. 2 and 3, he does find a 
variation between solutes. Following are the strains 
at which the minima appear corresponding to each 
solute element investigated: 


Solute Strain Corresponding to Minimum 
Zn 0.043 + 0.005 Plus or minus 
Al 0.036 + 0.009 values represent 
Si 0.030 + 0.001 . 95 pct confidence 
Sn 0.020 +0.001 limits 


The figures undeniably represent a variation in 
flow behavior from solute to solute, suggesting a 
chemical effect, and are submitted as possible 
evidence for the Suzuki type of interaction between 
solute atoms and extended dislocations. 

It should be mentioned that the displacements of 
the minima are neither predicted nor precluded by 
the Suzuki model. An effect that is predicted is a 
weak temperature dependence of the yield strength 
and has been observed by Hibbard” in copper-alloy 
polycrystals. 

Nature of Strain-Hardening Effects—The stress 
increment shown in Figs. 2 and 3 is given by 


Ao 


alloy copper 


Differentiating with respect to strain, we have 


ado _ (22) 

de alloy copper 
where the right-hand terms express the strain- 
hardening rates of the alloy and the pure copper, 
respectively. It is apparent that, if the Ao vs e plot 
is to show both a relative maximum at small strains 
and a relative minimum at larger strains, the 
strain-hardening rate of the alloy must be equal 
to that of pure copper at these strains, less than 
that of pure copper at intermediate strains, and 
greater than that of pure copper elsewhere. 

One could expect (00/@€)atloy to be greater than 
(80/ 0€ )copper during initial slip if slip occurs in the 
alloy to a greater extent by the movement of newly 
generated dislocations than in pure copper. One 
can argue superficially for this point by saying that 
in the alloy it might be easier to generate new dis- 
locations than to dislodge the existing solute-pinned 
dislocations while in pure copper solute pinning does 
not occur. Existing dislocations in the pure copper 
would, therefore, move more freely. Thus strain 
hardening would be greater in the alloy because of 
the increased number of interactions between 
dislocations. 

At higher stresses the solute-pinned dislocations 
would be expected to break away from their re- 
straining solute atmospheres and result in a de- 
creased rate of strain hardening. The breakaway 
stress in these alloys would reflect the combined 
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effects of elastic, electrical, and chemical inter- 
actions. One is able to see why the strain-harden- 
ing rate could decrease to values lower than that 
for pure copper, since breakaway in the alloys 
involves the sudden movement of many more dis- 
locations than are in the copper at corresponding 
strains. The alloy strain-hardening rate in this 
region, however, does not have to fall below that 
of copper by this argument. Hibbard’s» copper- 
germanium alloy is, in fact, an example of sucha 
case in which the alloy strain-hardening rate is 
never lower than the pure copper strain-hardening 
rate. 

After an amount of relatively easy flow the alloy 
strain-hardening rate would start to increase again 
as a result of further interactions between disloca- 
tions. Further straining would be accomplished 
only by increased amounts of cross and intersecting 
slip and the accompanying coalescence of the partial 
dislocation pairs which comprise the extended dis- 
locations. The difficulty with which two partials join 
to form a single unit dislocation would reflect the 
stacking fault energy; variations in this difficulty 
could only reflect differing strengths of chemical 
interactions between solute atoms and the stacking 
faults. A solute atom, therefore, which has a strong 
chemical interaction with extended dislocations 
would require the application of higher stresses at 
this stage in order that straining continue. A strong 
interaction would place the minimum point of the 
Ao vs € plot at both higher stresses and lower 
strains than would a weak interaction. Displace- 
ments like this are observed in the present alloys. 

It must be understood that by the time the alloys 
have been strained to the point at which the strain- 
hardening rate increases again the dislocations 
have left their original atmospheres behind and 
that the interactions now occur with different 
clusters of solute atoms that are distributed about 
the lattice. 

Thus the displacements of the minima of Figs. 2 
and 3 can be explained in terms of Suzuki, or chem- 
ical, interactions between dislocations and solute 
atoms. 

Another interesting feature of Figs. 2 and 3 is 
that, at large strains, the strain-hardening rates 
of the alloys are roughly equal. It suggests that 
the strain-hardening rate of copper alloys is in- 
dependent of stacking fault energies and dependent 
only upon elastic effects and the numbers of dislo- 
cations which undergo cross or intersecting slip. 

Model of Solute Strengthening—In summary, one 
can advance the following model concerning the 
influence of solute atoms on the deformation of 
copper alloys: 

1) Initial slip in copper alloys occurs more by 
the generation of dislocations than by the movement 
of already existing dislocations. In pure copper, on 
the other hand, it is relatively easier to move al- 
ready existing dislocations than to generate new 
ones. 

2) During initial slip the rate of strain hardening 
in the alloy is greater than for pure copper because 
of greater numbers and strengths of dislocation- 
dislocation interactions. 
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3) At suitably high stresses the original pinned 
dislocations in the alloy break away giving a lowered 
strain-hardening rate. The breakaway stress is re- 
lated to elastic, electrical, and chemical inter- 
actions. 

4) After an amount of relatively easy flow follow- 
ing breakaway, dislocation-dislocation interactions 
again impede further straining. 

5) The strength of these second-stage interactions 
can be expected to vary only if Suzuki, or chemical, 
interactions existed between the solute atoms and 
the dislocations, since only they would be expected 
to vary the stress required to coalesce the partial 
dislocation pairs prior to cross and intersecting 
slip. In the case of a strong interaction, high 
stresses would be required for continued slip. 

6) The result of a strong Suzuki, or chemical, 
interaction would be to raise the stress required 
for continued deformation. Hence the minimum 
point of the Ao vs € plot would appear at higher 
stresses and lower strains. 

7): The strength of a Suzuki, or chemical, inter- 
action, although effective in determining the level 
of stress for initial cross or intersecting slip, need 
not affect the strain-hardening rate. 


CONCLUSIONS AND SUMMARY OF RESULTS 


1) Binary copper-base solid solutions of different 
solute elements having the same initial yield 
strengths, equal grain sizes, and having no pre- 
ferred crystallographic orientation need not have 
the same stress-strain curves in the plastic flow 
regions. 

2) In three alloys (Cu-Al, Cu-Zn, and Cu-Si), 
which exhibited equal initial yield strengths the 
electron-atom ratios lay very close to one another. 
The e/a criterion was seen to fail, however, in the 
case of the copper-tin alloys which had initial yield 
strengths much higher than those of the other alloys 
and e/a ratios much lower. 

3) A different method of examining the flow re- 
gions of the stress-strain curves of face-centered- 
cubic alloys is presented. 

4) The results are discussed on the basis of a 
Suzuki, or ‘‘chemical,’’ interaction between solute 
atoms and extended dislocations. 
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Deformation Resulting from Grain Boundary Sliding 


This paper is concerned with the determination of equations 
relating elongation to the amount of shear taking place both along 
grain boundaries and in slip planes of polycrystalline aggregates 
during creep. Certain discrepancies with previously used equa- 
tions are pointed out. Grain boundaries were observed to become 
serrated during creep, but it is shown that this does not neces- 
sarily prevent further grain boundary sliding. Direct observa- 


tions of subgrain boundary migration lead to the conclusion that 
this migration facilitates sliding along serrated grain boundaries. 


H. Brunner 


It is pointed out that the state of stress at triple points is still 


unknown. 


Mosr of the mechanisms of deformation con- 
tributing to elongation are shear processes, such 
as slip, kinking, grain boundary sliding, and twin- 
ning. For quantitative investigations of individual 
deformation mechanisms it is necessary to know 
the equation which permits the calculation of speci- 
men elongation from measured amounts of shear. 
This calculated elongation must then be compared 
with the observed total elongation. The authors’ 
special interest concerned grain boundary sliding 
during creep. Although this subject has already 
been investigated quantitatively by McLean, * 
Rachinger,” and Fazan, Sherby, and Dorn,® cal- 
culations indicated that none of the equations used 
thus far to relate shear with elongation were suf- 
ficiently well founded. A basic study of this rela- 
tionship was thus made and the results of this study 
(which do not entirely agree with those previously 
used) are presented. Most of the ideas set forth 
apply not only to grain boundary sliding but to 
other mechanisms of shear as well. 


THE SHEAR-ELONGATION RELATIONSHIP 


Basic Models—The relationship between shear 
and elongation is trivial in the simplest case of 
shear, which is shown in Fig. 1(a). The vector Au 
designates the displacement across the shear inter- 
face, and Au, and Au, are its components parallel 
and normal to the tensile direction, respectively. 

It is evident that the specimen elongation due to 
shear (A6) is equal to the longitudinal component of 
H. BRUNNER is with DSR Research Staff. N. J. GRANT, Member 
AIME, is Professor, Department of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass. Based on a thesis submitted in par- 
tial fulfillment of the requirements for the Sc. D. degree Department of 
Metallurgy, Massachusetts Institute of Technology. 
Manuscript submitted November 7, 1957. IMD. 
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the shear vector, A%,; and it should be noted that 
the normal component Aw, does not contribute to 

the elongation of the specimen (there are, of course, 
two normal components in a three-dimensional 
model). 

The model shown in Fig. 1(b) may be applied to 
mechanical twinning and to subgrain boundary mi- 
gration. In this case the width (/) of an already 
existing shear band increases by the migration of 
an interface, but the shear angle y (angle of mis- 
orientation in the case of a subgrain boundary) re- 
mains constant. The geometrical relationships 
indicated in Fig. 1(0) permit this case to be reduced 
to the one shown in Fig. 1(@). For the resulting 
elongation A6 we find: 


where AV/V = fraction of the volume of the speci- 
men swept by migrating interfaces , and / = length 
of specimen. 

Thus, assuming for example that the angle of mis- 
orientation is 1 deg, and that B = 45 deg, we find that 
the specimen elongates 0.87 pct of its length if the 
entire volume of the specimen is swept once by such 
a subgrain boundary. An example of deformation by 
migration of subgrain boundaries is shown in Fig. 2. 
The specimen shown was repolished after 9.8 pct 
creep strain and the test then continued for another 
1 pet. Since the shear vector has, in general, a 
component normal to the surface, subgrain bound- 
ary migration results in the formation of an in- 
clined band delineating the region swept by the sub- 
grain boundary. These inclined bands become 
clearly visible when observed with oblique illumina- 
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Fig. 1—Relationship of shear with elonga- on 
tion for the two basic models; (2) when the 

shear deformation is concentrated in a 

plane, and (4) when the shear is uniform 

within an oblique band. 


tion. The mechanism of their formation has been 
explained, for example, by Cahn.* 

The model shown in Fig. 1(b) may also be applied 
to kinking and to subgrain rotation; under these 
circumstances the width of the shear band remains 
constant and the shear angle y increases. This de- 
formation mechanism has been considered in detail 
by McLean® and others. 

It is worth noticing that, although slip is neces- 
sary for both subgrain boundary migration and for 
subgrain rotation, the former does not increase the 
spread of Laue spots and is consequently more dif- 
ficult to verify. 

General Relationship— The following equations 
apply to shear interfaces which do not extend across 
the whole specimen. No assumptions concerning the 
shape of the shear interface are made. In order to 
simplify the derivation, it is at first assumed that 
stresses and strains are proportional. This, how- 
ever, does not imply that analogous derivations 
cannot be made for other stress-strain relation- 
ships. 

At first let us assume that an internal shear 


Fig. 2—Inclined bands on specimen surface caused by mi- 
grating subgrain boundaries. Al-1.9 pct Mg alloy repolished 
after preliminary creep elongation of 9.8 pct at 900° F ata 
strain rate of 2.5 pct hr, then further elongated 1.07 pct 

in creep. Oblique illumination. X100. Reduced appr ox- 
imately 27 pct for reproduction. 
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(a) 


(b) 


interface is pinned in such a way as to prevent 
shearing. If the applied tensile stress is S, and the 
angle between the tensile direction and the inter- 
face is B, then the shear stress 7 along the inter- 
face will be 7 = (S/2) sin 28. At this point the mo- 
tion of the grips of the specimen is stopped (in order 
to prevent the applied tension from doing any work) 
and the interface is slowly allowed to shear. Under 
this condition the shear stress across the interface 
will, with increasing shear displacement, decrease 
linearly from its original value 7 to zero and the 
displacement across the interface will increase 
from zero to its final value Au (Starr).° The work 
d(AV) done on an element of the interface during 
this stress relaxation is: 


Force xX Au Au- fF 
2 2 


d(AYV) = 


where 7 is the shear interface andd/ is an element 
of this interface. Integration of this equation gives: 


ff au-r-ar=3 Au-sin2¢-d— [2] 
I I 


The force F at the grips is now plotted as a function 
of total elongation of the specimen. This plot is 
shown in Fig. 3. Force and elongation after loading 
are represented by point 1. Since the grips are held 
firmly, no further elongation results when the shear 
interface is released. However, the applied force 


Ag 
= / 
F 
NS 
Fig. 3—Force re- 2 
laxation and re- F \ 
leased energy. 
elongation 
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drops to point 2. The same point would have been 
reached directly if the shear interface had never 
been pinned. Thus when the interface is allowed to 
shear, the energy released will be equal to the 
shaded area in Fig. 3. From purely geometrical 
relationships shown in Fig. 3 we obtain: 


2 2 
Ad.S.A 
= [3] 


where A is the cross section of the specimen. 
Eliminating AV from [2] and [3] leads to the 
following equation: 


According to Fig. 3, A6 is defined as the additional 
elongation of the specimen due to the occurrence of 
shear along the interface. Geometrical relation- 
ships permit the substitution in this equation of Au, 
and dA for Au and dl, respectively. This results in 
the following equation: 


1 1 
Aé {f Au, - dA [5] 
A 


where I’ is the projection of the shear interface onto 
the cross section of the specimen. In two-dimen- 
sional cases Eq. [5] becomes: 


Ab = dt [6] 
w 


where w is the width of the specimen and dfisa 
length increment in the transverse direction. The 
meaning of Eq. [6] can be explained most easily by 
means of the experimental results shown in Fig. 4. 
The vertical component Au, of the displacement 
across the grain boundary is plotted as a function 
of the horizontal projection of the grain boundary as 
shown at the bottom of Fig. 4. The shaded area rep- 
resents the definite integral in Eq. [6]. In other 
words, the elongation due to shear is equal to the 
average longitudinal component of shear displace- 
ment where the average is taken over the whole 
cross section of the specimen. 

In so-called rigid-plastic tensile specimens there 
is no unique relationship between stress and elon- 
gation. In this case the appropriate criterion for 
estimating the effect of an interface without shear 
strength would be the yield stress. A criterion 
which is applicable regardless of the stress-strain 
relationship is the energy V expended to achieve 
some total elongation (5 + A6). It can be shown 
that the fractional decrease in strain energy due to 
the presence of a shear interface is 2 a/w for the 
rigid-plastic specimen shown in Fig. 9(b). On the 
other hand, if Eq. [6] is applied to the same case, 
we find also that A6/(6 + Ad) = 2a/w. It may then 
be concluded that Eqs. [5] and [6] apply to rigid- 
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plastic materials as well. It will be assumed that 
these equations hold also for intermediate cases. 

Eqs. [5] and [6] permit the evaluation of the elon- 
gation caused by shear along one shear interface. 
If there are many shear interfaces (either slip 
bands or grain boundaries) the calculation has to 
be performed for each shear interface in order to 
obtain the total contribution of any one mechanism 
of deformation. In most cases this would be a 
very cumbersome method. Therefore, two modi- 
fications of Eq. [6] will be given for which it is suf- 
ficient to measure the shear displacements only at 
the points of intersection of the shear interfaces 
with a straight line. 

Lineal Analysis along a Longitudinal Line—If we 
arbitrarily draw a line on the specimen surface 
parallel to the axis of tension then this line may 
intersect the shear interface at a certain point. If 
now the shear interface (for example, the grain 
boundary in Fig. 4) is projected onto the horizontal 
(t) axis, the projected point of intersection will be 
random on the f-axis. Measuring the values of Au, 
at each intersection and calculating their average 
magnitude is equivalent to calculating the average 
height of the shaded area at the bottom of Fig. 4. 
Since integration over the width of the specimen 
(as required by Eq. [6]) can be accomplished by 
multiplying the average height by w, and further- 
more, since w is also in the denominator of Eq.[6], 


direction of elongation 


Fig. 4—Experimentally observed distribution of grain 
boundary sliding. 
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Fig. 5(2)—Shear accomodation at a change 
of direction of a shear interface and addi- 
tion of displacement vectors according to 
Eq. [2]; (6) Addition of displacement vec- 
tors according to Eq. [3]. 


this factor cancels out. This argument can be ex- 
pressed in the form of the following equation: 


1 
J Au, -dt (Aus) (Aw,) [7] 


which gives the elongation due to one shear inter- 
face. If we designate the number of shear interfaces 
per specimen length with n, recalling that (Aw) ,, 
was calculated by dividing the sum of all Au, values 
by n, then for the whole specimen length the elonga- 
tion is: 


Aw, 


Ad=n. (Au) =n. ye Au, [8] 
length 


Thus we can state that the elongation resulting from 
grain boundary sliding (for example) is found by 
adding the values of Az, at all intersections between 
grain boundaries and one arbitrary, longitudinal 
line. In this case the gage length is the length of the 
longitudinal line. 

Lineal Analysis along a Transverse Marker Line— 
Au, is again the longitudinal component of the shear 
displacement. It can best be obtained by measuring 
the offset of a transverse marker line across a 
shear interface. However, the Au, values should 
not be added along the marker line. The projected 
points of intersection would be random on the longi- 
tudinal axis rather than on the transverse axis. 
Thus, adding displacements along a horizontal line 
is equivalent to integrating along the vertical axis 
instead of integrating along the horizontal axis, that 
is, integrating over ds, instead of dt, see Fig. 4. We 
find that dt = ds-tan 8. Substituting this value into 
Eq. [6] leads to: 


ao = tan ds [9] 


Since Eqs. [6]-and [9] are identical except for the 
factor tan B, essentially the same method can be 
used as explained above, except that each Au, had 
to be multiplied by tan 8 measured at the same 
intersection. Since the chance of a horizontal line 
intersecting a vertical shear interface is much 
greater than that of intersecting a nearly horizontal 
shear interface, the average value of £ will always 
be less than 45 deg. For example, in a study on 
grain boundary sliding during creep, the average 
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value of 8 was found to be about 35 deg after 10 pct 
strain. Moreover, the average tan £ is not constant 
but decreases with increasing grain elongation. 

Thus the elongation resulting from grain boundary 
Sliding (for example) is found by measuring the 
product of Au, and tan £ at each intersection of a 
transverse marker line with grain boundaries, add- 
ing the products, and multiplying the sum with the 
factor 1/w, where Lis the length of the specimen, 
and w is the length of the horizontal marker line. 
Expressed in the form of an equation: 


Aé (A uw, tan £) [10] 


width 


Part of Rachinger’s’ results were derived from the 
average displacement across grain boundaries of 
horizontal marker lines. This average should be 
multiplied by a factor of less than 0.7, since tan B 
was ignored in the derivation. The same holds true 
for measurements by Harper and Dorn,’ although to 
a lesser degree, since the strain in their case was 
only 1.7 pct as compared with 50 pct in the case of 
Rachinger. McLean’ did not state whether he 
sampled the displacements along a longitudinal or 
transverse direction, but in the case of his slip 
study, it was explicitly assumed that the angle be- 
tween slip direction and tensile direction is 45 deg 
which, as shown above, is not the correct average. 


Fig. 6—Grain boundary corrugation caused by creep at 
400° F and 6800 psi in Al-1.9 pct Mg alloy. Preliminary 
creep elongation 9.4 pct, followed by repolishing and 10.2 
pet additional creep elongation. Oblique illumination. 
X1000. Reduced approximately 27 pct for reproduction. 
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DEFORMATION IN THE VICINITY OF GRAIN 
BOUNDARIES 


Continuity of Shear—In this section, the condition 
for continuity of material during shear deformation 
will be derived and some of the implications will be 
discussed. 

Let us assume that the shear interface is corru- 
gated as shown, for example, in Figs. 5(a) and 6. If 
shear occurs along the shaded interface indicated in 
Fig. 5(a), a layer 2-2’ must shear at the point of 
change of direction. If shearing does not occur, a 
crack must form at that point. From Fig. 5(a) it 
follows that the shear displacement Azz is deter- 
mined by the vector equation 


Au; + Au, = Au, [11] 
The sign of the displacement is sometimes am- 
biguous, in which case the following form is to be 
preferred: 
Au, =0 [12] 
In other words, the vector sum of all shear dis- 
placements encountered when following any closed 
path within the specimen must be zero. Sucha 
summation is indicated in Fig. 5(b). In principle, 
Eq. [11] permits any shear process to be reduced 
to the basic case shown in Fig. 1(a). The vector 
Eq. [12] is not restricted to shear displacements 
but is valid for displacement vectors in general. 
Accommodation of shear at points where the 
shear direction changes may occur by fold forma- 
tion or by subgrain boundary migration. Washburn 
and Parker® elucidated the relationship between 
subgrain boundary migration and shear by their 
well-known experiment on stress-induced subgrain 
boundary migration. The present authors found, by 
the same technique as that used for Fig. 2, that at 
sufficiently high temperatures grain boundary slid- 
ing was accommodated at points of change of direc- 
tion of the grain boundary by subgrain boundary 
migration. A triangular facet on the specimen sur- 
face resulting from this stress-induced subgrain 
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Fig. 7(2) Accomodation of grain boundary 
sliding by migration of subgrain bound- 
aries, and (b) accommodation of slip 
across subgrain boundaries by the same 
mechanism. 


boundary migration near grain boundaries is shown 
schematically in Fig. 7(@). 

If the shear interface represents a slip plane, and 
if the change of slip direction corresponds to the 
lattice bending caused by a subgrain boundary, it is 
evident that stress-induced migration of this sub- 
grain boundary suffices to accommodate slip across 
the subgrain boundary. The bending of a subgrain 
boundary by an intersecting slip plane, which is 
schematically shown in Fig. 7(0), has actually been 
observed by Amelinkx.® 

At triple points grain boundary sliding may be 
accommodated by sliding along another grain bound- 
ary. Assume, for example, that Fig. 5(@) repre- 
sents a triple point and that all three shear vectors 
Au in that figure designate grain boundary sliding. 
Fig. 5(a) then makes it immediately clear that grain 
boundary 2 must simultaneously migrate from po- 
sition 2 to 2’. Grain boundary 2 must therefore be 
mobile enough to migrate ‘‘upstream.’’ This mech- 
anism of deformation by combined grain boundary 
sliding and grain boundary migration is of con- 
siderable interest, since it is the only way to ex- 
plain deformation of an aggregate of grains without 
deformation in the interior of the grains. 

As another consequence of Eqs.[11] and [12] it can 
be deduced that three slip directions (zones) are 
necessary to accommodate slip across grain bound- 
aries. If the vector Au, is defined as the direction 
and magnitude of slip displacement in grain A, it 
follows immediately from the above equations that 
at the grain boundary AB Au, = AUp, where Au, 
denotes the direction and magnitude of shear dis- 
placement in grain B. Any vector Au gz can be re- 
solved into components along three crystallographic 
slip directions (zones), provided that these three 
directions are not in a common plane; and any plane 
can be resolved into components of three slip planes. 
Since any two slip directions are in a common slip 
plane, and since two slip planes intersect along a 
common slip direction, there are actually only three 
slip systems necessary if the three slip directions 
are not in a common plane. 

Chang and Grant” have shown that grain bound- 
aries become corrugated during creep. A striking 
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Fig. 8—Flowlines resulting from shear 
along corrugated interface. 


example of this is shown in Fig. 6. It is indeed 
surprising that grain boundary sliding may occur 
despite such corrugations. The theory of perfectly 
plastic solids (which assumes stress-strain dia- 
grams of the type shown in Fig. 9@) allows an es- 
timate to be made of the upper limit of the shear 
stress necessary to force sliding along such a grain 
boundary. The orthogonal net of flow lines resulting 
in this case is shown in Fig. 8. Alternating sections 
of the grain boundary are subjected to the pressures 
p, and p,, respectively. These pressures result in a 
tangential force F,. For two successive sections 
(that is, for a grain boundary length of 4c - cos y/2), 
the magnitude of the resulting force F, is: 


F, = 2c - p,) sin [13] 
Furthermore, according to Hencky:** 
- = (5- y+ 1) [14] 


where k is defined by Fig. 9(a). Substituting [14] in 


[13] results in: 


[15] 


stress 


where 7 is the external stress necessary to over- 
come the pressures p, and p,. Numerical evalua- 
tion of Eq. [15] shows that 7 is always smaller than 
k as long as the angle y is less than 90 deg. In other 
words, Sliding along a serrated grain boundary re- 
quires a lower shear stress than shear within the 
grains if the angles y are less than 90 deg. The 
choice of the model of deformation is immaterial. 

If any other model would actually be pertinent, it 
would have to be one requiring less energy of 
deformation (that is, lower stress) than the present 
one. Thus the limiting value of y would, if dif- 
ferent, be higher. Eq. [15] also shows that for small 
values of y the shear stress necessary to cause 
grain boundary sliding is proportional to the angle y. 

Magnitude of Shear Displacements— This section 
considers three special cases of shear interfaces 
of negligible shear strength which do not extend 
across the whole specimen. 

First it is assumed that all points of the specimen 
exhibit the stress-strain behavior of a rigid-plastic 
solid as indicated in Fig. 9(a@), except for an inter- 
face of 1-2, see Fig. 9(b), which has no shear 
strength. Jt follows then that the shear displace- 
ment Az is constant along the length of the shear 
interface 1-2. Furthermore, according to Eq. [12], 
shear must extend beyond the two edges of the inter- 
face by some other shear mechanism, as shown, for 


Fig. 9(a)—Stress-strain diagrams of a k 
rigid plastic solid and (4) deformations in 

a tensile specimen of this material with 

an interface of low shear strength. (1-2). 


strain 
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Fig. 10(a)—Stress-strain diagrams of a 
solid exhibiting proportionality of stress 
and strain but not necessarily elasticity 
and (b) deformations in tensile specimen 
of this material with an interface of zero 
shear strength. . 


strain _ 


(a) 


example, in Fig. 9(6). The energy of deformation V 
required for a given specimen elongation can be de- 
rived from geometrical relationships and it is found 
that V is a minimum if a = g = 45 deg. Hence these 
angles will be approximated during actual deforma- 
tion. 

The deformations are somewhat different if a 
stress-strain diagram as shown in Fig. 10(@) is 
assumed; that is, for example, if strain hardening 
occurs. The analysis for this case has been pub- 
lished in a previous paper™ and it suffices to 
quote here the main results. For the shear dis- 
placement Aw across the shear interface, it has 
been found that: 


2 
= Va -(2) sin 28 


where Sis the tensile stress applied to the speci- 
men; the other terms are defined in Figs. 10(a) and 
10(6). Thus the shear displacement is a maximum 
at the center of the shear plane (x = 0), and zero at 
its endpoints. In this case the shear displacement 
along the shear plane, plotted over the shear direc- 
tion (x), is an ellipse. Eq. [16] also tells us that no 
grain boundary sliding is possible if the grains are 
rigid (that is, if E = ~) since Young’s modulus E is 
in the denominator. The usual subdivision of total 
elongation (6 + Ad) into two terms 5 (due to defor- 
mation of the grains) and Aé (due to grain boundary 
sliding) is thus somewhat artificial. Clearly, de- 
formation in the grains is possible without grain 
boundary sliding, but not vice versa. 

It is interesting to compare the shear displace- 
ments, Eq. [16], obtained by the elementary method 
used in this work with those obtained by application 
of the dislocation theory. Liebfried’ has studied 
the equilibrium distribution of dislocations when 
they occur in arrays. The derivative with respect 
to x of Eq. [16] is identical with Leibfried’s Eq. [7]. 
In a later paper, ** Leibfried extended his work to a 
three-dimensional case, namely, a circular slip 
patch in the interior of the grain. The dislocation 
distribution that was found once again requires that 
the variation of displacement with radius 7 be an 


[16] 
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(b) 
ellipse. From his results the following equation can 
be derived: 


Aun 245 


V 
Vi-(F) sin2e 


where 2R is the diameter of the plane circular shear 
interface and vis the distance from its center. Thus 


[17] 


Fig. 11—Cylindrical shear interface in a tensile specimen 
and shear displacements Au as calculated for a plane 
(dashed line) and for the cylindrical interface. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


5 
/ 
| 
y t 
|_| 
= 
4u 
4 
4 
4 
/, 
/ 
| uy 
7 
| 
| 
| 


0.8 


50 


0.6 


inclination B=22.5 and 
67. 5° 


30° 60° 90° =/20° 


Fig. 12—Influence of curvature of the shear interface on 
the resulting elongation A6. For a given chord length a 

plane interface (a = ~) at 45 deg inclination (6 = 45 deg) 
would cause maximum elongation (Aé 


max): 


the only difference as compared to the two-dimen- 
sional case, Kq. [16], is that the displacements are 
smaller by a factor 2/7. 

Smith” studied the effects of a cylindrically 
curved shear interface in a plate, assuming again 
that the stresses and strains are proportional. Such 
a shear interface is shown schematically in Fig. 11. 
Smith’s results permit the evaluation of the influ- 
ence of a possible curvature of the shear interface 
on the results previously derived” for a straight 
shear interface. At the upper left of Fig. 11, the 
shear displacements Aware plotted over the chord 
of the interface as calculated for a cylindrical shear 
interface (solid line), and for a plane shear inter- 
face (dashed line). The comparison shows that even 
a curvature (a) as high as 60 deg decreases shear- 
ing only slightly. In Fig. 12 the elongation A6 re- 
sulting from shearing along a curved interface is 
compared with the elongation A6,,,, resulting from 
shearing along a plane interface at 45 deg inclination 
(i.e., B = 45 deg, a = 0 deg), the length of which is 
equal to the chord length of the curved interface. 
Again it is evident that curvatures of the shear 
interfaces up to 30 deg have very little influence 
on the resulting elongation. As a consequence, the 
curvature of any shear interface has also very little 
influence on the strain energy. 

In an elastic medium, or also in a nonelastic 
medium when strain hardening occurs, a stress 
concentration will always build up at the endpoints 
of the shear interface. According to Starr® the 
stress-concentration factor q is: 


q 


where c is one-half of the length of the shear inter- 
face (as shown in Fig. 10(5)) and p is the radius of 
curvature at the endpoints of the shear interface. 
If it is assumed that p is equal to the lattice con- 
stant, the stress-concentration factor for the case 
shown in Fig. 6 is about 20 if the corrugations of 
the grain boundary are able to prevent continuous 


[18] 
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sliding along the grain boundary, and about 400 if 
they are not. The corrugations lose their ability 
to prevent continuous grain boundary sliding if ac- 
commodation of grain boundary sliding at points of 
change of direction occurs. The stresses at the 
triple points will then increase as accommodation 
of grain boundary sliding progresses. This, how- 
ever, may require considerable time. Boulanger 
and Crussard*® found that the relaxation time of 
migrating subgrain boundaries is about 10 hr for 
aluminum at 500°F. This has to be contrasted with 
a relaxation time of 5 sec as found by Ké”™ for 
grain boundary sliding proper (that is, for sliding 
along individual straight sections). 

Arrays of Hexagonal Grains—Kq. [6] can be ap- 
plied to arrays of hexagonal grains of a rigid-plastic 
metal characterized by the stress-strain diagram 
shown in Fig. 9(a). If this array is deformed, it has 
been noted experimentally that the flow lines within 
the hexagons will appear as shown in Fig. 13. At 
this point it suffices to know that, due to plastic de- 
formation, shearing of diametrically opposed grain 
boundaries is continuous across the grains. Simple 
evaluation of Eq. [6] for both grain boundaries and 
grains shows that the ratio of their contributions is 
1:2. This means that grain boundary sliding cannot 
account for more than 33 pct of the total elongation 
(except if grain boundary migration makes possible 
the accommodation of grain boundary sliding at 
triple points, as was pointed out in a previous sec- 
tion). The same result is found if it is assumed 
that deformation of this array occurs by grain 
boundary sliding and grain boundary cracking (with- 
out deformation within the grains). 

At no point do the stresses reach high values. In 
the case of the plastically deformed array of hexag- 
onal grains the magnitude of the shear stress is k, 
see Fig. 9(a), within the deformed region. The 
hydrostatic tension (.e., the mean of the three 
principal stresses) is of the same order of mag- 
nitude. 

Nothing is known yet about the stresses at the 
triple points if the grains are elastic or exhibit 
pronounced strain hardening, and if the shear stress 
along all grain boundaries is assumed to be zero. 
No mathematical treatment of this case exists at 


Fig. 13—Flow lines 
due to plastic elon- 
gation of array of 
hexagonal grains. 
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the present time. It is desirable that this inter- 
esting problem be brought to the attention of 
mathematicians, since at the present time it is 

not even known whether (according to the theory of 
elasticity) the stress at a triple point should be zero 
or infinite. Although the stresses due to individual 
shear planes are known,” their mutual interaction 
at triple points is such as to suggest a basically dif- 
ferent stress distribution in their vicinity. 


SUMMARY 


Plastic deformation in metals is mostly concen- 
trated in singular planes and therefore strain ata 
point is not a continuous function of the coordinates 
of that point. Consequently deformation studies in 
terms of shear vectors are more suitable to de- 
scribe real deformation mechanisms. In terms of 
shear or displacement: vectors the so-called condi- 
tion of compatability ¢.e., continuity of material 
during deformation) can be expressed by a very 
simple equation. Equations relating shear and 
elongation have been derived, and their comparison 
with equations previously used indicates that the 
earlier investigations have somewhat overestimated 
the contribution of grain boundary sliding to defor- 
mation. In the (idealized) case of an array of hex- 
agonal grains, in the absence of grain boundary 
migration, the contribution of grain boundary sliding 
to deformation cannot be more than one-third of the 
total deformation. 

Calculations show that the influence of a possible 
overall curvature of the shear interface on the shear 
process (grain boundary sliding, slip, and so on) 
can for all practical purposes be neglected. It has 
been observed that sliding grain boundaries usually 
become ‘‘rumpled’’ during creep. Estimates of the 
shear stress necessary to force grain boundary 
sliding along corrugated grain boundaries show that 
the ‘‘rumples’’ may impede grain boundary sliding 
but do not necessarily prevent it. A simple method 
to detect migrating subgrain boundaries indicates 


that migration of subgrain boundaries plays an im- 
portant role in making grain boundary sliding pos- 
sible along rumpled grain boundaries and, in addi- 
tion, contributes to the deformation within the 
grains. 

The prevalent opinion that the hydrostatic stress 
(i.e., the mean of the three principal stresses) at 
triple points is high lacks conclusive confirmation, 
both experimentally and theoretically, at the present 


time. 
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Microbeam Analysis of Widmanstatten Structure in Meteoritic Iron 


R. E. Maringer, N. A, Richard, and A. E. Austin 


As part of a detailed study of the structure of me- 
tallic meteorites, the concentration and distribution 
of iron and nickel in the various phases of meteor- 
itic iron have been measured using an electron- 
probe microanalyzer. The specimen used was cut 
from a position about 3 in. below the surface of the 
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Technical Note 


Grant meteorite, a one-half-ton iron specimen 
(containing 9.35 pct Ni) found in New Mexico some 
years ago. A photomicrograph showing the general 
Widmanstatten structure, somewhat typical of iron 
meteorites, is shown in Fig. 1. The line across 
which the analyses were made is indicated by ar- 
rows. This area was chosen so as to evaluate the 
iron-nickel concentration in the three principal 
phases visible in Fig. 1. 

These phases, in the language of meteoritics, are 
kamacite, taenite, and plessite. Kamacite is the a- 
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Fig. 1—Microstructure of Grant meteorite. Arrows indi- 
cate area in which analyses were made. X50. Enlarged 
approximately 4 pct for reproduction. 


iron phase which contains a comparatively small 
amount of nickel. Kamacite is easily recognized 
since it is readily attacked by a Nital or Picral 
etch and shows numerous twins (Neumann lamal- 
lae). Separating the kamacite grains is taenite, 
which has the y-iron structure by virtue of its 
higher nickel content. Taenite is sufficiently re- 
sistant to a Nital or Picral etch to appear white on 
most photomicrographs. Entirely contained in the 
taenite grains is plessite, apparently a mixture of 
@ and y iron. This appears as the dark phase in 

The distribution of iron and nickel in the region 
of interest was determined by recording the X-ray 
intensities of each of the elements as the specimen 
was passed under the electron probe at a uniform 
rate. The distribution curve for nickel is shown in 
Fig. 2. 

In addition to the traverse mentioned above, the 
relative concentrations of both iron and nickel were 
determined at ten different points in the region of 
interest. The concentration of both iron and nickel 
was determined by the ratio of the X-ray intensities 
from the elements in the specimen to the X-ray in- 
tensities from ‘‘standard’’ specimens of nominally 
pure iron and nickel. The standards used in this in- 
vestigation were Armco iron (99.94 pct Fe) and com- 
mercially pure wrought ‘‘A’’ nickel (99.56 pct Ni). 
The ratios of the intensities, for the regions exam- 
ined, are listed in Table I. 

It is interesting to note that kamacite produced a 
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greater intensity of characteristic iron X-radiation 
than did the standard specimen. While the intensity 
of the iron X-radiation from the specimen will be 
enhanced to some degree because of florescence by 
the nickel X-radiation, it would not appear to account 
for such large increase in the iron intensity. It is 
hoped that some experiments now being planned will 
resolve this difficulty. 

In order that corrections for electron and X-ray 
absorption could be applied to the experimental data, 
it was assumed that both the kamacite and the taenite 
were composed entirely of iron and nickel. These 
assumptions were somewhat justified by the absence 
of detectable amounts (0.5 pct) of vanadium, chro- 
mium, manganese, cobalt, and tungsten in the regions 
examined. On the basis of the above assumptions, the 
concentrations of iron and nickel, with corrections 
for density changes and X-ray absorption, are given 
in Table II and are plotted as crosses in Fig. 2. 

The analysis of iron and nickel in the plessite 
phase did not account for 100 pct of the volume ex- 
amined. The remainder is assumed to be composed 
of an element or elements for which the microana- 
lyzer is at present not sensitive (i.e., elements of 
atomic number less than 22). It is planned to in- 
crease the sensitivity of the instrument in the near 
future so that elements of atomic number 13 or 
greater can be detected. This will enable the detec- 
tion of the two most probable elements (P and S) 
which might be present in plessite. 

It has been postulated that meteorites are frag- 
ments of a much larger body. This body cooled 
from high temperatures very slowly (because of its 
size), perhaps taking tens or hundreds of millions 
of years to cool through the range of temperature in 
which the Widmanstatten structure forms. The 
amount of nickel in the kamacite phase suggests, 


© Qualitative nickel distribution 


_ (And associated numbers) Represent analytical results presented 
in Table 2 
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Fig. 2—Variation of nickel content in various phases of 
Grant meteorite. 
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Table |. Ratio of X-Ray Intensities, Specimen to Standard 


Table II. Relative Concentration, Wt Pct 


Region Fe Ni Total Region Fe Ni xX 
1 1.0165 0.0339 1.0504 1 93.3 6.82 - 
2 1.0370 0.0302 1.0672 Y) 95.0 6.08 - 
3 1.0299 0.0334 1.0633 3 94.4 6.52 - 
4 0.8165 0.1576 0.9741 4 72.0 27.5 - 
5 0.8226 0.0828 , 0.9054 5 75.5 16.6 7.9 
6 0.8230 0.0663 0.8893 6 75.5 13.3 44:2 
7 0.8308 0.0726 0.9034 7 76.4 14.6 9.0 
8 0.7986 0.1785 0.9471 8 69.0 31.6 - 
9 1.0150 0.0319 1.0469 9 93.2 6.42 - 
10 1.0048 0.0359 1.0407 10 92.4 7.20 - 

from the iron-nickel equilibrium diagram of Owen ACKNOWLEDGMENTS 


and Liu,’ that the Widmanstitten structure was still 
being formed at about 400°C. As Uhlig has pointed 
out,” the high pressures one would encounter in the 
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core of a large body would lower the transformation 
temperatures of the equilibrium diagram, perhaps 


by 200°C. Thus, the data indicate that the tempera- REFERENCES . 
ture of the body was well below 400°C when frag- os Eee and Y. H. Liu: Journal, Iron and Steel Institute, 1949, vol. 163, 
mentation took place. a, H. Uhlig: Geochimica et Cosmochimica Acta, 1954, vol. 6, pp. 282-301. 


Effect of Changes in Slip Direction on the Creep of 
Magnesium Crystals 


The strain hardening associated with the creep of magnesium 
single crystals at room temperature was investigated by shear 
tests in which the direction of stressing was reversed a number 
of times after creep in a <100> direction. The strain hardening 
was strongly anisotropic; the largest amount occurring in the 
direction of flow and the least 180 deg to this. 

The time law for creep changed from a parabolic type to 
logarithmic for the first and subsequent reversals of stress. 
For a given stress the creep strain decreased significantly for 
the first and second reversals and then only slightly for subse- 
quent reversals. The logarithmic creep constant a changed in 
a similar manner. 

A linear relationship was observed between the creep 
strain for a given reversal and the stress. The slope for the 
third reversal yielded a strain hardening coefficient 12 to 16 
times greater than that observed for unidirectional flow. Al- 
though no recovery was observed upon resting at room tempera- 
ture, the hardening resulting from stress reversals could be 


completely removed by heating to 450° C. H. Conrad 


Previous work’? indicated that the creep rate of 
magnesium single crystals tested in the temperature 
range of 78° to 364°K decreased with time. This was 
attributed to an increase in internal stress resulting 
from an accumulation of dislocations at internal 

H. CONRAD, Associate Member AIME, is with Westinghouse 


Research Laboratories, Pittsburgh 35, Pa. 
Manuscript submitted March 13, 1958. IMD. 
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obstacles. The object of the present investigation 
was to further evaluate the nature of this hardening 
by conducting tests in which the direction of stress- 
ing is changed after previous creep in shear ina 
given slip direction. 

Previous to 1950 three investigations indicated that 
a Bauschinger effect® occurred for Single crystals as 


well as polycrystals:a@ brass in tension compression, * 
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Zn in alternate torsion, and Sn in reverse shearing.° 
In recent years considerable interest has developed 
in this effect and has led to tension compression,”~*° 
reverse shear,” and reverse bending” tests on 
single crystals of Cd,” Cu? 

a brass,” and Fe.’ 

In these investigations yielding always occurred at 
a lower stress in the reverse direction than would 
have been required to continue flow in the original 
direction, indicating the existence of a Bauschinger 
effect. However, in general, a stress higher than the 
original maximum was required to give the same 
strain in the reverse direction as the forward strain, 
t.e.,to return the total strain to zero, indicating that 
some hardening had occurred for the latent reverse 
direction as well as for the original direction.* When 

*Two exceptions to this are: the results by Held® for Sn crystals in 
alternate shear at 20°C (but not at -75°C and 100°C) and the results by 
Scholl1© for Al crystals in reverse shear at room temperature. 
the stress was applied in latent directions other than 
180 deg, even greater hardening than for the original 
direction was 

Most of the work on the Bauschinger effect in 
single crystals was conducted by constant loading 
rate or constant strain rate tests, very little having 
been done using creep tests. Weinberg** merely 
reported that the stress required to produce creep 
in shear in zinc crystals was lower in the reverse 
direction than in the forward direction, while 
Eisner™ indicated a reduction in stress in the 
reverse bending direction and a decrease in the 
creep parameters. In neither case were the effects 
covered in any detail. In view of this it appears that 
a more thorough investigation of the Bauschinger 
effect in creep is desirable, especially with a metal 
such as magnesium where slip occurs on only one 
plane, giving easy glide.* The shear test is preferred, 


*The basal plane is normally the active slip plane in magnesium 
crystals at temperatures below 200°C. 
for it offers a convenient method for changing the slip 
direction in the basal plane. 

In the present work three aspects of the problem 
were investigated: a) the effect of one or more re- 
versals of the direction of stressing on creep be- 
havior; b) the effect of the addition or removal of a 
stress increment after a number of reversals; c) 
creep behavior in directions other than the reverse 
direction. 


EXPERIMENTAL PROCEDURE 


The orientations of the magnesium crystals (<0.05 
pet impurities) were determined by the Laue back- 
reflection technique and are given in Table I. The 
detailed composition and growing technique are given 
in a previous report, * as is also a description of the 
shear apparatus and the method of specimen prepa- 
ration. Briefly, cylindrical crystals 1.25 cm diam 
by 15 cm length were grown from the melt ina 
temperature gradient furnace. Shear specimens 
were prepared by acid cutting 2.5-cm sections from 
the cylindrical crystals. Clamping collars of hard 
copper tubing were cut to the proper angle to out- 
line the trace of the slip plane and cemented to the 
chemically polished crystals with Dupont Cement 
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No. 5458 to give a 0.3-cm shear section. Orienta- 
tion of the crystals were rechecked after mounting 
in the collars and was always found to agree within 
2 deg of that desired. 
The shear apparatus was a modified Bausch type. 
Strain was measured by a clip gage attached to the 
Shear apparatus and connected to a Baldwin SR-4 
strain recorder operating at 1/12 rpm. This com- 
bination gave a shear strain sensitivity of 1 x 107° 
The tests were conducted in air at room tempera- 
ture, 22 to 24°C. 
The initial loading procedure, 7.€., the loading of a 
virgin crystal in the initial direction was of two types: 
a) A load twice the initial yield stress (critical 
resolved shear stress) was added as a unit, care 
being taken not to shock load the specimen. Creep 
was then allowed to occur for 10 min at this stress. 
b) 10 g per sq mm increments were added 
starting from zero stress until a shear strain of 
approximately 0.1 was attained. The time interval 
between increments was held constant at 2 or 6 min. 
The method of initial loading employed for a given 
specimen is presented in Table I. 


Subsequent stressing was the same for all speci- 
ments and consisted of the following: - after creep 
in the original or initial direction, the specimen was 
unloaded, the shear apparatus removed from the 
loading frame and indexed to give a direction of 
stressing 180 deg to the original. The shear appara- 
tus was then replaced in the loading frame and the 
total load, 7.€., the maximum load in the initial direc- 
tion, was reapplied as a unit. Creep was then allowed 
to occur in this reverse direction. Following creep 
in the reverse direction, the specimen was again 
unloaded and the direction of stressing reversed so 
that it was now back to the original direction. The 
load was then reapplied as a unit and creep again 
allowed to occur. This loading, unloading, reversal 
of direction, and reloading was continued for a num- 
ber of cycles. The time interval between unloading 
and reloading was always 4 min. 

Changes in stress were accomplished by adding or 
removing a stress increment after a number of re- 
versals at a previous stress. The increment or 
decrement was added to the loading container while 
it was removed from the specimen for indexing to a 
reverse direction. Upon reloading the specimen, the 
total load (previous load plus increment or decrement) 
was applied in the new direction. Most increments or 


Table |. Orientation and Initial Yield Stress, tT), of Mg Crystals 


Spec. b Initial To 
Crystal AS Loading g/mm 
11 11-4 85° 85° Incremental 60 
11-5 Total - 
40 40-1 60° 62° Incremental 80 
40-1A4 Incremental 70 
40-2 Incremental 70 


[Individual section cut from crystal rod. 
bAngle between rod axis and the basal plane. 
CAngle between rod axis and the slip direction. 
dRecovered specimen 40-1. 


VOLUME 215, FEBRUARY 1959-59 


-2 
Crystal 11-5 
2 
_ 20) 120g/mm*, 10 min. 20 E 
oO 
5 10 10 
= 
fe) | | | | 


4 6 
Number of Reversals 


Fig. 1—Effect of reversals of slip direction on total strain 
per reversal y, and on creep constant a. Initial load added 
as a unit. 


decrements were 10 g per sq mm, however, in some 
cases 30 or 40 g per sq mm was employed. 

Changes in direction other than 180 deg were con- 
ducted only after a number of changes in stress had 
been performed for the 0 and 180-deg directions. Be- 
fore stressing in a new direction the specimen was 
always reversed between the 0 and 180-deg directions 
in order to establish a common Starting point. The 
significance of this procedure will become apparent 
subsequently. 

All strains reported in this paper are plastic 
strains, 7.e., the total strain minus the elastic strain 
given by the instantaneous decrease in strain observed 
upon unloading. For convenience in plotting, the strain 
for a new direction is always taken as zero immedi- 
ately before the load is applied. 


EXPERIMENTAL RESULTS 


1) Reversals of Slip Direction—The creep curves 
observed for each reversal, when the stress was 
initially added as a unit, were characterized by an 
initial rapid increase of strain followed by creep 
whose rate decreased with time. With the exception 
of the curve for the initial stressing, they plotted as 
a straight line on a semi-log plot. The total strain 
per reversal, y,, and the slope of the semi-log plot 
of strain vs time, a, are given in Fig. 1.* It is seen 

*For the initial loading, « was taken as the final slope of the semi- 
log plot of creep strain vs time. 
that both y, and a decrease appreciably for the first 
and second reversals and thereafter change only 
slightly for subsequent reversals. The values of a 
given here and subsequently are based on the natural 
logarithm. 

The effect of reversals of slip direction on the 
creep curve when the initial load was added incre- 
mentally was similar to that when the total load was 
added as aunit. Again y, and @ decreased signifi- 
cantly for the first two reversals and then only 
slightly for subsequent reversals. 

As indicated above the creep curves for the 
initial straining depart from logarithmic creep at 
the longer times. This agrees with previous results” 
where it was found that unidirectional creep of 
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magnesium crystals at 25°C approximated a para- 
bolic (power) time law. The fact that the time law for 
the first and subsequent reversals remained 
logarithmic up to 24 min (maximum time investigated) 
indicates a change in the creep behavior as a result 
of stress reversals. This is further supported by 
tests described in the next section. 

2)Effect of Stress—In these tests an investigation was 
made of the effect ofa stress increment or decrement 
once the relatively stable region had been reached, 
ie, after a minimum of three reversals at a previous 
stress. Typical creep curves for these tests are 
given in Fig. 2. The capital letters indicate the se- 
quence ororder of testing. The numbers on each 
curve refer to the number of reversals; 0 indicates 
the initial stressing after the addition of a stress 
increment, 1 the first reversal, etc. Series D and E 
show the effect of adding a stress increment when the 
resulting total stress is the highest stress to which 
the crystal has been subjected. The behavior for these 
tests is similar to that described in the previous 
section, i.e., the initial creep curve after the addi- 
tion of the stress increment, labeled 0, approached a 
parabolic time law and represented the largest 
amount of total strain. The strain decreased signifi- 
cantly with the first and second reversals, and only 
slightly or not at all for subsequent reversals. Also, 
the time law for creep for the first and subsequent 
reversals was logarithmic, with a decreasing sig- 
nificantly from the first to second reversals and only 
slightly thereafter.* Of significance is the fact that 


*At 120 g per sq mm both the creep strain and « continued to de- 
crease up to the sixth reversal, although at a much smaller rate than for 
the first and second reversals. 


the creep curve for the first reversal always gave a 
higher strain for the first 0.3 to 0.4 min than the 
initial curve. 


A 

100110 lO 120 


4 eal 
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Fig. 2—Typical creep curves observed following the addi- 
tion or removal of a 10 g per sq mm stress increment. D 
and E — First increase in stress. F — First decrease in 
stress. L—Second increase in stress. 
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Fig. 3—Effect of stress on the total strain in 2 min, y,, 

for the initial direction and the third reversal. The capital 

letters indicate order of tests. 


Series F of Fig. 2 shows the effect of removing a 
stress increment, while Series L shows the effect of 
adding an increment at a stress level less than the 
maximum to which the crystal had previously been 
stressed (120 g per sq mm in the present case). For 
the F series the initial creep curve lies above that 
for subsequent reversals while for the L series it 
lies below. The creep curves were logarithmic for 
all reversals and within experimental error the 
value of a was independent of the number of re- 
versals for these tests. 

Fig. 3 shows the variation of the total strain with 
total stress for the initial direction (labeled 0 in the 
previous figures) and for the third reversal after the 
addition or removal of a stress increment. It is 
seen from this graph that, for the first increase in 
stress (Series A to E), the total strain for both the 
initial direction and third reversal is to a first ap- 
proximation a linear function of the total stress. A 
similar relationship was found for the other re- 
versals. In each case the intercept on the stress axis 
for the first increase in stress was the initial yield 
stress (critical resolved shear stress) listed in 
Table I. Similar behavior was observed for speci- 
mens from Crystal 40 and demonstrated good re- 
producibility between different specimens from the 
same crystal (Specimens 40-1 and 40-2) and between 
a virgin crystal (40-1) and its recovered counterpart 
(40-1A).* Only an increase in stress was investigated 

*After conducting tests on specimen 40-1, it was heated for 2 hr at 
450°C giving specimen 40-1A. 
for these specimens. 

The values of the slope, 2 =d7/d¥, for the first in- 
crease in stress are: 
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Specimen Strain Hardening Coefficient, 


h=dt/dy 
Initial Third Reversal 
11-4 457 ¢/mm? 968 g/mm? 
40-1, 40-1A, 40-2 782 ¢/mm? 2270 g/mm? 


These values for the initial and third reversals are 
approximately 6 and 12 to 16 times greater re- 
spectively than the strain hardening coefficient ob- 
served for unidirectional flow of these crystals at 
room temperature.’ 

As seen from Fig. 3, for a subsequent decrease in 
stress (Tests F to I), the variation with stress of 
total strain for the third reversal also obeys a linear 
relationship. However, this line is displaced approxi- 
mately 20 g per sq mm to the right of that for tests 
A to E, indicating that previous reversals at 120 
g per sq mm have produced a hardening with regard 
to reversals at lower stresses. The results for ad- 
ditional increases and decreases of stress continued 
to fall on this latter straight line indicating a 
relatively stable region. 

Because of the scatter in the data, any variation of 
a with stress was difficult to ascertain. To a first 
approximation it appeared that for the third and sub- 
sequent reversals a was independent of stress, 
especially for total strains greater than 0.01. The 
values of a were 1.5 to 3 x 10°for specimen 11-4 
and 0.7 to 1.5 x10 ° for specimens 40-1, 40-1A, 
and 40-2. These are lower than the values previously 
observed for unidirectional flow (4.1 - 5.2 x 10°*) 
at 78° and 203°K, the temperatures where logarithmic 
creep occurred.” 

Table Il compares the values of a obtained in the 
present tests with the values predicted by the rela- 
tionship which was previously observed for unidi- 
rectional flow,” namely 


[1] 


where B is the derivative of the logarithm of the 
strain rate with respect to the applied stress. The 
values of B in Table II represent the average values 
obtained for the initial incremental loading by com- 
paring the creep rate immediately following the ad- 
dition of a stress increment with the rate immedi- 
ately preceding the addition. They are in good 
agreement with those observed previously for mag- 
nesium crystals.””” 

As seen from Table II, Eq.[1] is obeyed, indicating 
that the lower values of a observed in the present 
tests, compared to those for unidirectional flow, are 
due to the greater strain hardening resulting from 
the reversals of the direction of flow. 


Table II. Experimental Values of the Stress Constant B; Also of the 
Strain. Hardening Coefficient h, and the Creep Constant o for the 
Third and Subsequent Reversals 


B h 
Specimen mm?/g g/mm? 
11-4 0.61 968 1.7x1079 15-—3x 107° 
40-1, 40-1A, 40-2 0.58 2270 1073 
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3) Structural Observations—All crystals were 
X-rayed and examined under the optical microscope 
(X200) after the stress reversal tests. Strong slip 
lines were observed on the surfaces perpendicular 
to the slip direction. Their spacing (2 to 4 x10 * cm) 
and appearance was similar to that for unidirectional 
flow. Laue back-reflection spots from the strained 
crystals were similar in appearance to those of the 
original undeformed crystals indicating that the de- 
formation approached homogeneous shear. 

4) Recovery-The effect of resting at room tem- 
perature under zero stress was investigated at the 
end of the series of tests on the effect of stress. No 
change was observed in either the total strain or the 
value of a for reversals at 120 g per sq mm after 
rest periods of 16 hr Spec. 11-4, 22 hr Spec. 40-2 and 
6 days Spec. 40-1. This indicates a further difference 
between reversed flow and unidirectional flow, for 
significant recovery was observed at room tempera- 
ture after unidirectional flow.” On the other hand the 
hardening produced by the shear reversals was com- 
pletely removed by heating for 2 hr at 450°C as in- 
dicated by the data for specimens 40-1 and 40-1A. 

No recovery of strain with time was observed after 
unloading the specimens. 

5) Stressing in Directions Other than 180 Deg—The 
results of tests for stressing in directions 120 and 150 
deg to the previously active slipdirection are given in 
Fig. 4. The two reversals indicated by Tests a and b 
are the sixth and seventh reversals at 120 g per sq 
mm for the Series T tests on Specimen 11-4, Fig. 3, 
and represent reversals in the original slip direction. 
In view of the results discussed in the previous sec- 
tion, this represents a rather stable starting point. 
The procedure followed for each change to a latent 
direction was as follows: Considering the Test a di- 
rection as the 0-deg direction, the specimen was 
first sheared in the 180-deg direction (Test b), then 
in the latent direction, for example + 60 deg (Test c), 
then in the reverse of the latent direction, e.g., —120 
deg (Test d) and finally back to the 0-deg direction 
again (Test e). Subsequent changes in direction were 
conducted in the same sequence except in the case of 
Test k (+ 30 deg). Three reversals were carried out 
for this latent direction before returning to the 0-deg 
direction. The significant features with regard to 
Fig. 4 are: 

1) The behavior at 0 and 180 deg was not significantly 
affected by stressing in the other directions. 

2) Some strain was observed for all directions, the 
amount increased with increase in angle from the 
previously active direction. The strain in the 
latent directions was always greater than that 
which would have occurred had stressing been con- 
tinued for the same period of time in the previ- 
ously active slip direction. 


DISCUSSION 


The large increase in creep rate observed when 
the direction of stressing was reversed demonstrates 
the existance of a relatively large Bauschinger effect 
for magnesium crystals strained in creep and indi- 
cates that the strain hardening for ‘‘easy-glide’’ is 
anisotropic. Furthermore, since the effect occurred 
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for single crystals without significant structural 
changes, it must be inherent in the dislocation struc- 
ture developed during unidirectional easy-glide pre- 
straining and not due to Heyn type stresses, as has _ 
been previously suggested.”° 

In view of the temperature independence of the 
strain hardening coefficient for unidirectional flow 
when no recovery occurs’? ** it appears that the 
strain hardening of hexagonal metals is associated 
with the accumulation of dislocations on parallel 
glide planes.” However, as yet no detailed model is 
available regarding the exact nature of the obstacles 
that block dislocation movement or the configuration 
of the blocked dislocations. The present experi- 
mental results help to better define the nature of 
the strain hardened state produced by easy glide. A 
dislocation model in agreement with these results is 
given in the subsequent discussion. 

During the initial loading of a crystal, dislocations 
are generated and move through the lattice until they 
are stopped by an obstacle, @g., by the stress fields 
of a subboundary or dislocations on parallel slip 
planes. This leads to a pile-up giving a dislocation 
back stress which opposes the applied stress and 
causes a decrease in the creep rate. Upon reducing 
the applied stress to zero, the piled-up dislocations 
under the action of the back stress start to return 
to the source. However, after moving only a small 
distance they become trapped in the energy wells of 
the stress field of the dislocation structure. Asa 
result the reverse strain is only a fraction of the 
elastic strain. The back stress is insufficient to 
overcome these energy wells and since the stress 
fields are long range, thermal fluctuations are of no 
help. Consequently, no reversal of strain occurs upon 
standing at zero load. 

Upon applying the stress in the reverse direction a 
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Fig. 4—Effect of direction of stressing on the creep curve. 
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concentration of stress opposite to that for the for- 
ward direction occurs, giving a stress of sufficient 
magnitude to free the “tail” dislocations, i.e., those 
which arrived last at the obstacle. These then move 
with the aid of thermal fluctuations in the reverse 
direction yielding significant plastic flow. However, 
the “head” dislocations are not released from their 
wells for two reasons: first, they probably have been 
driven into deeper wells as a result of the forward 
stress concentration; second, the stress concentra- 
tion in the reverse direction is not as high for the 
“nead” dislocations asit wasin the forward direction. 
This asymmetry of stressconcentration thus accounts 
for the fact that less strain occurs for the first re- 
versal as compared to the initial straining. The fact 
that the strain for the first reversal was only one- 
half to two-thirds that for the initial straining indi- 
cates that a significant fraction of the dislocations 
originally piled-up become immobile with regard to 
movement in the reverse direction. It also follows 
that any dislocations of opposite sign generated dur- 
ing the first reversal are unable to cancel the locked 
dislocations; otherwise a decrease in strain would 
not have occurred for the reverse direction. 

The dislocation behavior for the second reversal 
of stress is similar to the first,7.e.,a stress concen- 
tration unlocks the “tail” dislocations while the “head” 
dislocations remain immobile. Again a significant 
fraction remain entrapped as indicated by the fact that 
the strain for the second reversal is only one-half to 
two-thirds that for the first reversal. _ 

Under a constant stress the permanent locking of 
dislocation is for the most part restricted to one for- 
ward and one reverse Straining so that to a first ap- 
proximation subsequent reversals merely represent 
an oscillation of dislocations between the immobile 
boundaries of locked dislocations. During this oscil- 
lation the strain hardening produced in one direction 
is essentially cancelled by flow in the reverse di- 
rection. This indicates that the dislocation loops 
formed for flow in one direction must either collapse 
into the source or be cancelled by dislocations of 
opposite sign when the direction of stressing is re- 
versed. If this were not the case one would expect an 
increase in the number of dislocations, which in turn 
would lead to hardening, which is not observed. 

An increase in stress, following reversals ata 
lower stress, increases both the number of locked 


dislocations and the number of oscillating disloca- 
tions. The former is indicated by the decrease in 
strain which occurs for the first and second rever- 
sals at the higher stress, while the latter is indi- 
cated by the larger initial and stable strain for the 
higher stress as compared to that for the preced- 
ing lower stress. The fact that the early part of the 
initial creep curve fell below that for the first re- 
versal may indicate that the formation of new dis- 
locations is more difficult than their movement. 

A reduction in stress after reversals at a higher 
stress gave a lower value of the oscillating strain 
than was previously observed for the lower stress. 
This indicates that the dislocations become more 
tightly locked as the stress is increased, 7.e., they 
are driven into deeper energy wells. Also, the present 
results indicate that once the locking is established 
at a given stress, it is not altered by oscillations at 
a lower stress, Fig. 3. Furthermore, the data of this 
graph can be interpreted to mean that the number of 
oscillating dislocations increases in a linear manner 
with the stress. 

The time law for creep changed from a parabolic 
(power) type to logarithmic when the direction of 
stressing was reversed. If the parabolic time law is 
associated with a recovery mechanism as suggested 
by Conrad and Robertson,” the change in time law in- 
dicates that once the dislocations become locked, re- 
covery can no longer occur at room temperature. The 
fact that no recovery occurred when the strained 
crystals were allowed to rest at room temperature 
substantiates this. However, heating to 450°C gave 
complete recovery, indicating that the locking is only 
effective at relatively low temperatures. 

The results of Fig. 4 indicate that the strain 
hardening for the latent 120-deg slip direction is al- 
most as large as that for the active direction. The 
fact that the subsequent strain in the 0 and 180-deg 
directions was the same as that previous to stress- 
ing in the 120-deg direction supports Seeger’s idea” 
that the latent hardening is due to the gradual elim- 
ination of Frank-Read sources of the latent system 
due to the mobility of the nodes of the dislocation 
network in the basal plane. The strain observed for 
the 150-deg direction is of the order of magnitude 
to be expected, if the measured strain represents 
flow in the 180-deg direction resolved in the 150- 
deg direction. 
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Oxidation of Three lron-Nickel Alloys 


and Iron at 800°C 


_ A high-temperature X-ray diffraction method has been used 
to study the composition and the kinetics of formation of oxide 
scales at 800°C on iron and pure iron-nickel alloys containing 
25.6, 75, and 84 pct Ni. This technique has been combined with 
chemical analysis, and metallographic examination, and deter- 


mination of weight-gain time curves. 


The 75 and 84 pct Ni alloys form a three-layer scale consist- 
ing of porous NiO next to the metal, a spinel layer, and a-Fe,O, 
on the outside. The 25 pct Ni alloy produces a scale of spinel and 
Fe,0;, in which, however, traces of FeO and NiO are observed 
near to the metal. On all the nickel alloys the Fe,O3 is oriented 
with the (101) plane parallel to the surfaces. The exposed sur- 
face of the Fe,O, is in the form of needles whose axis is perpen- 
dicular to the specimen surface. Although the alloys show 


nonuniform oxidation vates as determined from weight-gain 
measurements, the X-ray data indicate that the total scale and 
individual scale layers grow uniformly and parabolically. 

Deep subscale formation is observed in the 25 pct Ni alloy 
only. This appeared to be associated with cracking of the scale 
and penetration of the oxygen along the grain boundaries. 


ALTHOUGH film formation has been investigated 
by high-temperature electron-diffraction techniques, 
for example by Gulbransen’ and Hickman,” there 
have apparently been no investigations of scaling by 
methods permitting study of the scale during forma- 
tion at the reaction temperature. 

Methods involving quenching of scales are based 
on the working assumption that no significant 
changes take place on cooling. In general, however, 
compounds may disproportionate, and the different 
thermal expansions of constituents may cause dis- 
ruption of the scale on cooling. In particular, some 
scales cannot be quenched without spalling. These 
difficulties are avoided by X-ray diffraction exam- 
ination at the temperature of formation. 

High-temperature diffraction procedures also 
provide a method of determining the kinetics of 
formation of each phase separately in a multicom- 
ponent scale. 

The scaling of binary iron-nickel alloys containing 
up to 30 pct Ni at a temperature of 800°C has been 
studied by Benard and Moreau using cooled speci- 
mens,° whilst Foley, Druck, and Fryxell* made an 
electron-diffraction study of cooled oxide films 
formed on an iron 42 pct Ni alloy. 

In the present work the scaling of three iron- 
nickel alloys containing 25.6, 75, and 84 pct by 
weight of nickel, at 800°C in oxygen at atmospheric 
pressure was investigated by X-ray diffraction 
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techniques using a Norelco Geiger-counter diffrac- 
tometer. The oxidation of iron was investigated for 
comparison. In addition normal metallographic 
examinations and chemical and X-ray analyses were 
made, and weight-gain time curves obtained. 


EXPERIMENTAL 


Materials Used—The analyses of the alloys were 
as follows: 


Percent by Weight 


Nickel 25.6 pet 75.4 pet 84.2 pct 
Aluminum 0.004 None found 0.002 
Cobalt —_ 0.05 0.05 
Chromium 
Silicon — 0.01 None found 
Carbon All less than 0.05 pct 


The chemical analysis of the iron was: Al— 

0.002 + 0.001 pct, C—0.007 pct, Cr less than 0.001 
pet, Cu—0.002 + 0.001 pct, Mn—0.003 + 0.001 pct, 
N—0.0002 pct, O—0.013 pct, P—less than 0.0002 
pet, Po—not detected, S—0.0017 pct, Si—0.0095 pct, 
Sn—none detected. 

This iron was the same as that used to make the 
alloys and was obtained from the same source— 
Vacuum Metals Corp. One specimen of pure iron 
from The British Iron and Steel Research Associa- 
tion was used for preliminary investigation. 

Specimens were machined to shape from cast rod, 
polished (the final polish being with 600 SiC paper), 
degreased in trichlorethylene, washed, and etched. 
The etching and neutralizing procedure adopted by 
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Foley, Druck, and Fryxell* was followed. This etch 
removed all worked surface. Foley, Druck, and 
Fryxell reported that specimens so treated gave a 
sharp electron-diffraction pattern corresponding to 
the alloy only, without oxide. Specimens were used 
promptly after etching and washing, and were 
stored in acetone until required. The acetone was 
dried off with absorbent lint-free paper 

All specimens were oxidized in dried purified 
oxygen. Purifying trains and connections both to 
the weight-gain furnace and to the X-ray furnace 
were made entirely of glass to avoid any possible 
contamination from rubber or plastics. 

Weight-Gain Measurements—Specimens were 
hung on platinum wire in a vertical-tube furnace, up 
which a current of oxygen was passed. Tempera- 
ture was automatically controlled to within +2°C, 
and was measured with a Pt-Pt 10 pct Rh thermo- 
couple. A more complete description of the furnace 
is given in a previous paper.” After oxidation, 
specimens were removed from the hot furnace by 
means of the suspension wire. The scale spalled 
off the 25 pct Ni alloy, but could sometimes be re- 


tained in position by slower cooling while suspended. 


in a glass vessel, free from contact with the walls. 

Metallographic Preparation—Specimens were 
sectioned, vacuum-impregnated, and mounted in 
plastic. 

Analysis—Chemical analyses were made of com- 
plete pieces of scale, and where possible of indi- 
vidual scale layers. X-ray powder analyses were 
made of small samples picked from scales. Ad- 
herent scales in position on the metal were also 


ground down in stages and examined on the dif- 
fractometer, being first impregnated with a plastic 
if fragile. Lattice parameters were determined 
with a 114 mm diam camera. 

High-Temperature X-Ray Diffraction—The fur- 
nace is described elsewhere. By using this ap- 
paratus mounted on a Norelco Geiger-counter 
diffractometer it is possible to record X-ray dif- 
fraction patterns of powders and of metal speci- 
mens maintained in a controlled atmosphere at 
temperatures up to 1000°C. The heater is wound 
with Pt-10 pct Rh wire and supplied with alternat- 
ing current. The specimen can be heated to 800°C 
in 5 min, and cooled again to 80°C in the same time. 

Temperature was controlled to within +2°C bya 
Leeds & Northrup Controller, and was measured 
with a fine Pt-Pt 10 pct Rh thermocouple arranged 
by experiment to allow minimum heat conduction 
along it. It was set tightly in a slot in the portion 
of the specimen surface irradiated by the X-ray 
beam. The thermocouple calibration was checked 
in position against the lattice parameter of powdered 
silver. 

At the beginning of a run the furnace chamber was 
evacuated and flushed several times with purified 
helium. The specimen was then brought to temper- 
ature in the purified helium. The diffraction record 
indicated no oxidation in the helium, whilst rapid 
oxidation was observed when oxygen was admitted. 
During the runs a slow flow of oxygen was main- 
tained, its exit to the atmosphere being through a 
capillary. 

Penetration of Beam—By relating measurements 


Fig. 1—Weight-gain time curves of three 
nickel-iron alloys in oxygen at 800°C. 
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of scale thickness to rate of decrease of intensity 
of reflections from the metal, it was found that a 
reflection of normal intensity 100 from material at 
a depth of 0.02 mm would be detected. Cobalt Ky 
radiation was used. These observations agreed 
with the results of calculations of maximum pene- 
tration of the X-ray beam. Identification of mate- 
rial at depths up to 0.1 mm could sometimes be 
made, depending on the general structure of the 
scale. 


RESULTS 


Weight-Gain Measurements— Typical oxidation 
curves are shown in Fig. 1. The curves show steps 
or breaks such as have been reported by various 
authors since Pilling and Bedworth in 1923.° In the 
case of the heavily oxidized 25 pct Ni alloy where 
the steps were small, average oxidation rate fol- 
lows a parabolic law. One or two specimens of 
each alloy oxidized at rates appreciably different 
from the average for the alloy. 

Appearance and General Composition of Scales— 
The outer surface of all the scales was grey in 
color, although sometimes covered by a film of 
porous red material. 

As mentioned, the scale on the 25 pct Ni alloy 
readily spalled on rapid cooling. When a thin scale 
was Slowly cooled while suspended in a glass vessel 
it could be seen to wrinkle, and occasionally to form 
an elongated blister, showing that the thermal ex- 
pansion of the scale was appreciably less than that 
of the metal. Such a slowly cooled scale was 
strongly adherent. 

Removal of scale from the 25 pct Ni alloy showed 
that the innermost layer of scale was dark grey or 
black, but that a patchy film of brownish yellow 
nickel oxide remained on the metal on some speci- 
mens. This film did not cover areas of internal 
oxidation, seen to contain grey iron oxides. 

On removing flakes of scale from specimens of 
79 pct Ni and 84 pct Ni alloy, both the metal surface 
and the ‘‘inner’’ surface of the flake were seen to 
be covered with a layer deep yellow to greenish 
yellow in color. X-ray diffraction patterns from 
each surface of the flakes, obtained with the dif- 
fractometer, showed that the outer grey portion 
was composed of Fez2O, and spinel whilst the inner 
yellow layer was NiO. The greenish yellow NiO 
layer contained 10 pct spinel. These findings were 
separately confirmed by X-ray powder photographs 
and chemical analysis of small samples picked 
from scales. 

After visual examination, the specimen was cut 
into two pieces, one piece being mounted for metal- 
lographic examination. The scale on the second 
was ground off in 4 or 5 stages according to thick- 
ness. Diffraction patterns of the ground specimens 
were obtained on the diffractometer at each stage. 

Thus the appearance under the microscope was 
directly related to the X-ray analysis. 

These methods showed that the constitution of the 
scale from the free surface inwards was: 

Iron Fe,0,;, spinel phase (Fe,;0,), FeO 
25 pct Ni alloy: Fe,O,, spinel phase mixed with a 


66—VOLUME 215, FEBRUARY 1959 


small portion of NiO near the 
metal (less than 10 pct of the 
scale) 

75 pet Ni alloy: Fe,O,, spinel phase, NiO 

84 pct Ni alloy: Fe,O,, spinel phase containing 
combined nickel, NiO. 

Metallographic Examination and Analysis— 

A) Scale—The layer structure of the scale can be 
discerned clearly under the microscope. Scales on 
the high-nickel alloys are essentially similar, while 
scale on the 25 pct Ni alloy rather more closely re- 
sembles that formed on iron. 

Ivon. The observations agree with those reported 
in the literature, in particular with the photomicro- 
graphs by Paidassi.® In our case, however, in the 
scale removed from the metal substrate some FeO 
was found to have oxidized to Fe203. 

The free surface was covered with a growth of fine 
needles up to 0.024 mm long, perpendicular to the 
face of the specimen, Fig. 2. There were indications 
of striation and preferred orientation in the dense 
Fe,O; layer under the needles. 

Some large grains were observed in the spinel 
layer under the microscope. In the ‘‘Fe,O,’’ layer 
next to the metal a large number of cross-shaped 
grains of Fe,.0, were observed. X-ray photographs 
of flakes of nonadherent complete scale removed 
from the metal confirmed the presence of relatively 
large grains of Fe,O, in the FeO side. It is con- 
cluded that iron deposited during disproportionation 
of FeO oxidized directly to Fe20O, when exposed to 
the atmosphere during cooling. 


Fig. 2—Needles of a-Fe,O; on top of scale on pure iron. 
X500. Reduced approximately 8 pct for reproduction. 
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Fig. 3(a)—Scale on 25 pct Ni alloy. 220 hr. X100. (5)Scale 
on 75 pet Ni alloy. Mixture of dark and white is NiO. 

400 hr. X250. (c)Scale on 84 pct Ni alloy — showing mainly 
NiO and spinel. 77 hr. X250. Reduced approximately 25 
pet for reproduction. 


X-ray photographs of the outer side of the scale 
confirmed the presence of large grains of Fe,O,. 
Back-reflection lines of Fe,O, were slightly 
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broadened. These grains had been observed but 
not identified under the microscope. The lines of 
Fe,O3; were sharp, and observed lattice spacings 
were in excellent agreement with the values given 
by Brindley. *° 

25 pct Ni. The scale consists of an Fe,O, layer 
and a spinel layer, with traces of NiO and FeO next 
to the metal. The Fe,O, layer occupies up to half 
the total thickness of the scale, increasing with the 
amount of oxidation of the specimen, Fig. 3(a). This 
Fe,O, shows preferred orientation. The yellow 
nickel oxide is more evident in severely oxidized 
specimens. Yellowish nickel oxide and black mate- 
rial believed to be ferrous. oxide sometimes oc- 
curred alternately along the metal-scale interface. 
This seems to be due to the fact that the pits which 
contained iron oxides were continuous with iron 
oxides in the scale, so that in section the NiO layer 
appeared to be interrupted. Both under and in the 
spinel one observed inclusions of porous material 
which had the appearance of a mixture of FeO and 
NiO. This material was more plentiful in a speci- 
men which had oxidized anomalously fast. 

The large grains observed in the spinel layer in 
iron were also evident in the spinel layer in this 
alloy. Small isolated specks of free metal were 
incorporated in the scale close to the metal surface. 
Needles of Fe,O, up to 0.04 mm long grow on the 
free surface of the scale. Grazing incidence photo- 
graphs showed that, as on iron, the Fe,O, was ori- 
ented but fine grained. 

Nickel content shown by chemical analysis could 
not be related to time of oxidation, but high NiO 
content seemed to be related to high rate of oxida- 
tion. X-ray powder analysis showed that at least 
traces of NiO were present in all specimens. 

75 pct Ni. The scale as a whole is smooth and 
compact, Fig. 3(d). It consists of a thin layer of 
Fe,O, showing striations approximately perpen- 
dicular to the surface. Beneath this is a compact 
layer of spinel. Below this, porous yellowish nickel 
oxide occupies up to half the scale thickness and 
completely covers the metal interface. The nickel- 
oxide layer shades gradually into the spinel layer, to 
which it lends a yellowish tinge. In some specimens 
fingers of NiO penetrate through the spinel to near 
the Fe,0,. The proportion of Fe,O, increases with 
time of oxidation. 

Chemical analysis shows that more than half the 
metal content of the scale is nickel. X-ray powder 
analysis shows roughly equal amounts of NiO and 
spinel, and up to 25 pct Fe20,. 

Needles on the surface of the Fe2O, grew toa 
length of 0.003 mm on a scale 0.01 mm thick. 

84 pct Ni. The Fe,O, layer is a thin skin. Only 
a very little striation perpendicular to the surface 
can be observed in polarized light. There is a 
continuous layer of granular nickel oxide along the 
metal, Fig. 3(c). Again the nickel oxide layer 
shades off gradually into the spinel layer. It was 
observed that when the nickel oxide is unusually 
thick, the Fe,O, layer is unusually thin. 

X-ray analysis showed that the proportions of 
nickel oxide to spinel varied from 3:1 to 1:3 but no 
correlation with the duration of oxidation could be 
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Fig. 4(a)—Internal oxidation of 25 pct alloy. 220 hr. X250; (4) Internal oxidation of 75 pct alloy. 400 hr. X250; (c) Inter 
nal oxidation of 84 pct alloy. 77 hr. X250; (d) Internal oxidation of rapidly oxidizing 84 pct alloy. 50 hr. X150. Reduced 


approximately 25 pct for reproduction. 


detected. According to chemical analysis, approxi- 
mately 80 pct by weight of the metal content of the 
scale was nickel ion. 

When scales flaked or were removed from 75 pct 
and 84 pct nickel specimens, it was found that the 
break always occurred along the interior of the 
nickel-oxide layer, some of which remained on the 
metal, some on the scales. It therefore seems that, 
as would be expected from its granular appearance, 
the nickel oxide has low mechanical strength and 
prevents tight bonding of the scale to the metal. 

FeO was not detected in X-ray powder samples 
of scale taken at room temperature from any alloy. 
Small amounts which might have been present would 
probably have oxidized during preparation of the 
sample. However, one iron sample oxidized at 
900°C for three days showed traces of FeO when 
examined promptly. 

B) Internal Oxidation—The 25 pct Ni specimens 
exhibited extensive intragranular subscale forma- 
tion with less severe intergranular attack at greater 
depths in the metal. This appears in all specimens, 
Fig. 4(a). The penetration reached a depth of 0.02 
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mm in 100 hr and 0.16 mm in 220 hr. Metallo- 
graphic inspection indicates that two oxides are 
present in the subscale: spinel near the original 
metal surface, continuous with spinel in the scale; 
and FeO in the deeper portions. 

In. the 75 pct Ni alloy internal oxidation took the 
form of wide penetration along the grain boundaries, 
Fig. 4(b6). The oxide penetration was slightly wider 
and shallower than in the 84 pct Ni alloy. 

In the 84 pct Ni alloy rather deep narrow penetra- 
tion along grain boundaries is observed. A small 
amount of intragranular oxidation also occurs within 
the grains adjacent to the metal surface. In a typi- 
cal specimen oxidized for 100 hr oxidation extended 
along grain boundaries to a depth of 0.028 mm, a 
distance equal to the thickness of the scale, Fig. 4(c). 
In one specimen which oxidized much faster than the 
others intragranular oxidation was extensive, 

Fig. 4(d). The concentration of oxide was high near 
the metal scale interface, but fell off gradually with 
increasing depth in the metal, reaching approxi- 
mately one-tenth of the interface concentration at 

a depth of 0.13 mm. 
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It was observed, particularly in the case of the 
84 pct Ni alloy, that scale thickness did not increase 
proportionately with weight-gain, but that the rela- 
tive extent of internal oxidation increased with the 
duration of the experiment. Subscale formation such 
as was observed in the 25 pct Ni Alloy has also been 
reported by Bénard and Moreau.° 

Composition and Lattice Parameter of the Spinel 
Phase—Various lattice parameters have been re- 
ported for magnetite and nickel ferrite. In the 
present work the values of 8.39 and 8.32A are used. 
The extrapolated lattice parameter of magnetite 
from the scale on the iron specimens was 8.394 
+ 0.001A, exactly the same as the measured value 
for standard samples of Fe,0,. 

The spinel formed on alloys invariably had a 
lower lattice parameter than this. Most of the 
values were between 8.356 and 8.367. For one 
sample a low value of 8.341 + 0.002A was observed. 
A lattice parameter of 8.360A corresponds to a 
spinel composition of Nio.43 Fe2,s7 O4 if the lattice 
parameter is an approximately linear function of 
nickel content. 

Evidence for Preferential Oxidation—The lattice 
spacings of the metal surface of the alloy after 
oxidation for 200 hr corresponded to a nickel con- 
tent of 90 to 100 pct in the case of the 75 and 84 pct 
Ni alloys. The lattice spacings of the surface of 
25 pct Ni alloys after oxidation for periods over 
00 hr corresponded to an apparent nickel content 
of about 40 pct. 

As was pointed out above, nickel was found in the 
scale of all the alloys both as NiO and (NiFe),O 
In some cases metallic inclusions, probably high in 
nickel, were observed in the scale next to the metal. 
Only in the case of the 75 pct nickel alloy was ex- 
tensive fingering of oxide into the metal observed. 
This type of behavior was postulated by Wagner” 
for alloys involving one noble metal. Internal 
oxidation in the 25 pct Ni alloy may account in 
part for the lack of fingering. With the 84 pct alloy 
oxidation was so rapid that, in essence, the nickel 


did not behave as a noble metal in the Wagner sense. 


X-Ray Diffraction at Temperature of Oxidation— 
Analysis—On iron, comparable quantities of FeO, 
Fe,O,, and Fe,O, were observed. The intensity of 
reflections from FeO rapidly fell off due to growth 
of thick scale outside it. 

On 25 pct Ni specimens roughly equal quantities 
of FeO, and spinel appeared. Observations in the 
early stages of oxidation were consistent with the 
presence of traces of FeO. On cooling, FeO disap- 
peared and iron simultaneously appeared at about 
475°C. Traces of NiO were observed after the 
cooled scale had been ground down. On the 84 and 
75 pct Ni alloys, NiO, spinel, and smaller amounts 
of Fe,O, were observed. More Fe,O, was observed 
on the 75 pct Ni than on the 84 pct Ni specimens. 

The lattice spacings of the spinel phase on the 
alloys were displaced towards, but were not equal 
to, those of nickel ferrite, while the spacings ob- 
served for Fe,O,, and for magnetite on iron, 
matched the literature values exactly. Thus the 
high-temperature diffraction method confirms the 
observations on cooled scales in the case of alloys 
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and confirms the presence of FeO on iron at 800°C, 
although this phase was not detected after cooling. 

Intensities of Reflections—Anomalous intensities 
were recorded for some reflections from all speci- 
mens except the 84 pct Ni alloy. The Fe,O, layer 
was too thin to provide conclusive evidence “of 
orientation. Intensities suggest that some 
on the 84 pct Ni alloy may be reduced after about 
12 hr oxidation. 

In the case of the 25 and 75 pct Ni alloys, the 
anomalies are simply explained as showing pre- 
ferred orientation in the Fe,O, layer. The orienta- 
tion is the same for every specimen, and is con- 
sistent with the microscope observations. 

Support for this interpretation of the intensities 
was obtained from grazing-incidence X-ray dif- 
fraction photographs of undisturbed flakes of scale 
in position on the alloy, by removing the outer 
layers by grinding off the scale in stages, and from 
the fact that the observations were reproducible 
from specimen to specimen. The photographs 
showed preferred orientation in Fe,O, with no 
evidence of graininess. As the scale was ground 
down for examination in the diffractometer, a com- 
plete pattern for spinel with normal intensities was 
obtained when the Fe20O, layer (recognized by its 
lighter color as well as by X-ray analysis) was re- 
moved. The evidence from these methods together 
with microscopic examination indicates that the 
preferred orientation on alloys is confined to the 
Fe,O, layer. On these alloys as well as on an iron 
specimen, the 101 plane was oriented largely paral- 
lel to the surface. 

Spinel on alloys showed no marked preferred 
orientation. 

The (101) peak of Fe,O, from all iron specimens, 
as from alloys, was anomalously high. In the case 
of the BISRA specimen the (211) peak was still 
higher for the first 7 hr, but then decreased. The 
intensity of the (101) reflection of Fe,O, from iron 
specimens begins to decrease after about 5 hr oxi- 
dation. This decrease appears to be due in general 
to a decrease in the degree of preferred orientation. 
In one case the (211) peak, formerly low, suddenly 
rose after 60 hr oxidation to equal the (101). The 
scale was later found to have a large split, parallel 
to the surface and filled with Fe,0,. The observa- 
tion suggests that extensive cracking of the scale 
can be detected by the X-ray method, and that the 
preferred orientation of the Fe.O, growing in the 
crack was different from that of the existing Fe,O,. 

It appears that the degree of orientation of Fe;0, 
on iron specimens can vary with time. From the 
intensities it is concluded that the (400) and (311) 
planes are preferentially oriented parallel to the 
free surface but that the relative degree of orienta- 
tion varies with time and from specimen to specimen. 

Kinetics-In general the growth of the outer layers 
can be studied by recording the decrease of inten- 
sity of the strongest reflections from the underlying 
layer, and correcting for absorption of the beam. 
When the reflections are those from the metal, the 
rate of growth of total scale is obtained. (In favor- 
able cases the strongest reflection of the alloy can 
still be detected after an oxidation period of a week, 
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Fig. 5—Change of intensities of X-ray lines of metal and oxide. 


although the strongest reflection from the iron dis- 
appears within 15 min.) 

The growth law of the outer layer is given most 
directly by plots of intensities of its own reflections 
(converted to zero absorption) as a function of time. 
The intensity of reflection from such a thin growing 
layer is an exponential function of layer thickness 
and angle of diffraction. 

Hence it is possible in principle to determine the 
growth law for each layer of a three-layer scale. 

Plots of the intensity of reflections from the un- 
derlying layers are related to rate of growth of the 
scale above as follows: Where J, is the intensity at 
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time T,, andJ, that at T,, and uv is the absorption 
coefficient, the increase in scale thickness Ax from 
T, to T, is given by 


log 10 = 2.3 (2Ax cosec @) 
2 


For a particular reflection this function can be 
written 


I 
log ae = RAx where R is a constant. 
2 
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Plots of Ax as a function of time T give the growth 
law of the scale layers. 

In the present work the rate of growth of the com- 
bined outer two layers, spinel + Fe,0,, was deter- 
mined in this way. It was then possible to convert 
the intensities corresponding to the inner layer 
(FeO or NiO) to show the growth of that material. 
The growth law of the outer layer, Fe20,, was de- 
termined from its own reflections, and that of the 
spinel could then be obtained approximately by 
subtraction for times after that at which the in- 
tensity curve for the innermost layer reached its 
maximum, é.g., FeO in Fig. 5(a). 

When using the decrease in intensity of reflection 
from the inner layer as a measure of the growth of 
the outer layers, it is necessary to know that the 
inner layer has reached a thickness above which the 
intensity of its reflections no longer changes with 
small increases or decreases in its amount, or to 
assume that no further appreciable increases or 
decreases occur in it. Measurement of layer thick- 
ness under the microscope showed the former con- 
dition to be fulfilled for FeO on iron, and in certain 
specimens for NiO on alloy. 

When J,, the intensity of reflection at high tem- 
perature before oxidation, is recorded, absolute 
measurements are obtainable by substituting at the 
time corresponding to the end of the run the value 
of x obtained from direct measurement of the metal- 
lographic cross-section. 

The absolute thickness of a growing layer can also 
be obtained if the calculated value of is used. The 
use of the theoretical value of » may, however, in- 
troduce errors because it involves the assumption 
that the density of the layers involved is constant. 
Where porous layers are formed, such as some NiO 
on higher nickel alloys, this assumption may not be 
justified. The use of measurements from metal- 
lographic sections is considered more reliable, even 


though if the scale is not quite uniform the value ob- 
tained may not be a true average thickness. 

The most striking aspect of the results is the 
initial fast growth of FeO (whose intensities are 
normal) followed by an exponential decrease in 
intensity, Fig. 5(a@). The rate of growth of the com- 
bined Fe,0,-Fe,O, layers on iron was derived 
from the rate of decrease of intensity of peaks 
corresponding to the FeO layer, since the FeO 
quickly attained a sufficient thickness, Fig. 6(@). 

On the higher-nickel alloys, after an initiation 
period of up to half an hour there is a rapid in- 
crease in the amount of NiO, followed by an ap- 
parent decrease most probably due to absorption 
of the beam by iron oxides still growing on top, 
Fig. 5(c). 

Despite the irregular weight-gain curves of the 
nickel-iron alloys, plots derived from the decrease 
in intensity of reflections from the metal show that 
at least in the case of the 25 and 75 pct Ni alloys the 
rate of growth of scale above the metal interface is 
uniform, and in the latter case at least, follows the 
parabolic growth law. The Fe,O, layer on the 75 
pct Ni specimens is itself found to follow a uniform 
parabolic growth law between oxidation times of 10 
min and 1 hr, but interpretation for times outside 
this range was complicated by orientation effects. 
It was possible, however, to show that the Fe,O, 
on a 25 pct Ni alloy grew according to a parabolic 
law over the whole period of oxidation. The growth 
of the combined spinel and Fe,O, layers on both 
iron and the 84 pct Ni alloy also followed this law, 
according to the X-ray observations. 

Although the weight-gain time curves for the 
alloys are irregular, the X-ray evidence shows 
that the rate of growth of the scale above the metal 
surface is uniform on at least the 25 and 75 pct Ni 
alloys. In the latter case both the total scale, 

Fig. 6(b), and the combined spinel- Fe,O, layers, 
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i - i iti f Fe.O, + Fe,O, on iron in arbitrary 
ic. 6—Growth of oxide deduced from change of X-ray intensities. (a) Growth o 304 + Fe,03 : 
ieee ae time is 1.5 hr after start of run. (b) Initial growth of total scale on 75 pct Ni alloy derived from decrease of 
metal line intensity. (c) Growth of spinel + Fe,O; in arbitrary units from decrease of NiO intensity. 
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Fig. 6(c), grow parabolically with time. 

The metallographic examination suggests an ex- 
planation. Cracks in the scale are seen to connect 
to extensive intergranular oxidation in the 25 pct 
Ni alloy. Intergranular oxidation also occurs in the 
two other alloys and may also be linked to cracks in 
the scale. The cracking would occur randomly and 
would lead to o¢casional sharp increases in weight 
gain. This would explain why the increase of thick- 
ness of scale deduced from the X-ray evidence ap- 
pears to be much more uniform than the weight-gain 
time curves alone would indicate. 

Although the general behavior of each alloy re- 
mains the same the absolute rate of oxidation varies 
considerably from specimen to specimen. This 
makes it difficult to calculate absolute values and 
may be inherent in the oxidation of this type of alloy 
at the temperature of the experiments. 


SUMMARY 


An X-ray furnace has been constructed which is 
useful in studying the oxidation of a bar specimen 
at elevated temperatures in oxygen. The results 
obtained with this furnace are in essential agree- 
ment with the metallographic observations in regard 
to orientation, and the order and identity of the 
layers. There is definite evidence for orientation 
of the Fe,O, layer on the iron, the 25 pct Ni and the 
75 pet Ni alloys. This orientation will have an ef- 
fect on the rate of oxidation when diffusion through 
the Fe,O, layer is a controlling factor. 

The high-temperature X-ray furnace made the 
identification of FeO possible. It was also noted that 
under the conditions of cooling in these experiments, 
free iron from the decomposition of FeO was de- 
tected at 475°C. 

A small amount of NiO was found on the 25 pct Ni 
alloy, with larger amounts of the order of 50 pct of 
the scale thickness on the 75 and 84 pct alloys. The 


spinel layer of all the alloys contained nickel ion 

as one of its constituents. The thickness of Fe,0O, 
decreased with increasing nickel content of the alloy 
and was only barely detectable on the 84 pct alloy. 

Deep subscale formation was observed only on the 
25 pct Ni alloy. This appeared to be associated with 
cracking of the scale layers, with subsequent pene- 
tration of oxygen along the grain boundaries. 
Smaller amounts of subscale formation and inter- 
granular oxidation were also noted in the 75 and 85 
pet alloys. 

The weight-gain time curves on all the alloys 
were not very reproducible and had steps. However, 
evidence from the X-ray furnace, both with regard 
to the decrease in intensity due to absorption, and 
the increase in intensity due to layer growth, in- 
dicated that the scale above the metal grew ina 
regular manner. After a short initial period, the 
thickness of the total scale as well as the individual 
layers appears to increase according to a simple 
parabolic law. 
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The Magnetostrictive Contribution to Endurance Life 


The effect of a near-saturation unidirectional magnetic field 
was to decrease slightly the endurance life in Armco iron in the 
annealed condition. This is expected since the energy-absorbing 
mechanism associated with domain wall movements is inhibited 


by the strong field. 


Tue factors determining failure under dynamic 
loading are not yet clearly recognized. One of the 
properties of a metal which might be thought to in- 
fluence fatigue life is its damping capacity. 

Féppl’ conducted an alternating torsion test ata 
frequency of 700 cpm continuously for a period of 3 
years, without the test piece breaking or showing any 
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sign of deterioration after 1100 million cycles of 
stress; the rate of dissipation of energy was suffi- 
cient to maintain the test piece at about 100°C above 
the ambient temperature. Cazaud* concludes from 
this, and others follow him, that ‘‘the capacity for 
dissipation in the form of heat by internal damping is 
unlimited’’ and that therefore ‘‘damping is not 
directly related with fracture by fatigue.’’ Future 
work may necessitate qualification of this rather 
uncompromising view. It is shown later that in all 
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Fig. 1—Influence of magnetic field on endurance life of 
pure iron (Armco). 


probability the source of the damping in the above 
test is magnetic and not plastic as was believed by 
Foppl.* 
In simple, stable* metals and alloys there are only 
*j.e., excluding, e.g., 18/8-type stainless steel. 


two major groups of mechanisms that need to be con- 
sidered from the point of view of providing substan- 
tial damping at the stress level where fatigue failure 
becomes possible. The first of these is magnetic 
damping, comprising hysteresis and eddy current 
effects. The second is plastic hysteresis and in- 
cludes dislocation damping and viscous behavior at 
incoherent boundaries. 

At rather low stresses (Somewhat below the endur- 
ance limit) the magnitude of magnetic hysteresis is 
large compared with that of plastic hysteresis.° It is 
not surprising that under these conditions heat can 
be generated indefinitely in a sample by repetition 
of the stressing cycle, as found by Féppl.’ It is in- 
teresting to note that Féppl’ records a damping 
ratio* of 0.5 for the test, since this magnitude is 


*Ratio of area of hysteresis loop to stored elastic energy. 


fully accountable in terms of magnetic hysteresis, 
see Bozorth. 

Damping capacity is of considerable importance 
for fatigue under resonant conditions. This has been 
studied by Lazan and others, and a useful review’ of 
this work is available. Féppl’ has suggested, and 
Parker® and Brophy’ have demonstrated, that damp- 
ing capacity is important for notch-fatigue conditions. 
Their arguments may be more widely applicable 
since it is difficult to exclude resonance and notches 
(surface finish and internal or structural notices) in 
fatigue testing and in practice. 

The present tests were undertaken to examine the 
effect of a magnetic field of the endurance life of 
Armco iron. The application of the field was expected 
to reduce the overall damping capacity of minimizing 
the contribution of magnetic hysteresis. It should be 
noted that damping capacity is not necessarily the 
algebraic sum of the results of individual mechan- 
isms. If magnetic damping is inhibited, the remain- 
ing mechanisms may operate more or less effec- 
tively than formerly. The interaction of a rotating 
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specimen with a static field appears to complicate 
matters, but the primary situation is simple. A ten- 
dency for an alternating domain pattern under the 
influence of the repeated stresses is replaced by a 
tendency for a stable domain pattern with the domains 
oriented in the field direction. 


PROCEDURE 


An Amsler reversed-bending (Wohler-type) ma- 
chine was used for the fatigue testing. This was used 
at maximum speed (approximately 2000 rpm). The 
Armco iron (99.9 pct Fe) was in the form of hot- 
rolled bar of 9/16 in. diam and was annealed for 1 
hr at 900°C. Standard specimens were used with 
dimensions 4-in. overall length, 0.3731 in. diam of 
reduced section by 3/4 in. radius, 0.5-in diam 
shoulders. 

The magnetizing coil was wound with 2000 turns on 
a former approximately 5 in. diam by 5/8 in. wide. 
Its resistance was 67 ohms, and with a current of 
0.3 amp, the field at the center was approximately 
750 oersteds. For all practical purposes, this repre- 
sents a saturation field inside the coil and near its 
axis. The coil was mounted on a bracket to clear the 
moving parts of the machine, and placed so that the 
reduced section of the specimen was situated at the 
center of the coil. The coil was left in position 
throughout the series, and tests were made with and 
without dc current supplied to the coil. A slight heat- 
ing effect from the coil was unavoidable. This re- 
sulted in an average temperature inside the coil of 
about 43°C with the field on, compared with 26°C 
with no field. A difference of this magnitude should 
not affect yalue of endurance life according to results 
reported by Cazaud.® 

Apart from the above conditions, the tests were 
made in the conventional way. Tests were discon- 
tinued after 10’ cycles if prior failure had not oc- 
curred. The position of the coil necessitated a rather 
wider spacing between collets than is normal. How- 
ever, the machine is so designed that this should not 
affect the maximum bending stress at the reduced 
section. 


RESULTS 


The results obtained for pure iron (Armco) are 
shown in Fig. 1. It seems that the effect of the field 
is to reduce slightly the stress level for the endur- 
ance limit and also to shorten the endurance life for 
stresses above this limit. The effect is most pro- 
nounced at low stresses,i.e., in the neighborhood of 
the endurance limit. 

Similar tests on soft mild steel (SAE 1020) and a 
13 pet Cr steel, both in the annealed condition, ap- 
peared to indicate a similar trend. Because of 
greater scatter in these cases, it has not been thought 
worthwhile to report the results in detail. 
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The Grain Boundary Adsorption of Solutes 


The grain boundary adsorption of solutes as a function of 
bulk concentration and solution temperature was studied using 
internal-friction techniques. From the variation of the cor- 
responding energy of activation for the phenomenon, the inter- 
action energy between a solute atom and a high-angle boundary 
was calculated. Interaction energies in the range of 0.3 ev were 
obtained, and were used to obtain the actual concentration of 


solute at the grain boundary. 


In corroboratory creep studies the direct grain boundary 
contribution to the total creep strain was measured. It was 
found that the interface creep varied with the type and mag- 
nitude of the solute adsorbed. Subscribing to the theory of their 
being energetically favorable sites at the grain boundary for 


solutes of both positive and negative size deviations, ternaries 
were investigated in which solutes of both types were present. 


J. Winter 


A marked increase in the resistance to grain boundary creep 


was manifested. 


Tue major difficulty which has been encountered 
in investigations of the grain boundary segregation 
of solutes has been the lack of a sufficiently sen- 
sitive method of measuring the amount of adsorbed 
solute at the boundary. For the general case of a 
high-angle boundary, no direct method of measuring 
the adsorption at the boundary has been found to 
date. Internal friction has been used in several 
studies of grain boundary adsorption’* and al- 
though it is somewhat indirect, it was demonstrated 
to have the necessary sensitivity. In this investiga- 
tion the ‘authors have used internal-friction tech- 
niques in conjunction with a study of the grain 
boundary contribution to the total creep strain. 
As both parts of the investigation were performed 
on the same specimens it was possible to combine 
a highly sensitive technique with a somewhat more 
direct method in order to obtain information about 
the adsorption phenomenon. 

From internal-friction studies the rate of increase 
of the activation energy was observed to be a func- 
tion of the difference in size between the solute and 
solvent atoms. It was proposed that if Gibbs’ ad- 
sorption isotherm is considered, 7.e., 


where [I is the excess solute at the boundary, cis 
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the bulk concentration, and dy/éc is the change in 
grain boundary energy with bulk concentration, then 
0H,,/0c must vary in the same way as d7/ac and 
thérefore 


r= [2] 


In this way a relative measure of the grain boundary 
adsorption of solutes is directly obtainable from in- 
ternal-friction studies. 

If the previous work in the field of grain boundary 
adsorption of solutes is examined, certain apparent 
information is desirable if the phenomenon is to be 


understood. The most important questions that must 


be asked are as follows: 
1) Is the adsorption of solutes at the grain bound- 


‘ary an equilibrium process ? 


2) Can the Mott model of the grain boundary be - 


used as a basis of setting up an elastic interaction 


between the grain boundary and solute atoms? 

3) Is it possible to obtain an exact measure of the 
excess solute at the grain boundary as a function of 
temperature and bulk concentration rather than 
merely a relative measure of the adsorption? 

4) Are the conclusions obtained from an indirect 
method such as internal-friction studies meaningful 


in considering gross grain boundary effects such as 
creep? 


EXPERIMENTAL PROCEDURE 


The material used in this investigation was Bureau 
of Mines ‘‘superpurity’’ titanium (79 Bhn—1500 kg 
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Table |. Spectrographic Analysis of the Bureau of Mines Titanium 


Percentages of Impurities Found 


Fe — 0.030 Si 0.03 Al —0.04 C -0.010 
Cr — 0.030 N, 0.001 Cl, — 0.09 
Mg —0.030 Mn—0.03 Sn — 0.03 H, —0.018 
Na—0.038 Cu—0.006 Ni —0.03 0, — 0.033 


load). The chemical analysis given in Table I was 
supplied by the Bureau of Mines. The titanium was 
copper plated prior to drawing. If a thin film of oil 
was left on the wire prior to plating a nonadherent 
coat resulted which was ideal as a lubricant. 

The internal-friction measurements were per- 
formed in a high-vacuum, low-frequency apparatus. 
This equipment, which has been described in the 
literature* enables the operator to make a com- 
plete study from a time prior to annealing until the 
measurements are finished without manual manipu- 
lation of the wire. A stress of 50 psi was used 
during the actual measurement cycle. 

A vacuum of 10-° mm of Hg was used and an in 
situ anneal at 800°C for 2 hr was given all of the 
specimens prior to testing. 

The specimens were inserted in the internal- 
friction apparatus subsequent to pickling and an- 
nealed. Three successive cycles of measurement 
were performed from the annealing temperature 
to approximately 400°C. (Below this temperature 
the effects of grain boundaries were not observed.) 
The relaxation spectrum was then obtained with a 
lower applied frequency in order to be able to cal- 
culate the energy of activation for the process. 
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Fig. 1—The effect of zirconium content on the relaxation 
spectrum of titanium. 
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Table Il. The Relative Size Factors of the Binary Alloying 
Elements with Titanium 


Solute At Pct Size Factor 
Element Goldschmidt Apparent Goldschmidt Apparent 
fe} 

Zr 3.19 3.22A + 8.8 +9.15 
Vv 2.71 2.78 -7.5 -5.76 
Al 2.858 2.882 -3.1 - 2.30 
Au 2.878 = - 2.44 - 
Cb 2.94 - -0.3 - 


Grain size determinations were made on samples 
taken from the ends and the center of each speci- 
men that was tested. 


EXPERIMENTAL RESULTS 


A) General—The basic data necessary to estab- 
lish the suggested adsorption analysis* were ob- 
tained with a series of binary alloys in which the 
solute elements were of both positive and negative 
size deviations with titanium. The elements are 
listed in Table II along with their respective size 
factors as obtained from the Goldschmidt and ap- 
parent atomic diameters where available. Internal- 
friction spectra were obtained for each of the alloys 
in the temperature range of 800° to approximately 
400°C and the resulting spectra are shown in Figs. 
1 to 4. Table III shows the three significant vari- 
ables of peak decrement, peak temperature, and the 
energy of activation which was obtained from a 
lateral displacement of the curves with frequency. 
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Fig. 2—The Effect of vanadium content on the relaxation 
spectrum of titanium. 
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Fig. 3—The effect of aluminum content on the relaxation 
spectrum of titanium. 


In general, it is observed that the findings are in 
agreement with the work previously reported for the 
copper binary systems, 7.e., the peak temperature 
and decrement decrease with an increase in solute 
content, whereas the activation energy increases. 
The cumulative change in the energies of activa- 
tion with solute content is shown in Fig. 5. Itis 
seen that the rate of change of the activation energy 
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Fig. 4—The effect of columbium content on the relaxation 
spectrum of titanium 


with alloying is related to the degree of atomic mis- 
fit between the solute and the solvent atoms. Nega- 
tive size-factor elements are also observed to be 
effective in increasing the restraint of the boundary 
to shear as evidenced by the increase in the activa- 
tion energies. Unfortunately, the necessary preci- 
sion lattice-parameter data required to calculate 
the apparent atomic diameters are not available for 


Table III. Tabulation of Experimental Results 


Specimen Comp Average Activation Energy 
At. Pct Grain Diam 5p 5p ce Cal per Mole +10 Pct 
Pure 0.09 mm 0.60 0.035 115°C 48,000 
0.02 Zr 0.05 mm 0.055 0.016 700 60,000 
0.04 Zr 0.07 mm 0.057 0.026 650 70,000 
0.08 Zr 0.05 mm 0.049 0.008 700 95,000 
0.10 Zr 0.07 mm 0.053 0.006 700 100,000 
0.12 Zr 0.05 mm 0.053 0.005 700 120,000 
0.02 V 0.09 0.049 0.019 700 55,000 
0.04 V 0.053 0.0515 0.0225 650 60,000 
0.06 V 0.056 0.0475 0.0150 675 70,000 
0.08 V 0.06 0.066 0.0125 700 79,000 
0.12 V 0.056 0.053 0.0140 675 80,000 
0.04 Al 0.05 0.0635 0.0250 725 52,000 
0.08 Al 0.06 0.055 0.0225 715 61,000 
0.12 Al 0.05 0.040 0.008 675 70,000 
0.10 Au 0.05 0.064 0.03 715 62,000 
0.04 Cb 0.06 0.0575 0.022 675 51,000 
0.10 Cb 0.07 0.0425 0.015 625 63,000 


5p* = corrected peak height. 
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Fig. 5—The effect of solute concentration on the activation 
energy for grain boundary stress relaxation in titanium. 


all of the elements used; and therefore, any com- 
parison between the relative effectiveness of larger 
solute atoms as compared to smaller solute atoms 
would be largely speculative. However, it may be 
concluded that both larger and smaller solute ele- 
ments will adsorb at the grain boundary and restrain 
the stress relaxation at the interface. 

B) Equilibrium Studies— These data obtained from 
the systematic addition of solute elements to tita- 
nium will be used as the background material for 
the analysis of grain boundary adsorption. The first 
point to be considered is whether the grain boundary 
adsorption is an equilibrium phenomenon. If the 
segregation of solutes is an equilibrium process it 
should be describable by an equation of the type 


C, = Co exp [3] 


A decrease in the annealing temperature should 
cause an increase in the amount of adsorbed solute. 
This means that a decrease in the solution tem- 
perature is equivalent to an increase in the bulk 
concentration of solute. In Figs. 1 to 4 it was shown 
that the effect of an increase in the bulk concentra- 
tion was a decrease of the peak temperature, a 
lowering of the internal-friction peak and an in- 
crease in the energy of activation for the process. 
Therefore, if this is an equilibrium phenomenon the 
effects of a decrease in temperature should be 
identical to those observed for an increase in solute 
content. 

A study was ; performed on a 0.06 at. pct Ti-V al- 
loy. This particular alloy content was selected be- 
cause it is well below the saturation value for the 
system. Internal-friction spectra were obtained for 
the specimen subsequent to anneals at 800°C for 
2 hr, 700°C for 2 hr, and 650°C for 3 hr. In order 
to establish the degree of reversibility of the phe- 
nomenon the specimen was then reannealed at 800°C 
for an additional 2 hr and a final internal-friction 
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curve obtained. During the course of the investiga- 
tion the specimen was neither handled nor plastic- 
ally deformed from the time it was full-annealed at 
800°C until the completion of the study. The grain 
size, bulk concentration, and substructure were 
maintained constant throughout the test. The re- 
sulting relaxation spectra shown in Fig. 6 are there- 
fore representative of the single effect of the tem- 
perature on the grain boundary adsorption phenom- 
enon. The observed effects are in accord with the 
predictions of Eq. [1]. Activation energies calcu- 
lated from the displacement of the grain boundary 
stress relaxation peak with frequency showed an 
increase from 70 kcal per mol to 85 kcal per mol 
for annealing temperatures of 800° and 700°C 
respectively. 

It is realized that the slow method of measuring 
the decrement (it requires 2 hr to obtain a spectrum 
from 800° to 400°C) will bias the results toward 
greater adsorption. Nevertheless, the general re- 
sults, and in particular the reversibility of the 
spectrum give strong support to the concept of an 
equilibrium segregation of solute atoms at the 
grain boundary. 

C) The Grain Boundary Model—It was previously 
suggested that the interactions between grain bound- 
aries and solute atoms are primarily elastic. The 
energy of the system is lowered when a foreign 
atom situates in the grain boundary site rather than 
in the undisturbed lattice. The magnitude of the 
interaction should be a function of the difference in 
atomic size between the solute and the solvent atom. 
For the special case of zero atomic size factor, the 
elastic interaction between the solute atom and the 
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Fig. 6—Adsorption effects as a function of annealing 
temperature. 
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grain boundary should be negligible. This is ob- 
served for nickel in copper. Although columbium is 
not exactly zero size factor the same result is 
obtained. 

It was shown in Fig. 5 that both the vanadium and 
aluminum which have negative size differences with 
titanium cause an increase in the activation energy. 
In Figs. 2 and 3 a decrease in the peak temperature 
and decrement is observed as a function of the 
vanadium and aluminum contents. This implies that 
both larger and smaller solute atoms segregate to 
the low-energy receptacles at the grain boundary. It 
is expected that a high-angle boundary will have an 
array which consists of both larger and smaller 
holes and that atoms of larger size will enter the 
former holes and the smaller atoms will occupy the 
latter sites. Therefore, the smaller and larger 
solute atoms are not competing for the same sites 
in the grain boundary and it should be possible to 
obtain a concomitant adsorption of both types of 
solutes. If this is true, then a superposition of the 
effects of both adsorptions would be observed in the 
internal-friction spectrum of such a ternary alloy. 

A specimen was prepared containing a 0.04 at. pct 
Al and 0.04 at. pet Zr. The resulting internal-fric- 
tion spectrum is shown in Fig. 7. Although no well- 
defined peak is observed in the vicinity of 650° to 
700°C, the range of the grain boundary peak, an 
activation energy was computed from the displace- 
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Fig. 7—Variation of internal friction with temperature for 
a 0.04 at. pct Al—0.04 at. pct Zr alloy in titanium. 
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Fig. 8—Variation of internal friction with temperature for 
a 0.04 at. pet Al—0.04 at. pct V alloy in titanium. 


ment of the curves with frequency of measurement 
in this region. The energy of activation was found 
to be approximately 112 kcal per mol. If it were 
assumed that a simple additive effect occurred, 
then from Fig. 5 the activation energy for the 
ternary alloy would-be approximately 73 kcal per 
mol. This rather large difference between the two 
values indicates that the boundary adsorption effects 
are not simply additive. Further support of this 
contention is found in the internal-friction spectra 
of the binary alloys. For both the 0.08 at. pct Al 
and 0.08 at. pct Zr the curves exhibit a well-pro- 
nounced peak in the general range of 700°C, whereas 
the ternary alloy exhibits no peak in this tempera- 
ture range. The lack of a simple additive process 
is not surprising in view of the naivete of the con- 
cept. The important aspect is the fact that the 
grain boundary restraint to shear as evidenced by 
an increase in the activation energy for the process 
can be markedly increased by the utilization of 
small amounts of different size solute atoms. 

In order to substantiate the adsorption effects of 
combinations of solute elements, several additional 
ternary alloys were prepared containing alloy addi- 
tions of different size factors. The resulting inter- 
nal-friction spectra are shown in Figs. 7 to 9 and 
the data are tabulated in Table IV. It is interesting 
to note that in the 0.04 at. pct Al-0.04 at. pct V al- 
loy, where both of the alloying additions are smaller 
than titanium, there still exists a greater than addi- 
tive effect, but of considerably less magnitude than 
that observed for the 0.04 at. pct Al-0.04 at. pct Zr 
alloy. This is evidenced by the lower energy of 
activation as well as the marked peak which is ob- 
served in the temperature range of 675°C. This is 
in accord with our expectations since both of the 
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Fig. 9—Variation of internal friction with temperature for 
a 0.08 at. pet Zr —0.08 at. pct V alloy in titanium. 


alloying elements have negative size factors and 
hence competition for the available low-energy sites 
must exist. 

The Ti-V-Zr ternary alloy reveals an interesting 
point concerning the additive effect of the various 
elements. It is hardly expected that the increase in 
the activation energy with solute content will con- 
tinue indefinitely. At some limiting value the energy 
of activation will stop increasing and a second proc- 
ess having a lower energy of activation will control. 
It would appear from an examination of Fig. 5 that 
110 kcal per mol for a Ti-Zr binary alloy is close 
to the saturation value. This would explain why the 
addition of 0.08 at. pct V does not appreciably affect 
the resulting value of the activation energy. 

It is therefore seen that the model of a grain 
boundary consisting of small and large holes which 
act as low-energy sites for solute atoms is con- 
sistent with the experimental data. Although the 
adsorption effects are not simply additive there is 
no question regarding the simultaneous adsorption 
of larger and smaller alloying elements. 


Table IV. Tabulated Results for the Ternary Alloys of Titanium 


Estimated En- 
Enegy ergy of Activ- 
Size Grain of ation from 
Alloy Factor Diam Activation Binary Results 
1) 0.04 at. pct Al -2.8 
0.04 at. pct Zr 48.8 0.08 mm 110 kcal 73 kcal 
2) 0.04 at. pct Al -2.8 1 67 kcal 
0.04 at. pct V 
Pet “2.5 112kcal kcal 
pel 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


D) The Determination of the Excess Solute at the 
Grain Boundary—The magnitude of the grain bound- 
ary-solute atom interaction and the determination of 
the true amount of solute segregated at the grain 
boundary must now be considered. 

In Fig. 10, A-B represents the energy of activa- 
tion for the grain boundary stress relaxation 
phenomenon as a function of the bulk concentration. 
From an understanding of the effect of the annealing 
temperature upon the grain boundary peak and its 
activation energy the lines C-D and E-F may be 
drawn. These are the expected energies of activa- 
tion for alloys of the same bulk concentration after 
being subjected to lower temperatures of annealing, 
i.€., T,T,T;. If a line of constant activation energy 
is drawn arbitrarily through the diagram then the 
points X and Y are obtained. A reasonable assump- 
tion is that for a specific binary system, alloys that 
have the same energy of activation have an equal 
segregation of solute at the grain boundaries: i.e., if 


Cor _ KT2 


[4] 


The interaction energy between a solute atom and a 
high-angle grain boundary may then be obtained 
from Eq. [4]. A 0.08 at. pct Ti-Zr alloy was tested 
as a function of temperature after being annealed at 
800°, 700°, and 650°C. Subsequent to each anneal 
a relaxation spectrum was obtained using an ap- 
plied frequency of oscillation of 1 cps. This proce- 
dure was repeated for the same specimen at an 
operating frequency of approximately 0.5 cps. It 
was therefore possible to obtain energies of activa- 
tion for the grain boundary stress relaxation phe- 
nomenon as a function of the annealing temperatures. 
As previously noted, the specific mode of testing 
results in a bias toward a higher grain boundary- 
solute adsorption, an increased segregation of 
solute will occur. However, since the critical data 
required is the difference in temperature, the ef- 
fect is probably negligible. These data are plotted 


Fig. 10—The sin- 
gle effect of tem- Le 
perature on the 
grain boundary 
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in Fig. 11. An interaction energy was calculated 
from Eq. [4], which is 0.30 + 0.05 ev. This is the 
free energy of interaction between a zirconium 
solute atom and a high-angle grain boundary in 
titanium. 

It has been suggested that the interaction between 
a solute atom and a high-angle grain boundary is 
essentially elastic in nature. An estimate based on 
the same mathematical approach used for disloca- 
tion-solute atom interactions in the matrix should 
be possible. Cottrell’ has suggested the following: 


4 l+o 
[5] 


where 7 is the radius of the solvent atom, o is 
Poisson’s ratio, and € is the atomic size factor 
between the solute and solvent atom which may be 
given by 


6 
(6) 


The value obtained from this equation for the Ti-Zr 
binary system is V = 0.25 ev. Conservatively, it is 
possible to conclude that the experimental value of 
V = 0.30 + 0.05 ev and the theoretical value are of 
the same order of magnitude. If one desires to 
attach greater significance to these values, it ap- 
pears that the elastic interaction between the solute 
atom and the grain boundary only accounts for a part 
of the total interaction. This is not unreasonable. 

If the experimental value of the interaction energy 
is inserted into Eq. [1], the excess concentration of 
solute at the grain boundary is found to be 4 at. pct 
and 6 at. pct for annealing temperatures of 800° and 
700°C, respectively. It must be emphasized, how- 
ever, that the significance of this result is not the 
exactness or inexactness of this particular value of 
excess concentration at the boundary, but does lie 
in the proposed method. 

E) Creep Studies—The observed increase in the 
energy of activation for the grain boundary stress 
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Fig. M—The effect of annealing temperature on activation 
energy for grain boundary stress relaxation. 
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Table V. Tabulation of Experimental Results of Creep Testing 


Pct Elon- 
Specimen gation N* Egb 
Unalloyed A 3.0 1333 9.03 x 
Unalloyed B 1.8 25 8.2 x10 
4 
0.04 at. pet Zr 0.9 26 1.4. 
0.12 at. pet Zr 1.0 30 x 
0.16 at. pet Zr 0.4 18 
0.20 at. pet Zr 0.7 50 0.56 x 10 
-4 
0.08 at. pet V 5.0 11 6.0 x A 
0.12 at. pct V 1.9 12 6.9 x 10" 
0.16 at. pct V Deg 26 4.46 x Os 
0.20 at. pct V 1.8 14 4.52 x 10 
-4 
0.10 at. pct A 3.0 21 82a 10" 
0.20 at. pet A 1.9 35 6.5 x 10 
0.04 at.pct Al 1.5 19 4.68 x 107" 
-0.04 atipct V 5) 19 4.68 x 10 


N* = Number of grains intercepted by a line parallel to the stress 
axis in gage length. 


relaxation process has been interpreted to mean 
that there is an increased restraint of the boundary 
to shear. If this is reasonably true it should be 
possible to observe an increase in grain boundary 
restraint to shear with adsorption by means of 
creep studies. It will certainly be observable if 
the experiments are restricted to examination of 
only the grain boundary contribution to the total 
strain. 

The method used in this study was described by 
McLean.° The grain boundary contribution to the 
total creep strain is first maximized by using a low 
applied stress and a high test temperature. Sheet 
specimens which were grain size stabilized in 
vacuum at 800°C for 72 hr were used for this study. 
Fiducial markings were scribed on the specimens 
with a spring-loaded diamond stylus at 45 deg to the 
stress axis. A gage length of 0.250 in. was used. 

A minimum of surface contamination was obtained 
on the specimens by enclosing the test apparatus in 
a high-vacuum chamber. The constancy of the ap- 
plied stress was maintained through the use of a 
differential beam. A stress of 400 psi and a tem- 
perature of 800°C was used for all of the creep 
tests. The total elongation of the specimens was 
ee with a dial gage which had divisions of 

in. 

The grain boundary contribution to the total creep 
strain was calculated from the measurement of the 
displacement of the fiducial markings at 500X. The 
grain boundary contribution to the total creep strain 
is obtained from the following: 


7 
(7 


were €gb is the average grain boundary displace- 
ment parallel to the stress axis. De is the sum of 
all the displacements, mu is the number of readings, 
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Fig. 12—The effect of solute concentration on the grain 
boundary contribution to elongation. 


and N is the total number of grains intercepted by 
the stress axis. 


Constant time tests of 50-hr duration were used. 


In Table V the composition of the alloys that were 


tested and their respective contributions to the 
total creep strain are listed. The grain boundary 
contribution to the elongation is plotted as a func- 
tion of the solute content in Fig. 12. 


The plot of the resolved grain boundary strain 


against solute concentration reveals that the solute 


e 


lement which causes the greatest increase in the 


energy of activation shows the least contribution to 
the creep. In other words, that element which has 
the greatest propensity to be adsorbed at the grain 
boundary will manifest the greatest grain boundary 
resistance to creep. 


If the model for a high-angle grain boundary is 


considered, it is expected that two or more elements 
of negative size factor relative to the solvent mate- 
rial will compete for the same low-energy sites in 


the boundary. Solute elements of mixed atomic 
sizes would not be expected to compete with each 


other. If there is an insufficient number of solute 
atoms of a specific type to saturate the approximate 


p 


energy receptacles it would be expected that additive 
effects might be observed for solutes which are of 
the same sign size factor. 


An alloy of 0.04 at. pct Al and 0.04 at. pct V was 
repared by the aforementioned techniques. The 


grain boundary contribution to creep for this alloy 
after 50 hr is plotted as point A in Fig. 12. Itis 
observed that the resolved grain boundary strain 


for the ternary alloy is considerably less than that 
obtained for either of the 0.04 at. pct binary alloys. 


Furthermore, it is less than that obtained for either 
of the 0.08 at. pct alloys of the two elements. This 


again indicates that the effect is not merely additive. 
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From these preliminary results it seems that the 
most effective alloying method for increasing the 
grain boundary resistance to creep is through the 
use of solute elements which have a spectrum of 
atomic sizes. 

It may appear that too much attention is being 
given to the study of the cause and prevention of 
grain boundary creep when its actual contribution 
to the overall creep strain is extremely small. 
Although the actual contribution of the grain bound- 
ary is very small numerically, its effect on the 
creep phenomenon may be very large in terms of 
the possible control of the process. 


SUMMARY AND CONCLUSIONS 


1) The increase in the energy of activation for 
the grain boundary stress relaxation phenomenon 
was shown to be a function of the solvent-solute 
misfit for titanium binary alloys. This is in agree- 
ment with the findings of a previous investigation on 
the Cu-X binary systems. 

2) In corroboration of Mott’s suggested model 
for the high-angle grain boundary it was found that 
both negative and positive size-factor solutes seg- 
regated at the grain boundary. 

3) Ternary alloys were tested which had various 
amounts of solutes of different atomic size. It was 
found that below the saturation limit, combinations 
of solutes caused cumulative effects as evidenced by 
the changes in the activation energy, peak tempera- 
ture, and peak magnitude. Although these studies 
substantiated the boundary model consisting of 
large and small holes which act as low-energy sites, 
it was observed that the effects were not directly 
additive. 

4) Relaxation spectra were obtained as a function 
of the annealing temperature and it was found that 
the adsorption phenomenon could be represented by 
an Arrehenius equation. The grain boundary ad- 
sorption of solutes was observed to be reversible 
with temperature. 

5) From the reversibility of the solute segrega- 
tion phenomenon it was reasonably assumed that for 
a specific binary system, alloys that exhibit the 
same energy of activation have equal numbers of 
solute atoms segregated at the grain boundary. This 
made possible the calculation of the free energy of 
interaction between a solute atom and a high-angle 
boundary. For a zirconium atom in a titanium 
lattice, the interaction energy was calculated to be 
0.30 + 0.05 ev. 

6) The free energy of interaction for a zirconium 
atom in a titanium matrix was theoretically calcu- 
lated assuming the major interaction to be elastic. 
This value was found to be 0.25 ev which is in good 
agreement with the experimental value. ‘ 

7) The excess concentration of solute at the grain 
boundary was calculated for the Ti-Zr system as a 
function of temperature using the experimental 
value for the interaction energy. Values of 4 at. pct 
and 6 at. pct for solution temperatures of 800° and 
700°C, respectively, were obtained. 

8) A study of the grain boundary contribution to 
the total creep strain was performed as a function 
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of the bulk concentration of solute. It was observed 
that the analysis of the solute adsorption obtained 
from internal-friction techniques was valid. Utilizing 
constant stress, temperature, and time of test it was 
found that the solute which showed the greatest ad- 
sorption at the boundary also showed the greatest 
restraint to grain boundary shear. 

9) It was suggested that a much greater restraint 
to the grain boundary shear could be obtained from 
the use of a spectrum of solutes of various atomic 
sizes. Preliminary experiments corroborate this 
prediction. 
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Heat Flow and Temperature Distribution Around 


a Copper Converter Tuyere 


Relaxation calculations were made to find the temperature 
distribution in the refractory wall surrounding a tuyere pipe. 
One set of boundary conditions approximated those of a standard 


copper converter while a second set represented a hypothetical, 
The pronounced cooling effect 


thermally insulated tuyere pipe. 


W. A. Krivsky 


of the tuyere is related to the problem of tuyere accretions and 


tuyere punching. 


ParticuLARLY severe service conditions are 
encountered in the tuyere zone of a basic copper 
converter during the matte blow. High-temperature 
gradients result from the juxtaposition of the hot 
charge and the tuyere pipe carrying cold air. Re- 
fractory temperatures near the tuyere mouth vary 
rapidly with time when the blast is turned on or off. 
One of the most serious problems is the formation 
of magnetite accretions around the tuyere mouth, 
which occurs very rapidly under some operating 
conditions. As a result, continual punching of the 
tuyeres is necessary to maintain a satisfactory 
rate of converting. Thus, if some means could be 
devised for keeping the tuyere pipes fully open 
without necessity for punching, a considerable sav- 
ing should result from reduction in labor cost, 
maintenance of full capacity operation, and reduc- 
tion in refractory costs. 


Recent quantitative studies of the FeO-Fe,0O,-SiO, 


system’ have shown that the solubility of magnetite 
in iron-silicate slags decreases rapidly with de- 
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creasing temperature in the range of copper con- 
verting temperatures. Data taken from the previous 
work are shown in Fig. 1. Thus the formation of 
‘thorns’’ and accretions around the tuyere mouth 
can result simply from the freezing out of magnetite 
on the cooler areas of refractory immediately ad- 
jacent to the tuyere pipes. One might expect to find 
a correlation between the severity of magnetite 
formation and the area of refractory surface which 
is cooled below the freezing point of the slag (cor- 
responding to magnetite precipitation). Magnetite 
itself has a very high melting point (1597°C) so that 
the accretions are for all practical purposes in- 
fusible. The accretions might be dissolved by in- 
creasing the silica content of the slag and at the 
same time raising the temperature, but this ap- 
proach is not feasible because it results in rapid 
corrosion of the basic refractory lining of the con- 
verter as a whole. 

In order to understand better the problems in- 
volved in tuyere design and operation, it seems es- 
sential to have at least a semiquantitative idea of 
the thermal conditions in the tuyere zone. Accord- 
ingly, this paper presents results of thermal calcu- 
lations for an idealized copper converter tuyere. 
These calculations follow the so-called relaxation 
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Fig. 1—Effect of temperature on solubility of magnetite in 
fayalite slags. 


technique.*~* Calculations were made first for a 
normal tuyere situation and then for a hypothetical 
tuyere thermally insulated from the surrounding 
refractory in order to cut down the cooling effect 
of the cold-air blast on the refractory. The results 
of the calculations suggest that a substantial im- 
provement in tuyere operation might be possible if 
an efficient means could be found for insulating the 
tuyere pipe from the refractory. 

Idealized Single Tuyere—Standard tuyere zone 
geometry is too complex for straightforward ther- 
mal calculations, at least in the exploratory stage. 
Accordingly it was decided to undertake the cal- 
culations for a much simplified system, as shown 
in Fig. 2. Fig. 2 shows a cross section of a single 
1%2-in. diam tuyere passing perpendicularly through 
a 15-in. magnesite wall. The possible proximity of 
other tuyeres is ignored, so that the tuyere system 
can be studied on the assumption of radial symmetry 
about the axis of the tuyere. For this idealized 
single-tuyere system, five different paths of heat 
flow can be distinguished: 

1) Convection heat transfer from liquid charge at 
2100°F to interior refractory surface. 

2) Transverse conduction of heat within refrac- 
tory (in direction parallel to tuyere axis). 

3) Radial heat conduction in refractory toward 
tuyere. 

4) Forced convection heat transfer from refrac- 
tory to air blast in tuyere. 

5) Natural convection heat transfer from exterior 
wall to ambient air at 100°F. 

The basic equation governing heat conduction in a 
given direction within the refractory is 


dt 
Q=kA 


In this @quation Q is the rate of heat flow (btu per 
hr), % is the thermal conductivity, A is the cross- 
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sectional area of the flow path, and dt /dr is the 
temperature gradient (°F per ft) in the direction 
of the flow path. 

For the various types of convection heat transfer 
between air or liquid charge and the corresponding 
refractory surfaces, the basic equation is 


Q= NA (ty - 


In the convection equation, Q is the rate of heat 
transfer from the fluid to the refractory surface, 

h is the convection coefficient of heat transfer, Ais 

the surface area of fluid-solid contact, tf is the bulk 
temperature of the fluid, and ¢ is the surface tem- 

perature of the refractory. 

The quantitative data and assumptions used in 
making the heat flow calculations are summarized 
in Table I. 

When the calculations were started, the assump- 
tion of constant air-blast temperature as the air 
moved through the length of the tuyere pipe seemed 
somewhat questionable. This assumption involves 
balancing the cooling effect due to adiabatic expan- 
sion of the air against the heating effect from con- 
tact with the hot refractory. However, the final re- 
sults of the calculations substantially confirm this 
assumption and in fact indicate that the cooling 
which might be associated with adiabatic expansion 
predominates over the heating effect so that the air 
probably cools slightly as it moves from the outside 
toward the tuyere mouth. That is, the blast passes 
through the tuyere at such a high velocity that it has 
insufficient time to become preheated inside the 
tuyere. 

Although the heat flow calculations were made as- 
suming a charge temperature of 2100°F, it should 
be pointed out that the results are to be considered 
on a relative basis. That is, the heat source may be 
considered to have a relative temperature of unity 


Ambient Refractory Charge 

(100°F) (2100°F) 


fv 
yw 


Fig. 2—Idealized cross section of single 11/2-in. tuyere 
in 15-in. wall, showing grid of points for relaxation calcu- 
lation. 
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Table | 
TEMPERATURES 
Air (surroundings) 100°F 
Air (blast) — assumed constant 100°F 
Liquid matte 2100°F 
AIR FLOW DATA 
‘Flow velocity (at 100°F, 20 psig) 700 ft/sec. 
Reynolds number in tuyere (calculated) 1.26 x 106 


HEAT-TRANSFER COEFFICIENTS Btu/hr-ft? -°F 


Tuyere Surface (Calculated) 


Blast air to magnesite, normal case 200 
Blast air to magnesite, insulated tuyere 10 


Atmospheric Surface (Calculated) 


Magnesite to surroundings 
(Combined value for convection and radiation) 6 


Liquid Matte Surface (Estimated) 


Magnesite to liquid matte 500 


THERMAL CONDUCTIVITY Btu-ft/hr-ft? —°F 


Magnesite (assumed constant) 
Metal (shell and tuyere pipe) Resistance 
neglected 


(equivalent to 2100° F) and the heat sinks a relative 
temperature of 0 (100°F). The final results can 
therefore be adjusted to other sink and source tem- 
peratures by simple arithmetic corrections. 

Relaxation Technique—Refs. 2 to 4 should be con- 
sulted for detailed information on the relaxation 
technique of heat-flow calculations. In brief, the 
relaxation technique is a systematic trial-and-error 
method for solving the differential equation of heat 
conduction. The body is divided up into finite 
volume increments. For each increment of area 
AA and length Ay, the heat conduction is then cal- 
culated in the form 


At 
Q= RAAT 
An exact solution of the original differential equa- 
tion can be approached as closely as desired simply 
by dividing the body up into smaller and smaller 
volume increments. 

For the tuyere under consideration, the convenient 
type of volume increment is an annular ring of 
square cross section, symmetrical about the axis of 
the tuyere. The cross-sectional dimensions of the 
square can be called Ayr and the radius of the ring 
(measured to the center of the square) can be desig- 
nated as y. Referring to the cross section of the 
body, it is convenient to represent each ring by a 
point and to consider the heat flow from one ring to 
an adjacent ring to be a point-to-point heat transfer. 
Thus the heat transfer from one point to the next in 
a grid will be proportional to the average flow area 
between the two corresponding rings and to the dif- 
ference in the two point temperatures, and inversely 
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proportional to the distance between the two points. 

The grids of points used in the tuyere calculations 
are shown in Fig. 2. Preliminary calculations were 
made first with a 5-in. grid. Then a 1-in. grid was 
used for the refractory region near the tuyere. 
Finally a /4-in. grid was found necessary for the 
refractory region near the tuyere mouth. 

To start the relaxation calculations, a very rough 
temperature estimate was assigned to each point in 
the grid. Then point-by-point calculations were 
made repeatedly through each point in the grid, con- 
tinually adjusting the point temperatures, until the 
final set of point temperatures satisfied the basic 
heat-flow equations. The trial calculation at each 
point consisted in calculating the net heat flow to 
that point from the four surrounding points. Under 
steady conditions the net heat flow to a given point 
should be zero. Accordingly, after the first calcu- 
lation of net heat flow, the temperatures of the point 
around the point in question were adjusted equally to 
reduce the heat flow to zero. As each circuit of the 
points was completed, the corrections of course be- 
came smaller and smaller. Details of the single 
point calculations for the four different kinds of 
points involved in the tuyere system are shown in 
Figs. 3 to 6 inclusive. 

Results—The results of the relaxation calculations 
for a normal tuyere can be expressed most simply 
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Fig. 3—Calculations for interior point. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


k---- 
\ 

r 

¢ of tuyere 


za 


= O for steady state 
B,= 


Fig. salicables oe for points on interior or exterior 
surface. 


by the set of temperature isotherms shown in Fig. 7. 


Well away from the tuyere, the isotherms are sub- 
stantially parallel to the refractory interior and 
exterior surfaces, corresponding to the fact that the 
direction of heat flow is perpendicularly through the 


refractory wall from the hot charge to the surround- 


ings. However, in the vicinity of the tuyere the 
isotherms become sharply curved toward the tuyere 
mouth as a result of the cooling effect of the cold 
blast passing through the tuyere. As a result, the 
theoretical temperature at the circle of intersection 
of the tuyere with the interior refractory surface is 
about 1500°F. Furthermore, an annular area of the 
refractory surface adjacent to the tuyere mouth and 
almost ¥2 in. wide is below 2000°F. For compara- 
tive purposes, this area with a surface temperature 
2000°F and below might be considered a critical 
area for magnetite precipitation. Thus Fig. 7 shows 
clearly and at least semiquantitatively how the 
cooling effect of the blast passing through the 
tuyeres is sufficient to lower the refractory tem- 
perature at the tuyere mouth enough to cause freez- 
ing out of magnetite and slag. 

One obvious way to attempt to reduce the cooling 


effect of the tuyere air is to insulate the tuyere pipe. 


In order to appraise the effect of such a change, the 
relaxation heat flow calculations were repeated, as- 
suming the heat-transfer coefficient (z) from blast 
air to refractory to be 10 btu per hr-sq ft - °F in- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


stead of the 200 btu per hr-sq ft - °F originally as- 
sumed for the normal tuyere installation. 

Fig. 8 gives the results of the relaxation heat- 
flow calculations for the ‘‘insulated’’ tuyere. A 
comparison with Fig. 7 shows that the “‘insulation’’ 
has a marked effect on the curvature of the iso- 
therms in the vicinity of the tuyere and especially 
flattens out the isotherms near the tuyere mouth. 
For the insulated tuyere, the corner temperature 
at the circle of intersection of the tuyere with the 
refractory surface is 2025°F, only 75°F cooler than 
the assumed temperature for the converter charge. 
Thus it might be predicted that a practical means 
for insulating the tuyere pipe could lead to a sub- 
stantial decrease in the tendency for magnetite and 
other materials to freeze out around the tuyere 
openings. However, finding a practical and durable 
insulation will not be easy. 

It should be kept in mind that the heat-flow cal- 
culations for both the ‘‘normal’’ and the ‘‘insulated’’ 
tuyeres were for single isolated tuyeres. A pre- 
liminary study indicated that the numerical calcu- 
lations become prohibitively time consuming if the 
effects of adjacent tuyeres are taken into account. 
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Fig. 5—Calculations for point at tuyere surface. 


VOLUME 215, FEBRUARY 1959-85 


Ar t4 
y to 
- of tuyere 


ae te Io 


& 
>, 
= 
+ 


4. las to 


XQ =0 for steady state 
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Fig. 7—Calculated isotherms—normal tuyere. 
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2025°F 
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Fig. 8—Calculated isotherms—insulated tuyere. 


Qualitatively, the refractory-cooling effects of the 
tuyeres installed close together in a long row ina 
Peirce-Smith converter will be greater than the 
cooling calculated for a single, radially symmet- 
rical tuyere. 


Refinements —At the time these calculations were 
made a few years ago, the authors did not have ac- 
cess to a modern automatic computer. Therefore 
the point-by-point computations were conducted very 
laboriously with slide rule, pencil, and paper. It is 
now possible to set up problems of this kind on 
automatic computers and to obtain the results in a 
relatively short time, once the computer is pro- 
grammed. Moreover, using an automatic computer, 
it should be possible to set up calculations corres- 
ponding more closely to the tuyere-zone geometry 
of an actual copper converter. 

The authors would like to point out also that a 
quantitative study of the fluid-flow aspects of 
tuyere closure might be worth while. On the basis 
of present understanding, there is no reason to 
conclude that the tuyere zone in a copper converter 
cannot be designed in such a way that tuyere punch- 
ing would be unnecessary. One encouragement to 
this hope is the fact that tuyere punching is not part 
of the practice in Bessemer converters used in 
making steel. 
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An Experimental Determination 
of the Electrical Resistivity of the Liquid Alloys 
Hg-In, Hg-Tl, Ga-In, Ga-Sn, and of Liquid Gallium 


The electrical resistivity and the temperature coefficient of 
resistivity were measured with a potentiometric method using 


pure mercury as a reference material. Measurements were 


L. G. Schulz 


made near room temperature. A detailed study was made of 


Hg,Tl, near its melting temperature. 


Tue work to be described was originally under- 
taken to provide the necessary data for interpreting 
the results of some optical experiments, * but be- 
cause of the growing importance of liquid metals,” 
it appeared that the results of the resistivity meas- 
urements should be published separately. For con- 
venience the alloys selected were those which are 
liquid at room temperature. Special consideration 
was given to the Hg-T1 alloy closely corresponding 
to Hg,Tl, because recent X-ray diffraction results 
of Smallman and Frost* seemed to show that the 
solid structure may persist to some extent into the 
liquid. 


EXPERIMENTAL PROCEDURE 


A potentiometric method was employed in which 
the resistivity of mercury was used as a reference. 
The essential features of the samples are shown in 
Fig. 1. A capillary tube CT with a bore of approxi- 
mately 1.5 mm was fitted into two end cups, T, 
which were made of Teflon. A pair of current 
electrodes CE were immersed into the excess 
liquid metal which partly filled the end cups. The 
potential electrodes PE were inserted into CT 
through short pieces N of a no. 18 hypodermic 
needle held in place with Saureisen cement SC. 

As shown, the lower ends of the PE’s were reduced 
in diameter to 0.25 mm to minimize the distortion 
_of the liquid metal cross section. 

Several methods were used to insert an alloy into 
the sample, but the usual one with mercury alloys 
was to fill the sample container with a weighed 
quantity of pure mercury” and then add weighed 


*The mercury used in these experiments was obtained from the 
Bethlehem Apparatus Company, Inc., and was labeled “triple distilled 


quality.” 


amounts of the solute metal into the end cups. By 
means of a suitable mechanical arrangement one 
end of the sample was then alternately raised and 
lowered to promote mixing. As a check on the 
composition a small amount was removed and ana- 
lyzed chemically. A second method was to prepare 
an alloy of determined composition and pour it into 


L. G. SCHULZ and PETER SPIEGLER are associated with the Insti- 
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the sample tube in a vacuum. Because of rapid cor- 
rosion, samples containing gallium were of neces- 
sity prepared in a vacuum. To obtain the specific 
resistivity of an alloy the resistance of the sample 
containing the alloy was measured and compared 
with the resistance when the container was filled 
with mercury. Resistances were measured in the 
temperature range of 20° to 60°C to obtain the tem- 
perature coefficient of resistance. 

The electrical measurements were made by con- 
necting the sample in series with the standard one- 
ohm resistance, and the potential drop measured 
alternately over the sample and the standard re- 
sistance. To correct for stray thermoelectric 
effects provision was made for reversing the 


‘direction of the current, and the true potential drop 


was taken to be the average of that obtained for the 
two directions of current flow. Various materials 

were used for the electrodes, the most uniform re- 
sults being obtained with nickel. 


EXPERIMENTAL RESULTS 


The numerical results are presented graphically 
in Figs. 2 and 3 and in tabular form in Tables I and 
II. Following are remarks on results of individual 
alloys. 

1) Hg-In—This was the first alloy studied, and 


@ 


Fig. 1—Diagram showing details in the construction of the 
samples. 
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Fig. 2—Graph showing the resistivity of the several alloys 
as a function of composition. In this graph, as well as in 
the text, compositions are given in atomic ratios or per- 
centages. The small arrows on the Hg-Tl curve are values 
from reference no. 8. 


the method was developed with it. As can be seen 
from Fig. 2 there is a very long solubility range of 
indium in mercury at room temperature.” Six 
samples were prepared and measured and the re- 
sults were in excellent agreement. The curve of 
Fig. 2 shows points for two of these samples. Using 
the temperature coefficient for pure indium deter- 
mined by Scala and Robertson® and assuming that 
supercooling were possible to 20°C, the computed 
resistivity in indium is found to line up with the 
extrapolated curve for Hg-In alloy. Reports of 
earlier measurements of the resistivity of this alloy 
were not found. (The long solubility range of indium 
in mercury was only recently discovered.)° 

2) Hg-Tl—The range of solubility for thallium in 
mercury is somewhat less” than that for indium in 
mercury. The experimental results shown in Figs. 


Table | 


The resistivity p,. at 20°C of Hg-In, Hg-Tl, Ga-In, and Ga-Sn as a 
function of composition. p,) is given in ohm-cm x 10°; the composition 
in atomic percent. The probable error in p,, is + 0.3 pct. 


Hg Solution Ga Solution 


In Pct P20 TEP Ct “pr In Pct P20 SMPCE 
0 95.8 0 95.8 0 25.6 0 25.6 
5 79.3 5 87.0 

10 68.6 10 80.3 5 26.3 5 26.7 
15 61.4 15 US 

20 55.9 20 72.4 10 26.7 8 27.3 
25 51.8 25 70.2 

30 48.7 30 69.0 15 27.2 

35 46.2 25 67.9 

40 44.0 40 67.3 

45 42.2 

50 40.5 

55 39.0 

60 37.6 

65 36.3 

70 35.0 


T T T T T T T 
9 Temperature Coeffecient 
Of Resistance at 20°C Sn 
3 In 
Hg In, Tl Ga In, Sn 


Fig. 3—Graph showing the temperature coefficient of re- 
sistance (@), as a function of composition. 


2 and 3 are for two of the three samples and in addi- 
tion the earlier measurements by Pawlowitsch.°® 
There are also other earlier measurements but at 
low concentration only.® (Discussion of the results 
for the special composition Hg,T1, is given below.) 

3) Ga-In and Ga-Sn—The solubility of indium or 
tin in gallium at room temperature is rather lim- 
ited.” >"? The change in resistivity as these metals 
are added to gallium is relatively small as can be 
seen from Fig. 2. (Mercury and thallium are not 
soluble in gallium.)” 

4) Resistivity of Pure Gallium. * Electrical 


*The gallium used in these experiments was supplied by the Alumi- 
num Co. of America and was said to be “nigh purity, 99.94 pct.” 


measurements on pure gallium have been made at 
least three times previously. ‘4 The earlier work 
was difficult because of the limited quantities of 
this material which were then available. Compari- 
son of various values is given in Table II. The re- 
sults of the present work are in good agreement 
with those of Bridgman.** 


EXPERIMENTS ON Hg-Tl ALLOYS NEAR THE 
COMPOSITION OF Hg,TI1, 


Early results’ ** with X-ray diffraction as well 
as more recent work by Smallman and Frost’. sug- 
gest that the liquid structure is different from a 
simple mixture of mercury and thallium atoms. It 
has been postulated that the structure of Hg, Tl, in 
the solid persists into the liquid. If this is indeed 
the case anomalies should appear in the electrical 
properties at this composition slightly above the 
melting temperatures. Several samples were 
studied in the range of room temperature down,to 
16°C and one sample was studied in great detail in 
the range of 16°C down to the melting temperature 


Table II 


Various values of the resistivity of Ga at the melting temperature and 
the temperature coefficient of resistance at the temperatures indicated. 


Experimenter Pmt X 10° ax 10° 
Guntz and Broniewski 26.3 — 
Bridgman 25.92 84 at 30°C 
Dodd 28.1 109 at 0°C 


Present work 25.842 20°C 
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of 14.5°C. Following are the most important fea- 
tures of the experimental results: 

1) For temperatures above 16°C there were no 
anomalies in either the resistance vs composition 
curve, Fig. 2, or in the temperature coefficient of 
resistance vs composition curve, Fig. 3, for alloys 
at or near the composition 28.58 at. pct Tl which 
corresponds to Hg,Tl,. The variation of resistance 
with temperature was linear to within the accuracy 
of the experimental measurements. 

2) For temperatures below 16°C at a composi- 
tion of 28.6 +0.2 at. pct Tl the relation of the re- 
sistance to the temperature ceased to be linear as 
described in detail in Fig. 4: Graph A shows that 
the resistance is high at the melting temperature, 
but as shown in Graphs B and C, for higher thallium 
contents the linear relationship is maintained down 
to the melting point. However, when the composi- 
tion was restored to 28.6 pct as in Graph D, the 
resistance at 14.7°C is again high. A detailed ex- 
amination showed that the departure from linearity 
began at 16°C and that the temperature coefficient 
became zero at the melting temperature. The 
measurements were extended over a period of a 
month and could be repeated with great consistency. 
In addition, the sample could be partially frozen and 
then brought up above the melting temperature with 
no change in its electrical properties. Very little, 
if any, supercooling was observed. The temper- 
ature could be controlled to +0.2°C and the 
thallium content as shown by chemical analysis to 
+1 pet. 


The most general conclusion from these measure- 


ments is that the evidence for any unusual structure 
in the liquid phase is extremely small. Since it ap- 
pears to be confined to a small composition range, 
it is of a different character from that discussed by 
Smallman and Frost* who worked at estimated com- 
positions of 29.6 and 33.6 at. pct Tl and at a tem- 
perature of 17+1°C. As is evident from Fig. 4 
electrical measurements are capable of great re- 
finement. It was felt, however, that greater control 
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16 


Temperature In Degrees C 


of composition would be necessary to make it prof- 
itable to continue the measurements. 


ELECTRICAL CONDUCTIVITY IN LIQUID-METAL 
ALLOYS ~— 


Unfortunately there is no theory concerning the 
electrical properties of liquid-metal alloys and in- 
deed hardly any theory of liquids of any kind. It is 
possible, however, to make some comparisons with 
other resistivity measurements:””” When metals 
are dissolved in liquid mercury, the resulting liquid 
amalgams may have either higher or lower resist- 
ance than pure mercury. The curves of Fig. 2 show 
that the addition of indium or thallium decreases the 
resistance. The shape of the curve for Hg-In is 
similar to that for solid solutions of the Pb-Cd type 
in that the curve is‘convex downward. It may be 
that at higher temperatures a linear relationship 
of resistance to composition is more nearly ap- 
proached as is the case for liquid Bi-Sn.** Equa- 
tions were fitted to the curves of Fig. 2 but they 
did not suggest anything of physical significance. 

Electrical conductivity in liquid metals is prob- 
ably similar to that in solids except that in liquids 
a small fraction of the current is carried by ions.” 
Optical measurements’ showed that liquid alloys are 
not ideal metals in the sense of the Drude free-elec- 
tron theory. Furthermore, the deviation from the 
theory by Hg-In is different in character from that 
of Hg-Tl. It is surprising that liquid mercury and 
liquid indium should follow the Drude theory but that 
the liquid alloy Hg-In does not. 


SUMMARY 


A potentiometric method was used to determine 
the resistivity and the temperature coefficient of 
the resistivity of several alloys in the composition 
range for which they are liquid at room tempera- 
ture. Pure mercury was used as the reference 
material. It was found that the solution of indium 
or thallium in mercury caused a large decrease in 
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the resistivity whereas the solution of indium or 

tin in gallium caused a slight increase. For solu- 
tions of thallium in mercury closely corresponding 
to Hg,Tl, at temperatures above 16°C there were 
no anomalies in the electrical properties. However, 
in the range of 16°C down to the melting tempera- 
ture at 14.5°C the temperature coefficient decreased 
becoming zero at 14.5°C. The conclusions from 
electrical measurements are in general inconsistent 
with those from X-ray experiments which suggest 
that there is a more orderly atomic arrangement 

in the liquid at a compound composition than at 
other compositions. The resistivity of liquid gal- 
lium was found to be in good agreement with that 
obtained by Bridgman. 
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Effect of Orientation on Strain-Induced Grain 


Boundary Migration in Silicon-lron Bicrystals 


Strain-induced grain boundary migration was studied in a 
series of silicon-iron (314 pct Si) bicrystals of controlled ori- 
entations. Each bicrystal was given a 7 pet cold-rolling strain 
and annealed at 1100°C. The direction of boundary migration 
was found to depend on orientation; results for several orienta- 


tions related by a common [110] axis are given. Analysis of the 
micrographic and X-vay data is made in terms of the residual 
strain-energy densities within the crystals (energy per unit vol- 
ume) and a driving force on the boundary due to an energy den- 


sity difference across the boundary. Relative strain energies 


were obtained for the various orientations investigated. 


A CHROME-acetic acid electroetching method for 
revealing dislocation sites in silicon iron was pre- 
viously applied to clarify the structural features and 
the energetics involved in strain-induced grain 
boundary migration. »? The present paper is a 
continuation of this study, but is primarily con- 
cerned with the influence of crystal orienfation. 

Sperry, as reported by Beck, * attempted to de- 
termine the factors that influence the preferred 
growth of one grain over another in aluminum due 
to strain-induced boundary migration. He found 
that the particular grain of a pair which work 
hardened more was invaded, although exceptions 
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to this correlation were noted. The index of work 
hardening was determined from microhardness 
measurements of each grain before and after cold- 
rolling. In the present study, orientation itself was 
taken as a useful variable for studying the behavior 
of individual grains in a bicrystal and the direction 
of boundary migration, since the extent of work 
hardening is orientation dependent. 

The effect of strain on boundary migration is 
evident from a consideration of driving forces. 
Thus, in the absence of inclusions, the driving force 
(per unit area of boundary) for growth of grain A 
into grain B when a bicrystal is strained and an- 
nealed may be expressed as follows: 
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where €, and €, are the volume-free energy den- 
sities of grains B and A, respectively, adjacent to 
the boundary, y is the specific grain boundary 
energy, 1/7 is the curvature of the boundary, and 
kis a constant. The influence of crystal orientation 
on the initiation of strain-induced boundary migra- 
tion may be evaluated unambiguously when 1/r is 
zero, when T depends only on €p — €, -Since 
recovery occurs prior to boundary migration, * 

€, — €, must be considered as a residual strain- 
energy difference across the boundary. Accordingly, 
when migration occurs, it is possible to determine 
which of the two adjacent grains has the higher 
residual-strain energy. 

From the above considerations qualitative infor- 
mation on residual-strain energies is obtained from 
observations on the direction of boundary migra- 
tion. In the present study the range of orientations 
was limited to a series with a common [110] axis 
and planes between (110) and (111) in the unit 
stereographic triangle. 


EXPERIMENTAL PROCEDURE AND 
OBSERVATIONS 


Bicrystal sheet specimens of 37/, pct Si in iron, 
having controlled orientations, were prepared from 
critically strained and annealed polycrystalline 
sheet.° The bicrystals, having initial dimensions 
approximately 3 cm by 6 cm and 1 mm thickness, 
were then annealed at 1200°C in H, atmosphere 
for 30 to 60 hr to obtain straight or relatively 
stable grain boundaries. The orientations of ad- 
jacent grains in each bicrystal are given in Fig. 1, 
as determined from X-ray Laue transmission 
patterns. The specimen designation, orientation 
difference, and specific grain orientations are 
listed in Table I. It is evident that one grain in 
each bicrystal has the (110) [001] orientation, 
while the adjacent grain orientation may be de- 
scribed by rotations about a [110] axis, which was 
approximately perpendicular to the grain boundary 
plane. 

Preliminary experiments were conducted with 
several specimens obtained from bicrystal no. 1 
to determine suitable conditions of specimen 
preparation, cold-rolling reduction, and annealing 
for the study of strain-induced boundary migration. 
It was found desirable to use bicrystal specimens 
with reasonably straight grain boundaries, which 
are perpendicular to the edges of each final speci- 
men, to reduce the grain boundary driving force, 
i.e., k y/r in Eq. [1]. Subsequent observations on 
specimens which were cold-rolled 3, 7, and 10 pct 
indicated that the 7 pct reduction would be satis- 
factory. Mechanical twins or Neumann bands were 
found to localize strain energy and thus induce 
boundary migration in such regions on subsequent 
annealing. The formation of these bands was 
avoided by carefully cold-rolling with relatively 
small reductions per pass. Small specimens cut 
from the cold-rolled bicrystals, were electro- 
polished as before,’ to eliminate surface irregu- 
larities which might anchor the grain boundary on 
subsequent vacuum annealing. 
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Table | 
Orientation Dif- 
Bicrystal ference, 0 Deg Grain Orientations 
1 15 (110) [001] and ($52) [115] 
2 24 (110) [001] and (332) [113] 
3 30 (110) [001] and (554) [225] 
4 35 (110) [001] and (111) [112] 


Microhardness tests were also conducted using a 
Tukon tester with a Knoop indentor to obtain, if pos- 
sible, additional data. Hardness readings were ob- 
tained from electropolished {110} surfaces, the long 
axis of the indentor always maintained parallel to a 
<110> direction. The indentation lengths for a 
500-g load were about 100 u. However, micro- 
hardness tests near the grain boundary and away 
from the boundary proved to be insensitive for de- 
tecting initial or residual work-hardening differ- 
ences between the adjacent grains of a bicrystal. 
Tuchschmid’ also found that microhardness meas- 
urements were insensitive for detecting small 
work-hardening differences between various re- 
gions of a microstructure. 

Subsequent studies dealt with bicrystals 1 to 4 
inclusive, which were cold-rolled 7 pct with small 
reductions per pass, electropolished, and then an- 
nealed in vacuum for 7% to 18 hr at 1100°C. After 
this anneal, the dislocation sites were revealed by 
‘‘decoration’’ with carbon (7/2 hr at 980°C in low- 
pressure acetylene),* electropolished, and then 
electroetched in the chrome-acetic acid solution. 
Micrographs and X-ray transmission patterns were 
obtained from the adjacent grains after cold-rolling 
and after annealing. 


ARD. 


BICRYSTALS 


Fig. 1—Stereogram of {100} poles giving the orientations 
present in bicrystals 1, 2, 3, and 4. 0 locates the (110) 
[001] orientation common to each bicrystal. 
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Table Il 


i i Annealin Invadin Invaded Distance of 
Grain Grain Migration, Mm 
1 2 18 hr—1100°C (552) [115] (110) [001] 15* 
2 2 18 hr —1100°C (110) [001] (332) [113] 0.1, 0.2 
3 3 % hr—1100°C (110) [001] (554) [225] 0.4 
1 18 hr— 1100°C (110) [001] (554) [225] 1.0 
4 1 ¥% hr—1100°C (110) [001] (111) [112] 0.1 
1 18 hr—1100°C (110) [001] (111) [112] 0.4 


*The (110) [001] grain was completely consumed in both specimens. 


RESULTS AND DISCUSSION 


a) Strain-Energy Considerations—Data indicating 
the orientations of invading and invaded grains and 
the amount of boundary migration are summarized 
in Table II. In bicrystal 1 the (552) [115] grain grew 
at the expense of the (110) [001] grain, but in the 
other bicrystals the (110) [001] grain invaded the 
adjacent grain. 

If each orientation and grain is identified by an 
angle of rotation @ about the eommon [110] axis, 
and €, is the residual strain energy of the grain, 
then orientation and energy may be paired as 
follows: (110) [001], €o; (552) [115], €15; (332) 
[113], €24; (554) [225], €,,; and (111) [112], ¢,,. 
Using this notation and the data on direction of 
boundary migration given in Table II to decide ac- 
cording to Eq. [1] which grain has the higher re- 
sidual energy, we obtain the following sequence: 


Eis Eo < Ena, OF E35 [2] 


Fig. 2 is a qualitative plot of this information 
showing the variation of residual strain energy (€,) 
with grain orientation (@). Since recovery occurs 
prior to boundary migration, ‘ €, is not the original 
‘‘as-deformed’’ strain energy. However, the same 
form of relationship given in Fig. 2 is believed to 
be valid for the cold-rolled condition, in which the 
curve is simply shifted upward to higher energy 
values. Such a shift of the curve would imply that 
after the cold-rolling reduction the energy for each 
orientation decreased approximately the same 
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Fig. 2—Variation of residual strain energy with crystal 
orientation. 
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amount prior to boundary migration.* The changes 

*An exception to such a form of recovery occurs when deformation is 
by easy glide; but the occurrence of this mode of deformation is un- 
likely in the present Si-Fe bicrystals deformed 7 pct by cold rolling. 
noted during recovery for stored energy of Au-Ag 
alloy,® yield of Al crystals,® hardness of Al, 10 and 
electrical resistivity of Mo crystals,** support this 
argument. These properties approached residual 
or steady values during recovery which increased 
the greater the deformation, but the relative re- 
covery in each case was approximately the same 
for all degrees of deformation. This argument 
implies that there was no evidence of a reversal 
of energy density, which was a possibility dis- 
cussed in a previous paper.’ However, the present 
data are inadequate for settling this point. 

Results from an additional bicrystal of Si-Fe, 
also deformed 7 pct as before, were found to be in 
agreement with the form of the curve given in Fig. 2. 
The bicrystal had no (110) [001] grain; instead of 
this orientation one crystal was rotated 8 deg about 
the common (110) axis, and the other grain 24 deg 
in such a way as to give an orientation difference 
of 32 deg. The 8 deg grain grew into the latter 
during an 18-hr anneal at 1100°C, Z.e., < €24. 

The present observations do not support the sug- 
gestion of Decker and Harker™ that the (110) [001] 
grains in Si-Fe become more highly strained than 
other grains (2.e., are portions of the cold-rolled 
strip. with highest free energy) and on annealing 
recover first (z.e., recrystallize in situ) and grow 
at the expense of all other grains which remain in 
a higher energy condition.* The (552) [115] grain 
~ *In the work of Decker and Harker, the grains were cold-rolled 40 
pet. On annealing at 800°C most of the grains recrystallized in situ, 
but the (110) [001] grains appeared to undergo primary recrystallization. 
grows into the (110) [001] grain, not the contrary. 
Also, if the cold-rolled condition can be repre- 
sented by the curve of Fig. 2, but shifted upward, 
only that part of the curve between zero and 15 to 
20 deg agrees with the ideas of Decker and Harker 
regarding the effect of orientation on relative 
strain-energy increase. 

b) Micrographic and X-Ray Results— Fig. 3 shows 
the microstructure of bicrystal 4 in which the (110) 
[001] grain (lower region) invaded the (111) [112] 
grain (upper region). The central region above the 
arrows (original boundary position) is (110) [001] 
orientation produced by boundary migration. The 
higher energy grain is definitely darker than the 
lower energy grain, as reported previously.’ Simi- 
lar microscopic observations were noted for the 
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Fig. 3—Microstructure after 7 pct reduction and 18 hr at 
1100°C showing boundary migration and substructures in 
bicrystal 4. (Lower grain is (110) {001], upper grain is 
(111) [112]). Chrome acetic acid electroetch. X100. Re- 
duced approximately 32 pct for reproduction. 


growth of the (110) [001] grain into its adjacent grain 
in bicrystals 2 and 3. 

Figs. 4(@) and 4(b) illustrate the microstructure 
found in specimens of bicrystal 1 that showed (552) 
[115] (lower region) invading (110) [001] (upper 
region). Fig. 4(@) indicates that very little boundary 
migration (0.01 mm) occurred in the 15-min anneal 
at 1060°C as compared to the anneals at 1100°C, 
Table II. The migration shown in Fig. 4(b) repre- 
sents the structure noted in the preliminary ex- 
periments where boundary migration occurred in a 
region originally containing Neumann bands after 
cold-rolling. In Fig. 4(b) there are low-angle 
boundaries that divide the growing region into 
subgrains. These subgrains have different dislo- 
cation densities and, therefore, have different states 
of perfection. As pointed out previously,* the 
growth process initially tends to build rather im- 
perfect regions, and considerable growth may be 
required to obtain regions of relatively low dis- 
location density. Thus, there is no abrupt energy 
change from point to point taken across the old 
boundary position [at arrows in Fig. 4(b)] into the 
new region and up to the growth front. Turnbull” 
stresses the importance of such an energy conti- 
nuity in the mathematical treatment of critical size 
of a nucleus. Thus, if a nucleus becomes smaller 
by an infinitesimal amount, the free energy in the 
region swept by the boundary must be converted 
to the higher value of the surrounding strained 
matrix. 

The subgrain structures of the individual grains 
of bicrystal 4 are-shown in Fig. 5 for two different 
annealing times at 1100°C. The appearance of the 
micrographs after both these treatments is in 
agreement with the previous observations relating 
darkness of the microstructure and the direction of 
boundary migration, and hence with growth of the 
(110) [001] grain into the (111) [112]. The center 
region of Fig. 5(c) for the (111) [112] orientation 
indicates the presence of a new grain of relatively 
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Fig. 4—Boundary migration and substructures in bicrystal 
1. (Lower grain is (552) [115], upper grain is (110) [001]). 
Chrome acetic acid, electroetch: (a) After 7 pet reduction 
and 15 min at 1000°C. X500; (6) After 3 pct reduction and 
15 min at 1100°C. X250. Reduced approximately 32 pct 
for reproduction. 


low dislocation density.* A simple estimate of 


*An X-ray microbeam determination by W. R. Tully and Miss B. J. 
Drummond confirmed the presence of a new grain. 


both the energy density and the dislocation density 
above that of the new grain, can be made for the 
(111) [112] grain provided that the new grain is not 
significantly above the critical size. Thus, from 
Eq. [1] it follows that 


Ex, > 2 [3] 


for a spherical new grain of radius y and grain 
boundary energy vy. Assuming y is 1000 ergs per 
sq cm as before,” it follows that €,, > 5 xX 10° ergs 
per cm® since the measured value of ry is 40u. This 
energy density corresponds to a two-dimensional 
dislocation density of 2 x 10° lines per sq cm, if the 
value 14 x 107* ergs per cm is taken for the energy 
of a single dislocation.” Such a minimum estimate 
seems reasonable. For example, Gay, Hirsch, and 
Kelly“ calculated from X-ray data the dislocation 
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Fig. 5—Microstructures of individual grains in bicrystal 4 after 7 pct reduction and anneals as indicated. Chrome acetic 
acid-electroetch. X100. Reduced approximately 15 pct for reproduction. 


density in copper and nickel deformed about 7 pct 
and obtained about 2 x 10° lines per sq cm. 

Fig. 6 shows the appearance of Laue reflections 
in transmission X-ray photographs of the grains in 
bicrystal 4 after deformation and after annealing. 
The principal features of the photographs before 
and after the anneal are the same, thus indicating 
no recrystallization or large-angle reorientations. 
The heterogeneous microstructure shown in Fig. 
5(d), therefore, has the cold-rolled orientation, and 
the microstructural change from Fig. 5(c) to 5@) is 
due to recrystallization in situ.’ A comparison 
of Figs. 6(a) and 6(c) shows more asterism in the 
(110) [001] grain than in the (111) [112] grain and 
this greater orientation spread carries over into 
the annealed structure, Figs. 6(5) and 6(d). Also, 
the extent of asterism in the X-ray patterns for the 
(552) [115] grain after 7 pct reduction, and after 
7 pet reduction and 18 hr at 1100°C, Figs. 7(a) and 
7(0), are similar to those for the (111) [112] grain, 
Figs. 6(c) and 6(d). Since the (111) [112] grain has 
the higher energy prior to grain boundary migra- 
tion than either the (110) [001] or (552) [115] grains, 
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it follows that the spread in orientation revealed in 
the Laue reflections is not a reliable index of strain 
energy. This situation is not too surprising since 
strain energy largely depends on dislocation den- 
sity, which in turn depends on two factors—namely, 
particle size and particle disorientation. For a 
given distribution of orientations (and, therefore, 
orientation spread), Gay et al.** show that disloca- 
tion density increases as particle size decreases. 
Particle size is, therefore, a second important 
variable. The microstructures shown in Figs. 5(a) 
to 5(d) are not readily analyzed according to sub- 
grain or particle size, but the subgrains in Fig. 5(d) 
for the (111) [112] grain are certainly smaller than 
those in Fig. 5(6) for the (110) [001] grain. The ap- 
pearance of the Laue reflections in Figs. 6(6) and 
6) are in agreement with this interpretation of 
particle sizes. Thus the break-up of the Laue re- 
flections in Fig. 6() for the (110) [001] grain indi- 
cates the presence of a rather large-size subgrain 
structure. On the other hand, the resolution of the 
Laue reflections into a fine structure is not indi- 
cated at all in Fig. 6(d) for the (111) [112] grain; 
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(c) (110) [001) TT 00° C. (b) (110) [001] grain after 18 hr at 1100°C. 
(c) (111) [112] grain after 1 1/2 hr at 1100° (d) (111) [112] grain after 18 hr at 1100°C. 


tion. 


(c) (111) [112] 


tion. 


(110) [001] after 
% after 7 pct reduc- 


after 7 pct reduc- 


(6) (110) [001] .. 
after 7 pct reduc- a 

tion and 18 hr at ‘ . 


(d) (111) [112] 2 
after 7 pct reduc- . 
tion and 18 hr at : 
1100°C. 


Fig. 6—Transmission Laue photographs of individual grains in bicrystal 4, 


reduction. 


(a) After 7 pct 


(b) After 7 pct 
reduction and 18 : ° 
hr at 1100°C. ° 


Fig. 7—Transmission Laue photographs of (552) [115] grain in bicrystal 1. 


this lack of resolution would be expected for the 
case of small subgrains. 

A more quantitative evaluation of energy den- 
sities from measurements of dislocation densities 
by the etch-pit method was not attempted in the 


present work. Eq. [1] was considered adequate for 


obtaining qualitative information on the effect of 
orientation on relative residual strain energies. 
The residual strain-énergy density difference 
across a boundary was considered responsible for 
initiating grain boundary migration and was found 
to vary in a consistent manner with orientation. 


CONCLUSIONS 
1) The phenomenon of strain-induced grain 
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boundary migration in Si-Fe bicrystals is strongly 
dependent on orientation for grains related by a 
common [110] axis. 

2) The residual strain energy just prior to 
strain-induced boundary migration of Si- Fe crys- 
tals cold-rolled approximately 7 pct decreases as 
the initial orientation varies from (110) [001] to 
(552) [115], and then increases and reachesa- 
maximum as the orientation approaches (111) [112]. 

3) The value of residual strain energy was con- 
sidered to depend on subgrain or particle size and 
on subgrain misorientation. 
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An Investigation of Gas Flow in a Small 


Blast Furnace 


Rates and patterns of gas flow in an experimental blast furnace 
were investigated by measurements, at three levels, of gas compo- 
sitions and temperatures and by direct determination of gas transit 
time by a new method employing mercury vapor as a tracer. Infer- 


H. W. Hosking 
W. O. Philbrook 


ences were drawn about localized reaction zones and the mechanism 


of the onset of channeling. 


Lack of precise knowledge of the nature of gas 
movement in the blast furnace has always been an 
impediment to better understanding of the blast- 
furnace process as a whole. The effects upon opera- 
_ tion of various types of charge distribution are very 
largely brought about by the modifications to gas 
flow which they occasion. Intelligent evaluation of 
these effects demands a better understanding of the 
factors influencing gas flow and the ways in which 
the flow pattern is altered by conditions existing in 
the stock column. The same knowledge is required 
before a fundamental approach can be made to the 
problem of establishing optimum lines for new 
furnaces. 

An experimental furnace is operated at the Bureau 
of Mines Central Experiment Station, Pittsburgh, Pa. 
Advantage was taken of experimental operation to 
conduct an investigation to develop and evaluate 
methods of study which could be applied later to 
industrial furnaces. The gas composition and tem- 
perature determinations were made as a prelimin- 
ary study so far as gas flow was concerned but 
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yielded significant information relating to other 
processes occurring within the furnace. The direct 
measurement of gas transit times by the mercury- 
vapor method constituted the major object of the 
investigation. Development of the mercury-vapor 
method was carried out while the data on gas com- 
position and temperature were being collected. 

A complete description of the principle and de- 
velopment of the mercury-vapor method is beyond 
the scope of this paper but is available elsewhere.’’” 
The results obtained and some consideration of the 
method’s effectiveness and its potential value in the 
study of industrial problems will be treated here. 


DESCRIPTION OF FURNACE 


The general lines of the experimental blast furnace 
are shown in Fig. 1. The hearth diameter was 3 ft at 
the beginning of the investigation, and this was later 
enlarged to 3 ft 9 in. and finally to 4 ft to increase 
capacity. Tuyere to stockline height is 21 ft 4 in. 
The bosh depth is 3 ft 4 in. over which it opens to a 
width of 5 ft, and this diameter is carried up for 2 ft 
in a cylindrical section. The inwall batter of 1/2 in. 
per ft. is considerably less than in larger installa- 
tions This may have influenced the movement of 
gaseous and solid materials. 

The furnace is inside a laboratory building and is 
charged from outside by a skip and hoist. Feeding 
into the first of three bell chambers, the stock is 
distributed by rotating the upper bell, the other two 
being used to obtain an effective gas seal. 

Three water-cooled tuyeres, with a nozzle dia- 
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Fig. 1—Schematic diagram of experimen- 
tal furnace showing locations and traverse 
directions of probe sampling stations. 
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meter of 1 3/4 in., are spaced at 120 deg intervals 
around the furnace. Air blast is provided by a blower 
and auxiliary compressors which can deliver up to 
1200 SCFM of air. This air is heated in one of two 
pebble stoves which, for greater flexibility in opera- 
tion, are heated by natural gas rather than by furnace 
top gas. 

With a wind rate of 1000 SCFM and suitable burden 
and coke ratios, the output of the furnace is of the 
order of 14 tons per day. Operation is normally on 
basis of a 4-hr casting cycle with a slag flush 1 hr 
before each cast. 

Test probes may be inserted through 3-in. gate 
valves attached to the shell at three levels in the 
furnace, designated Nos. 1, 2, and 3 sampling sta- 
tions as indicated in Fig. 1. Unfortunately, it was 
not possible to place these three stations all on the 
same furnace radius, because of space limitations. 
However, Nos. 1 and 2 stations are opposite each 


other so that probes drive along the same diameter. 
A complete traverse can be made at the No. 1 
station, but at No. 2 the available space only permits 
a probe long enough to reach the center of the fur- 
nace. A full traverse can be made at the No. 3 station, 
but this is set on a diameter displaced approximately 
45 deg from that of the Nos. 1 and 2 stations. 


METHODS USED IN OBTAINING DATA 


Water-cooled probes were used to extract gas 
from predetermined positions in all three phases of 
the investigation. The usual procedure was to drive 
the probe to its full penetration depth and to with- 
draw 4 to 8 in. at a time, taking samples or readings 
at each point. The results obtained in each position 
were used to plot either composition, temperature, 
or gas velocity as a function of distance across the 
furnace. Two traverses could be made in an 8-hr 
turn. 


4" i. d. shielding tubes 3" i. d. central tube , ,Two-hole, T. C. insulator 


Fig. 2-Arrangement of the velocity 
thermocouple head. The outer casing 


is a 1-in. ID pipe nipple. Inner pas- 


sages are of thin-walled stainless 


steel tubing. 
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GAS COMPOSITION, PERCENT BY VOLUME 
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DISTANCE FROM FURNACE SOUTH WALL, INCHES 
Fig. 3—Gas compositions across the furnace at the No. 1 
sampling station. 


Gas samples for analysis were collected in glass 
sample bottles and analyzed for CO and COz content 
on an Orsat apparatus. Traverses were made at the 
Nos. 1 and 2 stations under a wide variety of operat- 
ing conditions. The positive pressure of 1 to 1 1/2 
psig inside the furnace was enough to yield a copious 
flow of gas through the 1-in. ID central tube of the 
probe, a simple dust filter, and the sample bottle. 

To measure gas temperatures a high-velocity 
aspirating thermocouple was used in what is believed 
to be the first blast-furnace application of this ap- 
paratus. This was arranged by fitting a specially de- 
signed multiple-passage head on the inner end of the 
probe. The thermocouple junction was in the central 
tube of this head, about 3/4 in. from the end, with 
the leads extending back along the probe as shown in 
Fig. 2. On the outside end of the probe a T-piece 
enabled the thermocouple leads to be carried off by 
way of a rubber stopper to a potentiometer while the 
gas was aspirated at a high rate from the offtake leg 
of the T. A venturi-type aspirator, fed with com- 
pressed air from the shop lines, provided an ade- 
quate rate of aspiration. As in gas composition 
sampling, traverses were made at the Nos. 1 and 2 
stations. 

The mercury-vapor method?» ? for measuring gas 
transit times was developed in the course of this in- 
vestigation and is based upon the resonant absorp- 
tion, by mercury vapor, of the 2537A ultra-violet 
radiation produced by a low-pressure mercury-vapor 
lamp. Gas from the test probe is aspirated at high 
speed through a specially designed dust filter to a 
detecting cell containing the lamp and suitably sen- 
sitized phototubes. The output signal from the de- 
tecting cell is amplified and passed to a recording 
oscillograph, the pen of which deflects when the gas 
being aspirated contains mercury vapor. Measure- 
ments of gas transit times are made by injecting 
mercury through a tuyere and noting the time lapse 
between injection and the passage of vapor through 
the detecting cell. From 30 to 100 mg of mercury 
per shot were found to yield satisfactory traces. 
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Traverses with the mercury method were made at 
the Nos. 2 and 3 stations over a wide variety of 
furnace operating conditions. 


RESULTS 


The results of two traverses made to determine 
gas compositions at the No. 1 sampling station are 
shown in Fig. 3. They reveal an assymmetry of gas 
composition at the lower level. In each a maximum 
in the COz curve corresponds to a minimum in the 
CO curve and a maximum in the total of CO + COz. 
The variations of gas composition across the furnace 
at the No. 2 sampling station are plotted in Fig. 4. 
These curves represent a wide range of differing 
operating conditions, including type and sizing of ore, 
blowing rate, hot-blast temperature, and burden 
ratio. Despite the wide ranges in these variables a 
consistent and characteristic curve shape is main- 
tained. 

The bosh gas produced by the combustion of coke 
in air theoretically contains about 35 pct total CO + 
COz. In the furnace this total may be added to by 
‘solution loss’’ reactions or by the production of 
excess COz by the calcination of flux. The incre- 
ment becomes greater as the rate of gas flow de- 
creases relative to the rate of the solution loss or 
calcination reactions in any given location. A high 
total CO + COz content at a specific position indi- 
cates a rapid calcination region if the CO2/CO ratio 
is high, and a solution loss region if the CO2/CO 
ratio is low. A high CO2/CO ratio with a relatively 
low CO + COz content indicates a zone of active 
reduction of ore by CO. These considerations were 
applied in interpreting the data. 

Gas-temperature determinations made at the No. 1 
sampling station show large variations from run to 
run, aS shown by the plot of Fig. 5. At this low point 
in the furnace, conditions appear to fluctuate widely 
and frequently. Far greater consistency was shown 
at the No. 2 station where four traverses, made 
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Fig. 4—Gas compositions across the furnace at the No. 2 
sampling station. 
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Fig. 5—Gas temperatures across the furnace at the No. 1 
sampling station. 


under widely different operating conditions, showed 
the marked consistency in plot form and tempera- 
ture range illustrated in Fig. 6. As two of the runs 
plotted were made at both levels, it is apparent that 
the irregular behavior noted at the No. 1 station is 
no longer evident when the gas reaches the No. 2 
level, which suggests considerable intermixing of 
separate gas streams between the two levels. 

Temperatures on Figs. 6 and 9 show very steep 
gradients adjacent to the walls. These gradients 
have been examined in terms of the rate of heat 
transfer which would be required to maintain them 
and are considered in quite good agreement with 
the conduction losses through the walls. 

Because of the apparent consistency of form of the 
composition curves at the two levels it was felt that 
the data from representative samplings could be used 
to plot the CO and COz isopleths on a diagram of the 
furnace. Such a plot should be qualitatively repre- 
sentative of the furnace when working smoothly; used 
in conjunction with a temperature plot, it would en- 
able certain conclusions to be drawn concerning the 
nature of gas movement in the furnace. 

Both runs Nos. 13 and 15 were made at both sam- 
pling levels. Run No. 13 was chosen for the plot be- 
cause it had been made within 24 hr of a temperature 
traverse at the two levels, run No. 14. During these 
three runs the furnace was operating on a burden of 
taconite pellets at a wind rate of 800 SCFM. There 
had been no noticeable alteration in furnace behavior 
during this period. Plots of the CO and COz-content 
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isopleths and the gas-temperature isotherms are 
shown in Figs. 7, 8, and 9, respectively. Symmetry at 
the No. 2 station has been assumed for constructing 
the plots, and the readings at the two levels have 
been related by simple interpolation. The positions 
of maxima and minima on curves which underwent 
reflexions between sampling levels were established 
by selecting most probable locations on the basis of 
smooth gradients and assuming the nonexistence 

of pronounced local deviations unless these were in- 
dicated by the data. These assumptions all appear 
reasonable and the conclusions drawn from the plots 
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Fig. 7—A plot on the furnace section of the CO isopleths 
from the data of run No. 13. 
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Fig. 8—A plot on 
the furnace section 
of the CO, iso- 
pleths from the 
data of run No. 13. 


are not heavily dependent upon them. Their effect 
is to generalize the data and to present an overall 
picture of furnace behavior rather than an exact 
record of any set of instantaneous conditions. 
Consideration of Figs. 7 and 8 leads to the con- 
clusion that the maximum rate of gas flow is at or 
near the walls. The CO and COz isopleths are car- 
ried highest in this region and have their minima 
toward the center of the furnace, which would ap- 
pear to be a region of least flow. The simple pic- 
ture presented by the composition plot is, however, 
incompatible with the distribution of isotherms in 
Fig. 9. It could be satisfactory above the No. 2 
sampling station but runs into complications be- 


tween No. 1 and No. 2, where there is a region of in- 


verse temperature gradient near the center-line of 
the furnace. 
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Fig. 9—A plot on 
the furnace section 
of the gas temper- 
ature isotherms 
from the data of 
run No, 14. 
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High rates of gas flow near the walls, bringing 
large quantities of hot gas up from below, would 
cause calcination to proceed relatively high in the 
furnace. Near the center, where the flow of gas is 
less copious, the flux would descend further before 
calcining. This would partly account for the shape of 
the COz isopleths and would explain the existence of 
low-temperature isotherms toward the center of the 
furnace at the No. 1 station, but it would not account 
for the inverse temperature gradient. The closed 
loops of the low-temperature isotherms above the 
No. 1 station and the steep COz gradients in the 
same locality indicate that calcination is proceeding 
rapidly in this region and that a cross flow of hot gas 
above the No. 1 station is responsible for the in- 
creased temperatures encountered at higher levels. 
Some of this gas may come from angularly directed 
streams from the three combustion zones. Evidence 
for the existence of such a stream appears in the 
inflection of temperature isotherms to the right side 
of center at the No. 1 station level in Fig. 9. Lateral 
streaming may also occur at higher points to account 
for the full observed effect. Temperatures as low as 
1100°F in the calcination region are compatible with 
the presence of a proportion of dolomite in the flux. 
Straight limestone flux would require higher tem- 
peratures for rapid calcination. 
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That COz2 isopleths are carried lower along two 
directions, forming an inyerted V with its apex about 
2 ft above the No. 1 sampling station, indicates that 
some limestone is still being calcined along paths 
forming the two legs of this V. This is probably due 
to the movement of stock into the melting zones of 
two tuyeres. A third path probably exists in a plane 
normal to the paper, feeding the fusion zone of the 
third tuyere. The observation supports the conven- 
tional idea of a ‘‘dead man’’ in the center of: the 
furnace. Some of the gas moving upward may be di- 
rected by the sloping side of the ‘‘dead man’’ and 
thus cannot form the central stream from the bottom 
of the stock but must find its way to the center 
mostly above the level of the No. 1 sampling station. 

The existence of a ‘‘stagnant’’ zone near the 
center of the furnace at the No. 1 station level is 
strongly indicated. The low temperatures recorded 
in the calcination zone are compatible with an ab- 
sence of hot gas sweeping in from below. Such a 
flow would offset the cooling effect of endothermic 
calcination. In the absence of central flow the cool- 
ing effect is maximal. 

Further verification of the joining of wall streams 
to form a central stream can be inferred by super- 
imposing Figs. 4 and 5 and calculating the CO + COz 
total for each location. It will be found that the total 
C content of the gas at the center-line falls with in- 
creasing height above the No. 2 station, indicating 
dilution of the C-rich gas from the stagnant zone of 
calcination by the leaner tuyere streams. 

Under normal operating conditions there is ap- 
parently considerable turbulence at the No. 1 station 
level. Most of the gas flow appears to be along the 
walls, with branching streams heading toward the 
center of the furnace above a relatively stagnant 
central region in which calcination takes place. At 


this level, gas composition and temperature fluctuate 


widely with variations in the flow pattern. 
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Fig. 10—Run No. 21. Gas velocities at the No. 3 sampling 
station when the furnace was operating smoothly on +3/8- 
in. sinter. 
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Higher in the furnace the mixing of individual 
streams contributes to a closer approach to sym- 
metry in the distribution of compositions and tem- 
peratures about the center-line. The wall stream 
carries a smaller proportion of the total flow and, 
at the level of the No. 2 sampling station, there is 
a considerable flow at the center of the furnace. 
This would appear to be made up of gas originating 
from all three tuyeres. 

This qualitative picture is supported, and given 
quantitative significance, by the direct measure- 
ments of flow rate made by the mercury-vapor 
method. This method also provides more specific 
information relating to local and immediate con- 
ditions than is obtainable from the type of study 
discussed up to this point, and may be applied to 
the study of such flow abnormalities as channeling. 

The distribution of gas velocities obtained from 
a traverse at the No. 3 sampling station when the 
furnace was operating smoothly on a burden of 
+ 3/8 in. screened sinter is shown in Fig. 10. The 
relative deflections produced on the oscillograph 
trace make it apparent that much more of the mer- 
cury from the tuyere being used for injection was 
passing up the wall than was entering the central 
stream. Apparently the central stream was made up 
of gas originating from all, or at least two, of the 
tuyeres, while the wall stream was essentially com- 
posed of gas derived from the nearest tuyere. 

The development of a channeling condition was 
followed in three subsequent runs. Normal practice 
on the furnace had been to place ore on the bell first 
and follow it with coke. During a period when the 
furnace was working smoothly this practice was re- 
versed. Fig. 11 shows the effect upon flow distribu- 
tion. Heavy streaming occurred up the center of the 
furnace with only a small flow at the walls at the 
No. 2 station. Between these two regions no flow at 
all was recorded. This phenomenon of a totally 
stagnant region had not been observed previously. 
Operating conditions on the furnace were consistent 
with channeling, a top gas temperature of 520° F 
being recorded instead of a desirable 350°F. 

An interesting feature of this run is the evidence 
it presents for pronounced lateral flow of gas and 
broadening of the central stream between levels. At 
the No. 3 station, readings at the wall and mid-radius 
showed considerably higher gas velocities than were 
recorded in these positions at the No. 2 station. Un- 
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fortunately an electrical failure prevented a reading 
at the center-line so that it is not known whether the 
flow had simply spread out or whether the channel 
had veered toward the wall. In either event there had 
been a marked lateral movement of a considerable 
volume of gas. 

The next run, Fig. 12, provided evidence thata | 
channeling condition, once established, tends to per- 
sist in spite of burden changes. Before this run the 
original charging practice was reverted to, but the 
channeling persisted. In this instance the central 
channel is wider and the velocities are lower, the 
main stream having, apparently, a wider path through 
which to flow. Suprisingly there is little or no flow at 


the wall, the stagnant zone having moved in this direc- 


tion. It is worthy of note that the probe met consider- 
able resistance from the burden near the wall when 
being introduced. Top gas temperature was very high 
at 600°F. 

The channeling observed in the last two runs 
finally led the furnace into a condition of severe 
hanging. A run made just before shutdown is illus- 
trated in Fig. 13. The main stream had moved away 
from the center toward the south wall, revealing a 
low flow-rate path near the center. A general move- 
ment of the position of the main stream from north to 
south is made apparent by Figs. 11 to 13. These runs 
covered about 5 weeks. 

A further investigation of an extreme case of chan- 
neling was carried out by taking readings with mer- 
cury injected alternately from opposite sides of the 
furnace. Fig. 14 is drawn from data obtained before 
the channel had fully developed. The plot made with 
mercury being injected at the south side shows maxi- 
mum passage of gas near the mid-radius, with con- 
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siderable flow at the wall and none at the center. 
Injection from the north side revealed that gas from 
the tuyere there was feeding the center and reaching 
the south wall. The condition at this stage is not con- 
sidered to be extreme channeling but rather annular 
flow. The top gas temperature was normal at 380°F 
and the furnace was working smoothly. 

Fig.15, from a run made two days later, shows a 
greatly altered situation. The path of main flow was 
in essentially the same position at the mid-radius but 
had been severely constricted. The top gas tempera- 
ture had increased to 610°F and tuyere pressures had 
also risen. Mercury fired from the north side took 
longer to reach the sampling level at the wall and 
center-line than it did on the previous run, but ar- 
rived there earlier at the mid-radius. Blast penetra- 
tion was not so good as previously and some of the 
blast from the No. 1 tuyere, on the north side, was 
being picked up and accelerated in the No. 3 tuyere 


MEAN GAS VELOCITY, FEET PER SECOND 


aL \  cury injected at 
\ south side. 
\ 
\ 
0 5 10 15 20 25 


DISTANCE FROM SOUTH WALL, INCHES 


102=VOLUME 215, FEBRUARY 1959 


14 T T T 
Mercury injected 
/ \ Y at south side 
\ 
| 
| 
| 
10 ! 
! 
! 
| \ 4 
n | 
| | 
| \ 
| 
! \ 
ra) 1 
\ 
Fig. 15—Run No. @ { 
33. Behavior of H \ 
gas from two dif- & | \ Centerline 
ferent tuyeres un- * \ 
der conditions of i 
severe channeling. 
jected at north / o70 x \ 
side. A~ Mer- 2 NY 
cury injected at ae Mercury injected NN 
| 
5 10 15 20,25 


DISTANCE FROM SOUTH WALL, INCHES 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


/ \ 
/ \ 
/ \ 
/ \ 
/ \ 
\ 
\ 


stream at the mid-radius. The oscillograph traces 
indicated that the mid-radius stream was composed 
essentially of blast from the No. 3 tuyere. 

The gas velocities calculated from the time taken 
by gas to travel from the tuyere to a selected sam- 
pling location are actually mean resolved vertical 
components of the various directional velocities of 
the gas at various points between the two levels. If 
an average is taken of all the mean velocities ob- 
tained during a complete traverse of the furnace, a 
mean retention time may be calculated for the gas. 
The average should be weighted in terms of the 
square of the distance of the sampling point from the 
center-line of the furnace so that areal relationships 
will be preserved and the mass-flow ratios at various 
radii will be taken into account. This was done for 
several of the runs. Velocity contours were plotted 
on a special paper for which the integer Y spacing 
of the abscissae increased as 77° from the center- 
line of the furnace, 7 being distance from the center- 
line. The average velocity was then obtained by 
graphical integration of the plot. 

Values obtained for the mean retention time varied 
from 7 to 14 sec, depending upon the blowing rate and 
the nature of the burden being charged. High operat- 
ing temperatures, by increasing the volume of gas 
inside the stack, led to high gas velocities. Retention 
times in an industrial installation have been reported 
by Voice? to vary from 3 sec at the wall to 8 sec at 
the center-line. The results of Kinney’s* pitot tube 
determinations of gas velocity would suggest reten- 
tion-times of about 1/10 this magnitude. 


CONCLUSIONS 


The flow of gas in a blast furnace may be studied 
effectively by determining gas compositions, tem- 
peratures, and transit times at a series of positions 
at different levels inside the furnace. 

The use of metallic mercury as a tracer and its 
detection by the resonant absorption of 2537A ultra- 
violet radiation constitutes a practical method for 
the direct determination of flow rates. 

There is not a uniform distribution of gas flow in 
the experimental furnace, even under the best oper- 
ating conditions. Normally, gas travels fastest at 
the center and walls of the furnace and slowest at 
the mid-radius. This pattern may be altered by 
changes in the burdening practice or operating con- 
ditions. Certain conditions will eliminate the wall 
stream entirely, usually followed by severe channel- 
ing. 

Rohuatty the wall stream above each tuyere is 
composed mostly of gas originating at that tuyere. 
The central stream contains gas from all three 
tuyeres. There is considerable cross-flow of gas. 
Irregularities of flow at lower levels tend to be 
lessened by mixing higher in the furnace, except in 
the event of severe channeling. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


The mean retention time of gas under normal 
operating conditions was observed to vary between 
7 and 14 sec. It is affected by blowing rate and the 
heterogeneity of flow pattern developed in the stock 
column by packing and movement of the charges. 
The operating temperature also influences reten- 
tion time. 

There is no technical reason why a comprehen- 
sive study of a commercial blast furnace should not 
be made with the mercury-vapor method. The sur- 
vey should cover as wide a variety of operating 
conditions as possible. Benefits of such a program 
could include better understanding of the blast- 
furnace process, smoother operation, more rapid 
recovery from periods of trouble, increased output, 
evaluation of raw materials, comparison of charg- 
ing cycles, and improved design. 

For a study of an industrial installation it would 
be desirable to have at least three sampling levels 
available, with the topmost at the normal operating 
stockline, the lowest at the lowest practicable level 
in the stack, and the third mid-way between the 
other two. It is desirable for sampling probes to 
reach the full distance across the furnace at all 
levels. A more detailed study of asymmetrical flow 
patterns and channeling would be possible if entry 
could be made from two angles of attack at each 
level, such as along two diameters at 90 deg to each 
other. 

In using the present apparatus on an industrial 
furnace no alterations would be necessary to the 
electrical equipment. 
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A Mercury-Vapor Method for the Study of Gas 


Movement in the Blast Furnace 


A simple and inexpensive mercury-tracer method has been WwW. Hoskin 
developed to study rates and patterns of gas flow in blast furnaces. H. g 
A pulse of mercury is injected into the hot blast, and its arrival Winx Philbrack 


at the sampling point is recorded by an electronic circuit that 
measures resonant absorption of ultraviolet light by mercury 
vapor in the gas aspirated through the detecting cell. N. B. Melcher 


A rapidly developing interest in blast-furnace tech- SELECTION OF METHOD 


nology in recent years has created a strong demand 
for precise knowledge of the rates and patterns of 
gas movement through the stock column. Classical 
fluid-flow theory cannot supply the desired informa- 
tion because the complexity of the blast-furnace 
situation precludes the accurate determination of 
many of the parameters required for solution of the 
equations. In fact some of the terms employed in 
fluid-flow treatments become almost meaningless 
under blast-furnace conditions. The void fraction of 
the stock column, for example, varies widely from 
place to place and is affected by the segregation of 
charge materials, attrition of lumps during descent, 
and channeling. Gas density varies with changes in 
local pressure, temperature, and composition, while 
viscosity varies with temperature and composition. 
Even if mean values for these functions were ac- 
ceptable, they would be either impossible or ex- 
tremely difficult to determine with a high degree of 
accuracy since the value of the mean for all gas 
properties would depend upon the flow distribution 
itself. 

Attempts to study gas movement by the pitot-tube 
determination of kinetic pressures have met with 
little acceptance. Reproducibility of results is ex- 
tremely difficult to achieve in a situation where 
alignment of the tube orifice with respect to the 
flow direction in tortuous channels cannot be guar- 
anteed. 

Because of these difficulties it would appear that 
progress can be achieved only with a direct method 
of measuring gas velocities and determining the 
shape of flow paths through the stock. The estab- 
lishment of such a method is described in this 
paper. 
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Direct measurement suggests the use of a tracer 
by means of which the progress of a ‘‘parcel’’ of gas 
can be followed through the furnace. Several re- 
quirements must be met before any selected material 
can be considered a suitable tracer. First of all, it 
must be a substance not normally present in blast- 
furnace gas or dust; otherwise its presence in a gas 
sample will have little significance. It should be 
volatile at temperatures normally existing within 
the furnace, to ensure that it will travel with the gas, 
as a gas. It should possess special properties 
enabling its presence in the gas to be detected read- 
ily, and it should not undergo exchange reactions with 
any material normally present within the furnace, in- 
cluding refractories and coke as well as all compo- 
nents of the metal and slag. 

Radioactive materials naturally are considered be- 
cause their radioactivity renders them susceptible to 
detection. However, of the many radioactive ma- 
terials available, almost all are eliminated from 
final consideration by their unsuitability in terms of 
other properties. Radioactive silicon, carbon, cal- 
cium, phosphorus, and many others have been con- 
sidered and discarded, either because they are not 
volatile over the whole range of significant tempera- 
tures, or because they could be expected to undergo 
exchange reactions with burden or refractory ma- 
terials. Others which might be suitable in terms of 
these properties are eliminated because of a low ac- 
tivity, short half life, or the necessity for fragile 
counting apparatus. 

Of the many elements available in radioactive 
form, perhaps radon is the only one suitable for 
blast-furnace gas-flow studies. This has been used 
in several investigations’ ~* with considerable suc- 
cess. 

The use of radiotracers has certain inherent dis- 
advantages. One is the cost. An appreciable sum 
must be allowed for materials each time a test is 
made. Also, special methods of handling must be 
employed, and very often the progress of an investi- 
gation must be governed by the availability of 
isotopes and the delivery arrangements that can be 
made for them. An advantage is immediately gained 
if the tracer material can be a substance which can 
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be stored without special precautions and which will 
not deteriorate on long storage. 

Elemental mercury does not undergo exchange re- 
actions with any materials normally present in the 
blast furnace since most of its compounds are un- 
stable at top gas temperatures and above. Also it is 
volatile enough. The vapor pressure of mercury is 
0.0012 mm Hg at 20°C, which is sufficient to render 
it susceptible to detection by the method adopted even 
at atmospheric temperatures. Its normal boiling 
point is 356.90°C, which ensures that any mercury 
injected into the hot blast will be vaporized and will 
remain so until it leaves the furnace via the down- 
comer. Mercury, in appreciable quantities, is not 
present in any form in any of the materials used in 
normal blast-furnace operation or construction. 

A convenient means of introducing mercury to the 
furnace gases may be developed by injecting it into 
the hot-blast main, or through a tuyere, by the use of 
an explosive charge. The small quantity required 
will be vaporized almost instantaneously and will 
travel with the gas into which it was injected, to be 
detected at some predetermined point by sampling 
that gas. 

The mercury vapor in gas drawn from the furnace 
may be detected by applying a principle utilized by 
the General Electric Co. in an apparatus used for 
determining the concentration of mercury in labora- 
tory or factory atmospheres. Because mercury met 
so many of the requirements of a tracer suitable for 
studying gas movement, it was decided to attempt the 
development of a method and apparatus based on its 
use. 


THEORY OF THE METHOD 


The method employed for detecting and timing the 
arrival of mercury vapor in the test probe is based 
upon the phenomenon of resonant absorption of a 
characteristic spectral line of mercury.” Mercury 
vapor, excited to the 6°Pi state, emits a radiation of 
2537A wavelength on reverting to the 6’So state. The 
low-pressure mercury-vapor lamp is a very efficient 
source of this line and may be used, with suitable 
filters, to produce an essentially monochromatic 
2537A radiation. If this light is passed through 
mercury vapor the mercury atoms, being in the 
6*So state, absorb the 2537A radiation and become 
excited to the 6°P: state. The result is a diminution 
in the strength of illumination proportional to the 
number of mercury atoms present, that is, to the 
concentration of mercury vapor in a cell of given 
path length. 

Resonant absorption may be demonstrated by a 
very simple experiment. If light from a low-pres-— 
sure mercury-vapor lamp falls on a suitably coated 
fluorescent screen, a shadow will be observed if 
mercury vapor intrudes between lamp and screen. 
The vapor pressure of mercury at atmospheric tem- 
peratures is high enough for the shadow of clouds 
of vapor to be perceived flowing from a dish of mer- 
cury placed in the light path. If a suitably sensitized 
phototube is used in place of the fluorescent screen, 
its output may be amplified and fed to a recording 
oscillograph to make a permanent record of the time 
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Fig. 1—Spectral distribution of the radiation from the 
G4T4/1 germicidal mercury vapor lamp. 


and strength of intrusions of mercury vapor in the 

atmosphere between lamp and phototube. This, es- 
sentially, is the principle of operation of the photo- 
electric, mercury-vapor detecting method for tim- 
ing the flow of gas in the blast furnace. 

The light source for the 2537A illumination is a 
General Electric G4T4/1, 4 w, germicidal mercury- 
vapor lamp. An emission curve for this lamp is 
shown in Fig. 1. While it emits 78 pct of its energy 
at the 2537A line, its output contains small amounts 
of energy at a number of other wavelengths, some of 
which are in the visible region of the spectrum. 

At the opposite end of the detection chamber from 
the lamp is a type 935 vacuum phototube with an S5 
response. The spectral sensitivity of a phototube 
having S5 response is shown in Fig. 2, from which it 
may be seen that, while the range of maximum sen- 
sitivity lies at 3400 + 500A, its sensitivity to 2537A 
illumination is 75 pct of the maximum. 

Maximum sensitivity to the presence of mercury 


Fig. 2—Spectral 
sensitivity of a 
phototube having 
S5 response. 
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Fig. 3—Block diagram of the components 
of the mercury-vapor apparatus. 
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vapor can be obtained by arranging the cells to 
operate on an essentially monochromatic 2537A 
radiation. This is done by using two phototubes in 
each cell. One phototube is enclosed by a cylinder of 
Pyrex glass which acts as a low-pass filter, cutting 
off most of the ultraviolet light from the tube it sur- 
rounds. Thus one tube receives the full spectrum of 
radiation from the lamp, while the other receives 
only the visible light. The two tubes are so con- 
nected in a bridge circuit that the output of the fil- 
tered tube cancels the corresponding visible spec- 
trum portion of the output from the unfiltered tube, 
making the net response from the bridge circuit 
equivalent to ultraviolet energy alone. Besides pro- 
viding essentially monochromatic sensitivity, this 
arrangement has the advantage of balancing out 
variations in the output level of the lamp. As the tube 
with the filter receives less of the total radiation 
than the other, it is placed closer to the lamp so that 
the two receive comparable light flux. 

Most glasses absorb short wavelength ultraviolet 
radiation very strongly. For this reason both mer- 
cury-vapor lamp and phototubes must be contained in 
very thin envelopes of special glass and be positioned 
in the gas passage itself. 


DESCRIPTION OF THE APPARATUS 


In constructing the apparatus for use on the fur- 
nace, two detecting cells were provided whose outputs 
were fed to balanced amplifiers before being passed 
to an adding amplifier and oscillograph as in the 
block diagram of Fig. 3. This was done so that direct 
readings of the transit time of gas between two points 
inside the furnace could be made in a single deter- 
mination. The complete equipment consists of the 
two detecting cells; a main console housing the con- 
trol, power supply, and amplifying circuits; a Brush, 


106=-VOLUME 215, FEBRUARY 1959 


Gain 
control 


Penmotor 
amplifier 


| 
| 
| 
| 
| 
| 

| 
| 
| 
| 


Output to penmotor 


Model BL201 Penmotor oscillograph, and a Sola, 
constant-voltage transformer. 

Only the detecting cells themselves need be taken 
on to the furnace. All controls are on the control 
panel of the main console and any operations neces- 
sary on the cells are carried out from this point by 
remote control through multiconductor cables. 

The ultraviolet lamps are sensitive to tempera- 
ture and should be kept within 20°F above or below 
an optimum operating temperature of 80°F. The 
phototubes should not be heated above 150°F or 
damage may result from evaporation of the sensi- 
tive coating on the tube elements. As the gases 
aspirated from the furnace are usually quite hot, 
even after traveling through a water-cooled probe, 
the gas passage in each cell is made in the form of 
a water-cooled jacket surrounding the lamp and 
phototubes. Fig. 4 shows the physical arrangement 
of components in the cells. The lamp and photo- 
tubes are mounted on a chassis in gas-tight sockets. 
The water jacket is placed around them and bedded 


1 6 


1 0 1 2 


Scale, inches 


Fig. 4—Physical arrangement of components in the detect- 
ing cells. 1) Mercury-vapor lamp. 2) Position of filter 
during calibration. 3) Filtered phototube. 4) Unfiltered 
phototube. 5) Inner wall of water jacket. 6) Outer wall of 
water jacket. 7) Base, forming floor of gas passage and 
chassis for circuitry. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


\ 
| | 


Power transformer 
Thordarson T-26 R30U 


© 5¥.at3 amp. 
fe 5 v. at 6 amp. 


450 v. 


SR4GY 


4 amp. Slo-Blo 
4 amp. Slo-Blo ; 


115 v. AC from 
Sola transformer 115 v. AC 
(500 V. A.) felay 


6 W., 115 v. 
pilot lamp 


SR4GY 


450 


iS 5 v. at 3 amp. 


of chassis 


x 
1 
Socket on rear | | | HY, 85 ma, 85 ma, 250.0 


POWER SUPPLY AND CONTROL CIRCUITS 


ay Two UTC-S29 in series 


20 HY, 175 ma, 190.0 


*18* -405 v. 


1,250.0, 25 w. 
5k, 2w 2° 


—399 


~—~10 pd. —~ 
600v. 


**16* -398 


10k. lw 


**14* -330 


19%) 2635 


2,500, 10 w. 
AN 


255 


6 ‘amp. 


600 v. 


Cannon 
connectors] 


115 v. AC 


Va Stancor C-1709 
V3, V4 


ro pita. 


; i 7,200.4, 
| \ 2w. 
| 

| 


8550, 


10k, 


2* +350 v., OC 


* +255 { 


5139.5) 
* 4* +150 


-108 
10k., 
OA2 10 w. adj. 
ee ge _75 


14° * 
OA3 400n,4w. fig! 


a ** 1 through 16 are connections to amplifier. 
* 1 through 19 are jacks on rear of main chassis. 


-143 


w. 


5* +145 


G 4T4/1 ultraviolet lamp 


ULTRAVIOLET LAMP CIRCUIT 


Adjust for 


| Ballast tube 
4 


x 


115 v. AC 


yl Ballast 


Yellow 


Amperite vetrio! 


(Normal position) 


Relay operated. To start ultraviolet lamp press start button S, this closes S2 and transfers S), 
hold for 1 second then release (this opens S2 and transfers S} as shown above). 


Fig. 5—Schematic diagram of power supply and control circuits. 


on to a foam-rubber gasket, against which it is 
firmly pressed by adjustable brackets mounted on 
the side walls.. It is also sealed to the end plates by 
rubber gaskets. 

A Pyrex glass filter is provided for calibrating 
the cell. This is mounted inside the gas chamber, 
on a Shaft whose rotation is controlled by a solenoid 
in one direction and a return spring in the other. 

By depressing a button on the main control panel the 
solenoid may be activated to interpose this filter 
between the lamp and phototubes and remove all 
2537A radiation. The ‘‘full extinction’’ deflection for 
the cell may then be set by rotating a calibrating 
control on the main panel. 

Mounted below each cell chassis is a synchro 
unit which, through a mating unit in the main con- 
sole, is used to turn the shaft of a balancing po- 
tentiometer in the cell circuit. The cells are bal- 
anced by zeroing the phototube outputs on a pair of 
microammeters on the main panel. 

The output signal for the phototube bridge circuit 
is fed to balanced cathode followers, the purpose of 
which is to provide a low output impedance suitable 
for use with a long cable. Also in the cell circuitry 
is a starting circuit for the mercury-vapor lamp and 
a small dc power supply which provides the voltage 
necessary to operate the lamp. A D6TF10 ballast 
tube is included to regulate the lamp current. Like 
the balancing and calibrating controls, the starting 
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control for the mercury-vapor lamp is mounted on 
the main console. 

As shown in Fig. 3, the main console contains the 
power supply and control circuits, and several stages 
of amplification and adding amplifiers. Starting at 
the cable termination from a detection cell, the 
signal is fed to a balanced amplifier, at the output of 
which is the meter used in calibration and balancing. 
It is then fed to a balanced adding amplifier which 
combines the outputs of the two cells. One output 
phase from the balanced adding amplifier is fed to 
a phase inverter; the output of the phase inverter 
and the other output phase from the balanced adding 
amplifier are fed to another adding amplifier. The 
output of this stage is fed through the gain control 
to the penmotor amplifier, whose output is the out- 
put of the control console. A cable is used to con- 
nect this output to the ‘‘Penmotor’’ oscillograph. 

The Brush BL-201 ‘‘Penmotor’”’ is an ink-writing 
instrument which records on traveling chart paper. 
The chart has three speeds and can be set to run at 
either 5, 25, or 125 mm per sec. Capable of fol- 
lowing signal frequencies up to 120 cps, the instru- 
ment has ample sensitivity and response for the 
purpose. A slight, 60 cps, ripple which appears in 
the signal at high amplifications constitutes an ex- 
cellent means of checking the chart speed. 

The power supply and control circuits are illus- 
trated in Fig. 5, while Fig. 6 represents the ampli- 
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Fig. 6—Schematic diagram of amplifier circuits. 


fier section. All circuitry to the left of the broken 
vertical line of the amplifier diagram is in the 

cells themselves and not in the main console, as are 
the portions enclosed by broken lines in the power 
supply circuit. Linkage between the cells and the 
console is made through multi-conductor, rubber- 
sheathed cables and Amphenol cable connectors. 
The cable carrying the signal is shielded. A 50-ft 
length of cable enables the cells to be suitably 
located on the furnace while the console is set up at 


a convenient location at floor level. 


USE OF THE METHOD IN FURNACE TRIALS 


The apparatus and method were tested on an ex- 
perimental blast furnace at the Pittsburgh, Pa., sta- 
tion of the Bureau of Mines, United States Depart- 
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Fig. 7—Schematic 
diagram of the 
firing and timing 
circuit. 


ment of the Interior.® Valves were fitted to the shell 
so that sampling probes could be introduced at three 
levels between the mantle and stockline. Injections of 
mercury were made through valves installed on the 
bustle pipe in positions selected so that the vapor 
could be made to enter the furnace through a single 
tuyere. 

Mercury was prepared in the form of an amalgam 
on fine copper turnings. This provided a high ratio of 
surface to mass and ensured rapid vaporization. It 
had the further advantage of putting the mercury into 
a convenient form to handle. The amount of mercury 
required for a reading varied with the sampling posi- 
tion and the operating characteristics of the furnace 
but was usually between 30 and 100 mg. 

For each reading a measured amount of the amal- 
gamised turnings was placed in a suitably designed 
injection cartridge with a propellant in the form of an 
electrically ignited, black-powder squib. Explosion 
of the squib produced about 2 liters of gas, enough to 
scour the entire unit and drive the charge into the 
blast. Although the type of electric squib used will 
fire from 1.5-v dry cells, a 22-v battery was em- 
ployed to ensure virtually instantaneous ignition. 

Two methods of recording gas transit times are 
available. Probes may be set up at two selected 
levels in the furnace and their separate deflections 
will record the start and finish of the transit of gas 
between them. However, it is often desirable to have 
a separate indication of the time of injection of mer- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


935 ZA. 935 
4 \ Vip 
6SN7 
1— V ON GK LG 
0.12 meg. > ! 
850.0 
3 
240 k knob | 430.0 
850.0 ()100 pa 5814A 
600 v. 5814A (5) 
2' V3 
8 
pid pid utd | ptid., Vv 
Probe A v. 600 
| V. 
25k, y 
0.01 | 0.001 Amplifier 
600v. 600 v. 600 v.== vq, 58144 (3) 
2f___ \{! | 6snz 
850.0 \ 0.12 meg 
i) 
= 850.1 
935 235 
i 
i} 
cre (3) 
Vag 47 
| 
193 k 
$2 
Gp position 
6V6 GT 5] control 2| 6SN7 
6SN7 1 meg 
£ 70.001 td 
G 680 k 0.006 3 
= pfd. 12k 
it 
= 25k 12k 
n| 47k L. 
16* 
0.25 5 pid 
=z 
a © 
A 
6v. 
S2 


Furnace shell 


3” gate valve 


Fig. 8—Arrangement of components for 
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cury into the furnace. This is obtained by the use of 
the firing circuit shown in Fig. 7. 

Lamp A is mounted just in front of the phototube 
in one of the cells. When Si is closed A lights and 
the change in phototube output causes a deflection of 
the oscillograph pen. Lamp B indicates the closure 
of Si and is mounted beside the button of Si. When 
the button of Sz is depressed the 6-v circuit is opened 
and the 22-v circuit closed. Lamps A and B are im- 
mediately extinguished, the injection squib fires and 
the oscillograph pen returns to the zero position. 
Return of the pen marks the time of injection on the 
oscillograph trace. The 6-v lamp shunted across the 
detonator leads lights only if the detonator fires and 
thus indicates a successful injection. 

During a run the sampling probe was usually 
driven completely across the furnace and tests were 
made at intervals of a few inches during its with- 
drawal. Tests could be made at 2 or 3-min inter- 
vals, enabling a complete traverse of the furnace to 
be completed within a short time. The transit times 
obtained during a traverse were used to calculate 
mean gas velocities and to establish the rates and 
patterns of gas flow in the furnace. 

Dust in the furnace gas proved to be one of the 
greatest obstacles, A constant, small amount of dust 
or fume in the gas would not impose any serious 
problem since, once calibrated, the cell would still 
indicate the passage of mercury vapor in a satis- 
factory manner, regardless of the background signal 
due to the dust. This latter would be ‘‘zeroed out’’ 
in calibration. The dust in blast-furnace gas, how- 
ever, fluctuates widely in amount from one moment 
to another and is present in such quantity that it 
would deposit on the phototube envelopes, eventually 
preventing light from reaching the sensitized sur- 
faces. 

To prevent fluctuation of the phototube output, as 
well as its eventual occultation, a highly efficient 
filter had to be placed between the sampling probe 
and the detection cell. In addition to its efficiency 
this filter had to possess the somewhat contradic- 
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tory property of not interfering with the flow of gas 
to an extent which would increase the ‘‘in probe’’ 
delay time of the gas sample. After several de- 
signs had been tested, a filter was finally employed 
which served both purposes adequately. This unit 
was in the form of a disc to incorporate maximum 
filtering surface with minimum internal free 
volume. The design was such that the filtering sur- 
face could be replaced with a new unit within a few 
seconds. By changing the surface after each test, 
delays due to clogging were avoided. With this 
filter in train, the time taken for gas to travel from 
the sampling point to the detection cell could be kept 
below 0.2 sec. 

The arrangement of components for making mer- 
cury-vapor tests is shown in Fig. 8. The cable from 
the detection cell leads down to the main console at 
floor level. 

Besides actual transit times for the various sam- 
pling positions, useful information was obtained from 
the shape of the oscillograph trace. Both the rate at 
which the pen deflected and the total deflection were 
significant. Since all traces made during a run were 
determined with a constant mercury charge and con- 
stant calibration and attenuation settings for the ap- 
paratus, variations in the amplitude and rate of rise 
of the traces from test to test represent character- 
istics of the flow. 

Two representative types of trace are shown in 
Figs. 9 and 10. The full-scale deflection of Fig. 9 
indicates that a large proportion of the mercury in- 
jected at the tuyere reached the sampling point, 
which thus may be inferred to lie on a major flow 
stream from that tuyere. The rapidity of rise sug- 
gests that the flow was by a fairly open path and, 
together with the large deflection, that there was 
little mixing with streams of gas from other tuyeres. 
In Fig. 10, a slow rate of rise suggests that the 
mercury ‘‘pulse’’ had become attenuated in the 
furnace, either by following a devious path or by 
heavy admixture of gas from another tuyere. To- 
gether with the small deflection, it indicates that 
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Fig. 9—Oscillograph trace showing large deflection and 
rapid rise obtained when sampling point is in the main gas 
stream from the injection tuyere. 


the sampling point was not on a main stream from 
the injection tuyere. These two traces were made 
within a few minutes of each other at the No. 2 
sampling station. Fig. 9 was obtained froin a point 
near the wall of the furnace while Fig. 10 repre- 
sents conditions 8 in. out from the center line. 


CONCLUSIONS 


Tests with the apparatus were carried out over a 
period of more than 12 months and a wide range of 
burdens and operating conditions was studied. The 
results have been presented in detail elsewhere. ””* 
The mercury-vapor method proved a successful and 
practical means of studying gas movement in the 
blast furnace. Not only was it possible to determine 
mean velocities and retention times but also to es- 
tablish the paths taken by the gas in traveling through 
the stock column. 

The apparatus and method described in this paper 
could be used, without modification, to conduct gas- 
flow studies on an industrial blast furnace. In ad- 
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Fig. 10—Oscillograph trace showing small deflection and 
slow rise obtained when sampling point not in a main 
stream from the injection tuyere. 


dition to an investigation of fundamental factors af- 
fecting design, the collection of data relating to oper- 
ating variables could be successfully undertaken. 
Subjects for investigation could include comparison 
of raw materials, charging cycles, and the mechan- 
ism of hanging and scab formation. Flow studies on 
individual furnaces might well lead to more rapid 
recovery from periods of trouble and increased 
production generally. 
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The Effect of High-Temperature Strain on Crack 


Formation and Ductility in Commercially Pure Nickel 


The effect of a prior high-temperature creep strain on the 
low-temperature ductility of commercially pure nickel has been 
evaluated. The low-temperature (—196°C) ductility decreases 
linearly with an increase in prior high-temperature (920°C) 
creep strain. The effect is experimentally correlated to the 
formation of intercrystalline cracks and voids during the prior 


high-temperature creep strain. The magnitude of the effect is 
also believed to be a function of the notch sensitivity of the 


material, 


SEVERAL mechanisms have been presented to 
explain the process of intercrystalline cracking in 
metals undergoing high-temperature creep. Zener’ 
has suggested that grain boundary relaxation of 
shear stresses could build up high stresses at ob- 


D. KRAMER is associated with Atomics International, Canoga Park, 
Calif. E. S. MACHLIN, Member AIME, is Professor of Metallurgy, 
Columbia University, N. Y. 

Manuscript submitted April 22, 1958. IMD.- 


110-VOLUME 215, FEBRUARY 1959 


D. Kramer 


stacles to grain boundary shear and thereby nucleate 
a crack. Chang and Grant? have experimentally 
demonstrated that cracks do form at obstacles to 
grain boundary shear such as lines where three 
grains meet. 

The role of vacancies in the mechanism of high- 


temperature intercrystalline cracking has been ex- 


plored by Machlin® with the conclusion that the nu- 
cleation of voids by vacancy condensation is almost 
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impossible. However, it was deemed probable that 
existing void nuclei could grow into visible voids by 
the condensation of vacancies. 

_ Recent work by Chen and Machlin* revealed that 
jogs along grain boundaries acting as obstacles to 
grain boundary shear are responsible for void nu- 
cleation. These void nuclei may then grow to visible 
voids by vacancy condensation, the action of applied 
stress, or both. In the same paper, Chen and Mach- 
lin’ reported that for high-purity a brass, a pre- 
strain of 1/2 pct under creep conditions reduced the 
total tensile elongation 60 pct in a subsequent tensile 
test at — 196°C as compared to a specimen having no 
high-temperature pre-strain. 

The loss of ductility at - 1y6°C was due to the 
presence of numerous cracks and voids at grain 
boundaries. The stresses across or along a cross- 
sectional surface containing cracks and voids will 
always be greater than the respective nominal* 

*Nominal stress is defined to be equal to the stress that would exist 
at the point in question under the assumption that the specimen was 
sound (contained no cracks or voids.) 
stresses. The reduced area of metal resisting the 
load requires the stress to increase locally. Hence, 
failure will occur along this surface when the stress 
across it reaches the tensile strength although the 
‘nominal stress on the specimen is much less. This 
failure reveals itself in a pronounced loss of meas- 


ured overall elongation. Testing at — 196°C enhances 


this effect by raising the flow stress thereby in- 
creasing the effectiveness of cracks and voids as 
notches. 


EXPERIMENTAL 


Tensile specimens of commercially pure nickel 
were machined from as-received cold-rolled bar 
stock and annealed for 20 hr at 1000°C in pre- 
purified and dried hydrogen. This treatment pro- 
duced a uniform grain size of 0.5 to 1.0 mm diam. 

Specimens were pre-strained in tension at 920°C 
for various amounts ata rate of 1 pct per hr. A 
tensile test followed at — 196°C at a strain rate of 
25 pet per hr until rupture. Other specimens were 
strained at high temperature only and then exam- 
ined metallographically. 

A special creep rack was used to pull the speci- 
mens at constant strain rates. High-temperature 
tests were conducted in a hydrogen atmosphere. For 
low-temperature tests, specimens were surrounded 
by liquid nitrogen. 

A lineal analysis of cracks was made to obtain a 
parameter of cracking for specimens subjected to 
high-temperature strain. A specimen was sub- 
jected to a given high-temperature strain. Then an 
average value of the number of cracks and voids 
intercepted by random lines of constant length was 
measured. This value was measured along sections 


__--~within the gage length. The average number of grain 


boundaries intercepted by random lines of unit length 
was measured to obtain the amount of grain boun- 

- dary area per unit volume. This process was re- 
peated with additional specimens in order to obtain 
the extent of cracking and void formation as a func- 
tion of the high-temperature strain. 
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Fig. 1—Total elongation as a function of high-temperature 
strain. 

RESULTS 
In Fig. 1, the total elongation after rupture at 


-— 196°C is plotted as a function of strain at 920°C. 


It is seen that the relationship is a linear one, the 
equation being, 


E= -2,.2¢, + 68. [1] 


Substituting E = e, + e, we get, 
= —3.2e, [2] 


where E is the total elongation, e, is the high- 
temperature strain, and e, is the low-temperature 
strain. The point on the line with the highest high- 
temperature strain represents the elongation at 
rupture at this temperature. Hence, e, is zero. 

The mode of failure when E = e, was ductile and 
transcrystalline with considerable necking. For 
the case of e, = 0, a slight neck was barely visible 
to the eye. The fracture was partly intercrystalline 
and partly transcrystalline. 

The amount of cracked area per unit grain boun- 
dary area, which equals the ratio of the number of 
intercepted cracks to the number of intercepted 
grain boundaries per unit length of random line, was 
calculated. A plot of this quantity vs e, appears in 
Fig. 2. 
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Fig. 2—Cracked area per unit boundary area as a function 
of high-temperature strain. 


DISCUSSION OF RESULTS 


The qualitative correlation between low-tempera- 
ture ductility and prior high-temperature creep 
strain in nickel obtained in this investigation con- 
firms the result obtained on high-purity brass by 
Chen and Machlin.* However, the quantitative effect 
is much smaller in nickel. Comparison can be made 
on the basis of a prior high-temperature strain that 
is a certain percentage of the total high-temperature 
elongation to rupture. In the research of Chen and 
Machlin,* the prior high-temperature strain of 1/2 
pet equaled 8.5 pct of the total high-temperature 
elongation at rupture. For nickel, in our experi- 
ments, 8.5 pct of 21.2 pct equals 1.8 pct. For 
= 1.8 pct, the loss in ductility in percent equals 


ee 1.8 X 100 = 4.5 pet. That is, for equivalent 


Formation of Beta Manganese-Type 


high-temperature strain the loss in low-temperature 
ductility is 6.5 pct for nickel as compared to 60 pct 
for pure a brass. 

It is also interesting to note the observation that 
in nickel the low-temperature fractures, even at the 
most extreme high-temperature pre-strain, were 
partly transcrystalline and partly intercrystalline. 
In the case of a brass, these fractures were com- 
pletely intercrystalline. 

According to the data on the percent of the grain 
boundary area that is cracked, at 22 pct high-tem- 
perature elongation, about 12.5 pct of the grain 
boundary area does not carry load. Thus, the inter- 
crack areas are carrying a stress that is about 11 
pct higher than the nominal stress. A simple model 
predicts that the overall elongation, which is pri- 
marily the elongation in the bulk of the specimen, 
will correspond to the nominal stress when the 
stress in the intercrack area equals the tensile 
strength. Quantitatively this model predicts the 
equation 


et = (e°)" (1 - ce,). [3] 


The form of this equation will agree with that found 
if the strain-hardening exponent, , equals unity. 
Actually this model is too gross an approximation 
to yield good quantitative results. 

The question naturally arises as to whether in or- 
dinary hot-working, such as hot-rolling, intercrys- 
talline cracks are introduced that affect the low- 
temperature properties. It appears that the answer 
is that such a possibility cannot be overlooked, if 
the hot-working induces tensile stresses at temper- 
atures above the equicohesive temperature and if 
the material tends to be notch sensitive at low tem- 
perature. 
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Structure in lron-Aluminum-Manganese Alloys 


D. J. Schmatz 


Tron-aluminum alloys have gained much interest in 
the past few years for use as a base material for 
elevated-temperature alloys because of their excel- 
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Technical Note 


lent oxidation resistance.'-* Binary alloys of alumi- 
num in iron are ferritic and consequently have poor 
hot strength. Alloys of iron-aluminum-manganese 
were made in an attempt to produce an austenitic 
alloy containing sufficient aluminum to retain the 
oxidation resistance of binary alloys of iron-alumi- 
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Fig. 1—Phase diagram for iron-alumi- 


num-manganese proposed by Koster and 
Tonn.® 


num and have the mechanical properties of austenitic 
alloys. The iron-aluminum system has a wide fer- 
ritic terminal solid solution extending to 34 wt pct Al. 
In contrast, iron alloyed with manganese, has a broad 
region of austenitic stability extending across the 
phase diagram at high temperatures. At some com- 
bination of aluminum and manganese in iron, a two- 
phase field of a (b.c.c.) and y (f.c.c.) must exist. 
Koster and Tonn” have worked with this system and 
have located the two-phase field of a + y using 
metallographic and dilatometric techniques. Their 
results, reproduced in Fig. 1, indicate stable y with 
up to 20 pct Al and 50 pct Mn. They reported that in 
the high aluminum and manganese alloys the y phase 
was unstable with a transformation to 8 manganese 
occurring. No indication of the temperature or com- 
position dependence of this transformation was made 
nor did they include it in their proposed phase dia- 
gram. Other investigations have been made on this 
system, but only on alloys containing up to 8 pct Al 
and 25 pct Mn.°® These investigations were primarily 
concerned with the development of austenitic alloys 
of iron and manganese containing varying amounts of 
aluminum. 

In the present investigation, alloys with composi- 
tions varying from 5 to 20 pct Al and from 5 to 67 pct 
Mn were produced and examined metallographically. 
A confirmation of the (a + y)/y boundary determined 
by Késter and Tonn was made. At a composition of 
approximately 10 Al-35 Mn (wt pct) a three-phase 
field was discovered in which @ and y coexisted 
with a third phase which was later found to have a B 
manganese-type structure. Alloys were produced by 


Fig. 2—760° C (1400° F) isothermal sec-~ 
tion of iron-aluminum-manganese show- 


40 
MANGANESE (wt. %) 


60 80 100 


induction melting in a helium atmosphere. Occasional 
analyses for aluminum and manganese were made and 
were always within 1 pct of their nominal composi- 
tions. Pieces of each alloy were sealed in vycor 
tubes filled with helium and annealed at 1040°C 
(1900°F) for 24 hr. The ternary isothermal section 
shown in Fig. 2 was constructed following metallo- 
graphic examination of these alloys reheated to 760°C 
(1400° F) for 24 hr and quenched in water. 
Examination of alloys quenched from higher tem- 
peratures indicated that the three-phase region shifts 
to somewhat higher aluminum and much higher 
manganese contents with increasing temperature. 
Also, the composition ranges of the two-phase fields 
a+y andy + 8 contract with increasing temperature. 
X-ray diffraction patterns obtained from an alloy of 
15 Al-40 Mn water quenched from 540°C (1000°F) 
and powdered, were nearly identical with the pattern 
obtained from 8 manganese. No a@ manganese was 
found indicating that the transformation temperature 
for 8 manganese to a manganese was lowered or that 
the reaction was made more sluggish, because of the 
aluminum, than it is in manganese-rich iron-man- 
ganese alloys. An alloy of 7 Al-50 Mn was com- 
pletely y after quenching from 1040°C (1900° F), 
but was partially transformed to the 8 manganese- 
type structure when quenched from 980°C (1800° F). 
A photomicrograph of a partially transformed struc- 
ture is shown in Fig. 3. The microstructure result- 
ing from the transformation which takes place in an 
alloy of 12 Al-35 Mn is shown in Fig. 4. A com- 
pletely ferritic structure was retained on quenching 
the alloy from 1040°C (1900° F), but cooling further 


of 


ing the extent of the B-manganese phase. 
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Fig. 3—Two-phase structure of y + 6 obtained on quenching 


a Fe-7A1-50Mn alloy from 980°C (1800° F). Small blocky 
areas are remaining y. 5 pct Nital etch. X250. Reduced 
approximately 27 pct for reproduction. 


to 980°C (1800°F), before quenching, brought about 
a transformation to 8. Fig. 4 shows the lamellar 
pattern developed in the a to 6 transformation in 
contrast to the blocky nature of the y to f trans- 
formation. 

The 8 structure exists in both the manganese- 
iron and manganese-aluminum systems with solu- 
bilities in manganese of approximately 33 and 25 
pet Fe and Al, respectively, before the 8 phase 
no longer exists. In the ternary system the solu- 
bility of iron in the 8 phase is extended consider- 


Fig. 4—Lamellar two-phase structure of a + B obtaine 
quenching a Fe-12A1-35Mn alloy from 980°C (1800°F). 
Dark areas are remaining a. HCl and Picric Acid etch. 
X250. Reduced approximately 27 pet for reproduction. 


ably by the addition of aluminum. 
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A Study of Reversion Phenomena in the 


Carbon-Alpha-lron System 


The results of this study indicate that sudden increases in 
aging temperature lead to reversion phenomena in carbon in the 
a iron system. These phenomena are thought to be associated 
with the dissolution of carbide precipitates. Reversion is 
studied with respect to three variables: 1) Specimen grain size, 
2) the initial amount of carbon in solution, and 3) difference 
between initial and final aging temperature. It is found that of 
these variables the initial carbon concentration has the greatest 


D. Keefer 


effect on veversion. 


Tue solid solution of carbon in a iron has been the 
subject of numerous investigations throughout the 
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past few years. Despite the great amount of effort 
which has been put forth toward understanding this 
system, however, there persist a number of interest- 
ing aspects of the system which are open to further 
research. Studies of the precipitate which forms as 
a result of aging a supersaturated solution of carbon 
in @ iron appear to be particularly interesting. The 
present work is an attempt to determine certain 
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properties of this precipitate using internal-friction 
methods. 

In much of the previous work done on carbon in 
a@ iron the determination of carbon solubilities at 
various temperatures was of primary importance. 
Two investigations of particular interest to the 
present work are those of L. J. Dijkstra’ and C. A. 
Wert,” who determined solubilities in the tempera- 
ture range from 150° to 700°C. In their work the 
solubilities were determined by internal-friction 
methods. Their procedure was as follows: A speci- 
men of @ iron was carburized at about 700°C and 
then quenched to room temperature so that carbon 
was retained in a supersaturated solution. The 
Specimen was subsequently aged to allow carbide 
precipitation at some temperature in the range 150° 
to 700°C. After the specimen had been aged for 
some time it was quenched to room temperature, 
and an internal-friction measurement was made to 
determine the amount of carbon still in solution. 
They assumed that the system was in equilibrium 
when the internal-friction values did not change 
during successive aging periods. The constant value 
of internal friction at this time was taken to be 
proportional to the wt pct C in solution. 

One defect of this work concerns the manner of 
approach to equilibrium. The phase equilibrium is 
approached only from the high side; z.e., froma 
surplus of carbon in solution. The success of this 
measurement then depends in part on whether or 
not time enough has been allowed for true equilibrium 
to be established. The present experiment was un- 
dertaken to test this procedure. Equilibrium was 
established by the dissolving of precipitates rather 
than by the forming of them; the approach to equi- 
librium was, in this case, with a deficit of carbon 
in the lattice rather than with a surplus. If values 
obtained in the two types of experiments did agree, 
then both were to be assumed correct-in this detail 
at least. It will be pointed out in the presentation of 
the results that this was so (for large-grained sam- 
ples at least) and hence that the internal-friction 
method gives reliable results in this case. 

In addition to this fact, a further effect was dis- 
covered in the present work. This was a reversion 
phenomenon.’ Most of the present paper will deal 
with this effect. It will be shown that in this system 
reversion can be studied fairly quantitatively be- 
cause of the known fact that internal friction in this 
alloy measures only that carbon which goes into solu- 
tion. 

In the present work it was not possible to estab- 
lish the type of precipitate present. The sole pur- 
pose of this experiment was to investigate the be- 
havior of whatever carbide phase was present. The 
work of Lindstrand* and of others may be referred 
to for a discussion of the chemical composition of 
the carbide phases existing at various temperatures. 


EXPERIMENTAL PROCEDURE 


The internal-friction method used in this work was 
that of the torsion pendulum. This method was first 
outlined in detail in a classic article by Ke’, and the 
procedure has since then become standard for work- 
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ers in the field. No description will be given here. 
All results given here are stated in terms of 
damping, Q~’, rather than in wt pct C in solution. 
The reason for this is the following. In all quantita- 
tive work done in the past an equation of the form 
wt pct C =K Qnax has been used to express the amount 
of carbon in solution. (Q7;,3, is the maximum height 
of the damping curve less background damping.) The 
multiplying factor K was at first thought to be unity, ° 
but later work* 7~° indicated that K might be of the 
order of 1.3. Still more recent work has shown that 
grain size has a definite effect on the value of K.?% 1 
It is thus seen that accurate values of K require 
close control of grain size from sample to sample as 
well as precise chemical analysis. It is not felt that 
the control of grain size was precise enough in the 
present work to allow significant statements to be 
made concerning accurate carbon contents. However, 
statements can still be made about the behavior of 
carbon in solution in terms of the damping produced. 
Two types of pure iron were used in this work; one 
was Puron, a product of Westinghouse, and the other 
was a high-purity iron produced by Battelle Memorial 
Institute.’” * The latter was used only for those speci- 


*The authors acknowledge with thanks the gift of this iron through 
the courtesy of the American Iron and Steel Institute. 


mens having the largest grain size (see below). The 
specimens were wires 0.030 in. in diam and from 4 to 
6 in. long. Three sets of specimens were used; one 
set had grain diameters of about 0.003 in., the second 
had diameters of about 0.01 in., and the third had 
grains whose diameters along the wire axis were 
about 0.1 in. All specimens were first swaged from 
stock, drawn to the desired diameter, and then re- 
lieved of any residual carbon by a wet hydrogen 
treatment. This was the only treatment given the 
Small-grained specimens. Those specimens having 
the intermediate grain sizes were, after the wet 
hydrogen treatment, strained 2 pct in tension. They 
were then heated slowly in an atmosphere of dry 
hydrogen from 650° to 850°C to allow recrystalliza- 
tion and grain growth to occur. The specimens hav- 
ing the largest grains were, after being drawn, de- 
carburized and strain-relieved at about 920°C. The 
specimens were then strained by being twisted two 
turns per inch, after which they were annealed at 
890°C in dry hydrogen to allow recrystallization and 
grain growth to occur. 

Introduction of carbon into the specimens was 
made by subjecting them for at least 15 min to an 
atmosphere of hydrogen and n-heptane at a tempera- 
ture of about 705°C. The specimens were then 
quenched in water to room temperature so that 
carbon was retained in a supersaturated state. In- 
ternal-friction measurements were then carried out 
to determine the initial value of Q73,. 

After the initial value of Q73, in each specimen 
was determined, the specimen was aged in dry hy- 
drogen at the desired temperature. The approach of 
the carbon solubility to equilibrium was followed by 
periodically quenching the specimen to room tem- 
perature and measuring the damping. When two or 
more aging periods resulted in the same value of 
internal friction the specimen was assumed to have 
reached equilibrium. 
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Fig. 1—Overshooting of equilibrium 
carbon solubility at 450°C upon increas- 
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After the specimen was aged to equilibrium at the 
desired temperature, it was placed in an aging fur- 
nace at an increased temperature. There it was aged 
for short intervals, quenched, and the damping was 
found. This process was continued until equilibrium 
was reached at the new higher temperature. The re- 
sults of this process, together with variations of the 
method, are given in the next section. 


RESULTS 


When the aging temperature of a specimen of car- 
bon in @ iron is increased suddenly, one might ex- 
pect the amount of carbon in solution to increase 
monotonically to the solubility corresponding to the 
new, higher, aging temperature. Reference to Figs. 
1, 2, and 3 will show that this does not occur. Rather, 
the amount of carbon in solution increases suddenly 
to a value in excess of the equilibrium solubility for 
the new temperature. This supersaturation of carbon 
then rapidly decreases until equilibrium is reached. 
This ‘‘overshooting’’ of the equilibrium solubilities 
was considered to be a reversion effect. It was 
studied with respect to three variables: 1) difference 
between the initial and final aging temperatures, 2) 
specimen grain size, and 3) the amount of carbon 
which was present in solution immediately after car- 
burization. These factors will be discussed in the 
following paragraphs. 

The effect of difference between initial and final 
aging temperatures on the amount of overshooting 
can be seen in Figs. 1, 2, and 3. The amount of 
overshooting is here defined as being the difference 
between the maximum value of damping and the 
equilibrium damping value obtained at the higher 
temperature (450°C). As can be seen from the 
figures there appears to be a general upward trend 
in the amount of overshooting with increasing dif- 
ference between initial and final aging temperatures. 

Reference again to Figs. 1, 2, and 3 will show that 
the grain size of the material appears to have no 
effect on the amount of overshooting. 

The effect of the initial carbon concentration on 
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the amount of overshooting was studied by means 

of the following experiment. Two large-grained 
specimens were carburized, one to Q53, = 0.0044, 

and the other to Q52, = 0.022. Both specimens 

were then aged to equilibrium at 250°C. When equi- 
librium was reached the aging temperature of each 
specimen was increased to 450°C, and the measure- 
ments were made of the overshooting at this tempera- 
ture. It was found that the amount of overshooting for 
the specimen having the higher initial damping was 


200°C to 450°C 


300°C to 450°c 


Equilibrium at 450°C 


20- 


-—Equilibrium at 300° 


quilibrium at 200° 
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Fig. 2—Overshooting of equilibrium carbon solubility at 
450°C upon increasing the aging temperature from 200° 
and 300°C. Intermediate grain size. 
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about 0.0005. The value of overshooting for the 
other specimen was very small, probably less than 
0.00015. By means of the analysis of Zener,’ it was 
determined that the specimen containing the greatest 
amount of carbon initially had approximately fifty 
times as many precipitates present after aging at 
250°C as did the specimen having the low carbon con- 
centration.* As will be discussed later in more detail, 


*Zener’s development assumes spherical precipitates. Since it is 
very possible that the precipitates in the present case are not spheri- 
cal, these results are again only qualitative. However, they are con- 
sistent with general nucleation theory, which shows that more precipi- 
tate nuclei form with higher supersaturation. 


the occurrence of overshooting is thought to be de- 
pendent on the size and number of carbide pre- 
cipitates present. 

Fig. 4 shows what occurs when two successive in- 
creases are made in the aging temperature. (These 
data are for specimens having small grains.) Once 
again the equilibrium solubilities were overshot, both 
at 300° and at 400°C. The sum of the amounts by 
which the two equilibrium solubilities were overshot 
was approximately equal to the amount which oc- 
curred when the temperature was raised directly 
from 200° to 400°C. 

Data for another variation of the overshooting 
measurement are shown in Fig. 5.’ For this sample 
the normal overshooting measurement was made at 
450°C. The temperature of aging was then decreased 
to its original value of 200°C. Note that the damping 
fell again to a value correct for 200°C. The specimen 
was then re-aged at 450°C. This time no overshoot- 
ing occurred; the character of the approach to equi- 
librium was entirely different upon the second in- 
crease in temperature. Note that this latter behavior 
is what was thought would occur all of the time. 

The data given in Fig. 5 are for a specimen hav- 
ing a small grain size; similar results were ob- 
tained on a specimen having an intermediate grain 
size. 
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Fig. 3—Overshooting of equilibrium carbon solubility at 
450°C upon increasing the aging temperature from 200° 
and 300°C. Large grain size. 


DISCUSSION 


The 


overshooting of equilibrium solubilities upon 


sudden increases in aging temperature may be ex- 
plained on the basis of several possible processes. 
Two of these ideas will be discussed below. Both of 
the models proposed are consistent with all of the 
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Fig. 5—Demonstration of the absence of overshooting after a 
a second aging at 250°C. Small grain size. 


results obtained in this investigation. To introduce 
these models we will consider a typical specimen 
containing carbon in an equilibrium solution at 

some low temperature, 71. Assume this specimen 
has previously been saturated with carbon at around 
700°C, quenched, and then aged to equilibrium at 71. 
During the aging process some of the carbon origi- 
nally in solution must precipitate out as a carbide 
phase so that equilibrium can be attained at T1. Now 
let the aging temperature be raised to a higher value, 
Tz. When this is done carbon atoms must evaporate 
off the precipitates in order that the equilibrium 
solubility for 72 can be obtained. The overshooting 
indicates definitely that when the precipitates dis- 
solve, some of them dissolve too much, and some 
supersaturation does occur, at least locally. At this 
point alternate suggestions for this effect will be 
made. 

The first of these suggestions can be termed the 
‘‘spheroidization of plate-like precipitates.’’ Ac- 
cording to this mechanism evaporation will occur 
preferentially from the ends of the plate-like par- 
ticles (particularly small, thin precipitates) be- 
cause of the high surface energy at these positions. 
This will result in a supersaturation of carbon atoms 
in the vicinity of the precipitates which will lead to 
the observed high internal-friction values. Only after 
diffusion and reprecipitation onto the center por- 
tions of the particles will the supersaturation be re- 
lieved, and only then will the equilibrium values of 
internal friction be obtained. Notice that the final 
form of the precipitates will be spherical. 

The preceding idea of temporary carbon super- 
saturation due to evaporation from the ends of 
plate-like precipitates can be used to explain the 
results shown in Figs. 4 and 5. In Fig. 4 the ex- 
pected overshooting occurs at 300°C as a result of 
the spheroidization of small, thin platelets. When 
the second temperature increase is made (to 400°C) 
there occurs further overshooting as a result of 
the spheroidization of somewhat larger precipitate 
plates. The results shown in Fig. 5 could be ex- 
plained by the following: after the first overshoot- 
ing occurs most of those small, thin precipitates 
which account for the effect have been spheroidized, 
and all the plate-like precipitates which are left are 
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fairly large. When the aging temperature is re- 
duced to the original value of 200°C, precipitation 
will occur, but this precipitation will take place 
preferentially on the large particles which are al- 
ready present. When the second increase in tem- 
perature is made, the material contains no small, 
thin platelets of carbide, and in their absence no 
overshooting can take place. 

The second possible mechanism might be termed 
“‘the evaporation of small particles.’’ When the aging 
temperature is raised from 7: to Tz carbon atoms 
must evaporate off the carbide precipitates in order 
that the equilibrium solution for Tz may be attained. 
Precipitates of smaller size will then become un- 
stable and dissolve completely, resulting in a super- 
saturation of carbon in their immediate vicinity. 
Equilibrium solubility at T2 will occur in this 
mechanism after diffusion and reprecipitation onto 
large particles has taken place. This mechanism is 
also consistent with the result shown in Figs. 4 and 
5. In Fig. 4 recurrent increases in aging tempera- 
tures result in increasingly larger precipitates be- 
coming unstable, with the result that overshooting 
takes place each time a temperature increase is 
made. Using this mechanism the results shown in 
Fig. 5 might be explained as follows: when the in- 
crease in temperature is made to 450°C the usual 
overshooting occurs. When this takes place any 
small carbide particles will become unstable and will 
dissolve. Upon reduction of the aging temperature to 
200°C, precipitation will occur preferentially onto 
those large particles which are already present. 
When the temperature is again raised to 450°C, no 
small precipitates are present, and thus no over- 
shooting can occur. ; 

As was mentioned in the foregoing, it was found 
that the amount by which the specimen was initially 
supersaturated with carbon had a definite effect on 
the results of later overshooting. Increasing the 
initial supersaturation increased the amount by which 
the high-temperature equilibrium solubility was 
overshot. It was also found, as was to be expected, 
that increasing supersaturation increased the number 
of precipitates which occurred. These two results 
certainly tend to substantiate the idea of precipitate 
dissolution’s leading to overshooting. That is, in- 
creased supersaturation leads to increased numbers 
of precipitates (presumably, especially small pre- 
cipitates). The dissolution of this greater number of 
small particles according to the suggested models 
leads to increased overshooting. 

An alternative to either of the above processes 
concerns the interaction of carbon with dislocations. 
Presumably some C will also go to dislocations dur- 
ing the aging process. When the aging temperature is 
then raised, some of this carbon may leave the dis- 
locations and thereby produce local supersaturation 
until a reprecipitation of it can occur. However, the 
observed effect seems much too large for this 
mechanism. Suppose that there are 10® dislocation 
lines per sq cm and that during the initial low-tem- 
perature aging one carbon atom precipitates per atom 
plane along the dislocation line. Then if all the car- 
bon atoms leave the dislocation line upon heating toa 
higher temperature, the ‘‘overshooting’’ ought to be of 
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magnitude Q*810°& The overshooting is at least 100 
times greater than this in all cases, So it appears that 
this mechanism alone is not sufficient. Neither does 
it appear likely that the entire effect could come from 
arrays of dislocations (e.g., grain boundaries), since 
specimen grain size has no effect on overshooting. 

An experimental study of the effect of dislocations 
was made as follows: A large-grained specimen was 
carburized and quenched to room temperature in the 
usual way. Dislocations were then produced in the 
Specimen by drawing it from 0.030 to 0.026 in. in 
diam. The specimen was then aged to equilibrium at 
300°C. The aging temperature was then increased 
to 450°C. No overshooting occurred at 450°C; the 
equilibrium solubility at this temperature was 
achieved rapidly and directly. This result suggests 
two things: 1) No carbide was present in the sam- 
ple; all excess carbon went into dislocations at 300°C, 
and 2) Overshooting is not caused by the evaporation 
of carbon atoms from dislocations. 


SUMMARY 


The results of this work indicate that sudden in- 
creases in aging temperatures lead to some form of 
precipitate dissolution which is unusual in that it re- 
sults in momentary supersaturation of carbon in the 
iron matrix. The amount of this supersaturation 
(‘‘overshooting’’) is dependent primarily on the 
amount of carbon which was in solution prior to the 


low-temperature aging; that is, overshooting is de- 
pendent on the size and number of carbide precipi- 
tates formed during low-temperature aging. Toa 
somewhat lesser degree, overshooting is dependent 
on the difference between initial and final aging 
temperatures. The effect increases slightly with 
increasing temperature difference. Grain size ap- 
pears to have no effect on overshooting. 
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Grain Boundary Migration in High-Purity Lead and 


Dilute Lead-Tin Alloys 


The motion of individual grain boundaries under a constant 
driving force was investigated for zone-refined lead, with and 


without solute tin additions. 


The vate of boundary migration was 


found to depend strongly on tin content and on the orientation re- 


lationship between the adjacent grains. 


The results are com- 


pared with the theory of impurity-controlled grain boundary mi- 
gration developed by Liicke and Detert. Evidence was found that 
grain boundaries separating grains which have the Kronberg- 
Wilson orientation relationships of 38 and 22 deg about <111> 


and 28 deg about <100>, correspond to boundaries of high mo- 
bility. The results are discussed in relation to the formation of 


K. T. Aust 


annealing textures in metals and the structure of high-angle 


boundaries. 


Ir is generally known that small amounts of im- 
purities in solid solution greatly influence the re- 
crystallization behavior of metals. For example, ; 
the addition of 0.005 at. pct of tellurium to copper, 
or 0.005 at. pct of silver to lead,” or 0.01 at. pct of 
K. T. AUST, Junior Member AIME, and J. W. RUTTER are associated 
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manganese or nickel to aluminum®* greatly decreases 
the rate of recrystallization of these metals. How- 
ever, this effect may be the combined result of a 
decrease in the rates of both nucleation and growth; 
recrystallization experiments do not separate these 
two factors. Bolling and Winegard* determined the 
effects of small quantities of tin, silver, and gold on 
grain growth in polycrystalline zone-refined lead. 


VOLUME 215, FEBRUARY 1959-119 


Fig. 1—Macrophotograph showing growth of a new stria- 
tion-free crystal into a striated crystal in zone-refined 
lead. X2 1/2. Reduced approximately 12 pct for reproduc- 
tion. 


They found that grain growth was retarded to an 
increasing extent from tin-to-silver-to-gold, even 
in amounts as low as 0.005 at. pct. Liticke and 
Detert® have recently proposed a quantitative theory 
of the influence of soluble impurities on the rate of 
grain boundary migration, based on the concept of 
an elastic interaction between a moving grain 
boundary and foreign atoms in solid solution. No 
direct measurements of the rate of motion of indi- 
vidual, known grain boundaries under a constant 
driving force in material of controlled composition 
have been available for comparison with the theory. 

This report presents observations of the rate of 
motion of single grain boundaries in crystals of 
zone-refined lead with various additions of tin 
which were well within the solid solubility limit of 
tin in lead. The driving force for boundary migra- 
tion was supplied by the lineage or ‘‘striation’’ sub- 
structure in the specimens. Direct measurements 
of the velocity of grain boundary motion as a func- 
tion of the concentration of tin in solid solution are 
presented; these observations are compared with 
the theory of Liicke and Detert.° 


Oll 001 


Fig. 2—Stereographic plot of specimen axis or growth 
direction (0) and normal to top surface of crystal (D), for 
five starting orientations, A to E. 
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Experimental observations are presented which 
show the effect of relative crystallographic orienta- 
tion on the rate of grain boundary migration. The 
importance of this data is discussed in relation to 
the formation of annealing textures in metals. 


EXPERIMENTAL PROCEDURE 


Single crystals of zone-refined lead containing 
various additions of tin from 0 to 0.10 wt pct, were 
grown from the melt in a horizontal graphite boat. 
Master alloys of tin in lead and seed crystals con- 
taining known tin concentrations were used in order 
to obtain specimens of known composition. The 
dimensions of these single crystals were generally 
about 6 mm square in cross section by 8 to 10 cm in 
length. The conditions of freezing were maintained 
nearly identical for each specimen; the speed of 
freezing was from 5 to 8 mm per min and the tem- 
perature gradient present in the liquid during freez- 
ing was approximately 10°C per cm. When the de- 
sired length of crystal had been grown, the remaining 
liquid was decanted by rapidly separating the solid 
and liquid during freezing in order to obtain a 
representative solid-liquid interface for micro- 
scopic observation. Examination of such interfaces 
revealed the absence of the hexagonal cell structure® 
and, therefore, of the impurity segregation of which 
it is a manifestation, in crystals containing less 
than about 0.01 wt pct Sn. 

The melt-grown crystals contained striation 
boundaries having misorientations of up to several 
degrees as shown by X-ray observations made by 
means of the usual back-reflection method as weil 
as by the Berg-Barrett technique.’ The striation 
boundaries in crystals containing 0.01 wt pct Sn or 
less were observed to form an irregular pattern, 
Fig, 1, as reported by Atwater and Chalmers.® The 
addition of about 0.1 wt pct Sn produced a pattern of 
uniform, continuous striations of the type studied by 
Teghtsoonian and Chalmers.°® 

Over thirty striated single crystals, having vari- 
ous concentrations of tin, were grown. The orienta- 
tions of these crystals are shown in Fig. 2. A num- 
ber of the crystals, in the as-grown condition, were 
annealed for 1 hr or longer at 305°C in an argon 
atmosphere. This treatment produced no observ- 
able change in the striation structure of the crystals, : 
thereby demonstrating the high stability of this 
structure. No evidence of the formation of new 
grains was found on annealing the as-grown crystals. 
New grains were then introduced into each crystal 
by a plastic compression of a small, localized re- 
gion at one end of the sample. X-ray photographs 
from the deformed area showed the presence of 
numerous small recrystallized grains which formed 
at room temperature. On annealing at temperatures 
from 250° to 300°C in argon, one or two of these 
recrystallized grains were observed to grow into 
the undeformed part of the striated crystal. In 
this way, it was often possible to obtain a single 
grain produced by recrystallization growing into 
a striated, melt-grown crystal, and, therefore, 
the motion of a single, known grain boundary 
under a constant driving force could be studied. 
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Fig. 1 shows an example of such growth; it will be 
seen in the photograph that a new grain has grown 
into the melt-grown crystal at the expense of the 
striation structure. In order to measure the rate 
of grain boundary movement, the grain boundary 
positions before and after various annealing treat+ 
ments were revealed by lightly etching the sample 
in a solution of 5 pct nitric acid in methyl alcohol. 


RESULTS AND DISCUSSION 


a) Driving Force Considerations—Several ob- 
servations clearly demonstrated that the striation 
substructure provides the driving force for grain 
boundary migration in the present experiments. It 
was found that migration of a grain boundary into a 
striated crystal removes the striations in the vol- 
ume through which the boundary has passed,” as 
illustrated by Fig. 1, suggesting that the energy of 
the striation structure has provided the driving 
force for migration of the grain boundary. New 
grains were introduced, by a second localized 
deformation and recrystallization, into the stria- 
tion-free crystal thus formed. No growth of this 
second set of recrystallized grains could be ob- 
tained into the striation-free crystal. This indi- 
cates a correspondence between removal of the 
striations and removal of the driving force for 
boundary migration. In addition, it was observed 
that intersection of the striation boundaries by the 
grain boundary is necessary to obtain grain bound- 
ary motion. A grain boundary will not advance into 
the striated crystal if the striation boundaries are 
parallel to the grain boundary rather than inter- 
secting it. A number of the melt-grown crystals 


used in this work contained regions which were free 
of striations. In such cases, it was found that a new 


grain would not grow into the striation-free region 
while another new grain grew continuously into the 
striated portion of the same crystal. It is evident, 


therefore, that an interaction must be geometrically 


possible between the striation boundaries and the 
grain boundary in order for grain boundary migra- 


tion to occur and that the energy associated with the 


striation structure does provide the driving force 
for grain boundary migration in the present ex- 


periments. While variations in the striation pattern 


were sometimes observed, as discussed above, it 
was possible to obtain a reasonably uniform and 
reproducible striation structure by careful control 
of the conditions of freezing of the samples. 

An estimate of 4000 ergs per cm’ for the driving 
energy provided by the striation structure was ob- 
tained from measurements of the average orienta- 
tion difference (3 deg) and average spacing of the 
striation boundaries (0.04 cm) combined with pre- 


vious data on grain boundary energies in lead.** The 
number of dislocations comprising a striation bound- 


ary can be calculated on the assumption that the 
boundary is of the simple tilt type. On this basis, 
the number of striation boundaries observed in the 
crystals used in this investigation corresponds to a 
dislocation density of approximately 7 x 10° lines 
per sq cm. Removal of the striations by passage of 
a grain boundary, therefore, indicates a dislocation 
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density difference of about 7 x 10” lines per sq cm 
between the new grain and the striated crystal. 

The striation structure is not measurably changed 
by annealing of the undeformed, striated crystal for 
long periods at 300°C. Consequently, this sub&trut- 
ture provides a stable driving force for grain bound- 
ary migration. In addition to the case of lead, the 
striation structure has also been observed to sup- 
port grain boundary migration in melt-grown crys- 
tals of zone-refined copper, aluminum, and tin.” 
The preser‘ technique for studying grain boundary 
mobility should, therefore, have general applicability. 

b) The Influence of Tin on the Rate of Grain 
Boundary Migration—The rate of grain boundary 


migration in crystals of zone-refined lead to which 
no impurity had been added was observed to be as 
high as 6 mm per min at 300°C. With a driving 
energy of 4000 ergs per cm*, this rate corresponds 
to a grain boundary mobility (z.e., rate per unit of 
driving energy) of 2.5 x 107° cm? per erg-sec at 
300°C. This mobility is at least one hundred times 
greater than any previous values reported for met- 
als in the literature.’”” 

The addition of tin as solute to the zone-refined 
lead was found to have a very large effect on the 
rate of boundary migration. A single crystal was 
grown in which the tin concentration was 0.001 wt 
pct along part of its length and 0.015 wt pct in the 
remainder. Into the 0.001 wt pct Sn section of this 
crystal was introduced a new grain which was re- 
lated to the striated crystal by a rotation of 32 deg 
about the axis shown in Fig. 3. In the first 2 hr of 
annealing at 300°C, the grain boundary moved 
through the striated region containing 0.001 wt pct 
Sn at a rate of 0.1 mm per min, Fig. 3. When the 
boundary reached the region containing 0.015 wt pct 
Sn, very little further movement occurred after an 
additional annealing time of 88 hr at 300°C. The 
rate of migration in this region was less than or 
equal to 0.0001 mm per min. In crystais containing 
0.05 and 0.10 wt pct Sn, no observable boundary mi- 
gration at the expense of the striation structure 
could be obtained in annealing times of the order 
of 100 hr. 

The rate, v, of migration at 300°C of various 
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Fig. 3—Grain boundary displacement vs time at 300°C for 
a “double-concentration” specimen, i.e., 0.001 and 0.015 
wt pet Sn. Orientation relationship for grain boundary is 
shown in stereographic triangle. 
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high-angle grain boundaries separating crystals 

of random relative orientation, is plotted as a 
function of tin concentration, C, in Fig. 4. Both 

the rate and concentration scales are logarithmic — 
in this figure. It will be seen that an increase in tin 
content from 0.0004 to 0.006 wt pct decreases the 
speed of boundary migration by a factor of 1000. 
This illustrates both the extremely large effect of 

a small amount of tin on the rate of migration and 
the remarkably strong dependence of migration rate 
on solute tin concentration. Also, log v is propor- 
tional to log C in this range; the relation may be ex- 
pressed empirically as: 


log v = -10.7 - 2.5 log C 


where v = speed of migration in cm per sec and 
C = tin concentration in atom fraction. 

Below a concentration of about 4 x 107° wt frac- 
tion Sn, the log v vs log C plot deviates from the 
linear relation which holds at higher concentrations, 
the concentration dependence becoming much 
smaller, as shown in Fig. 4. Nevertheless, in this 
range, the addition of less than 10°° wt concentra- 
tion Sn still produces an easily measurable effect 
on the rate of boundary migration. 

As-noted above, the grain boundary-migration rate 
was observed to change by a factor of about 1000 as 
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TIN CONCENTRATION 
Fig. 4—Logarithmic plot of rate of grain boundary migra- 
tion at 300°C vs tin concentration for “random” grain 
boundaries in zone-refined lead. 
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the tin concentration was varied from 0.0004 to 
0.006 wt pct. This large change in boundary-migra- 
tion rate with solute concentration is not due to 
variation of the striation driving force, since no 
appreciable variation in the striation structure was 
observed in this concentration range. In fact, the 
variation in driving force from specimen to speci- 
men is believed to be less than a factor of two, 
based on the observed reproducibility of the stria- 
tion structure and the internal consistency of the 
results. Consequently, the observed dependence of 
migration rate on tin concentration is attributed to 
a corresponding variation in grain boundary mobil- 
ity. Fullman™ has also concluded that solute atoms 
affect primarily grain boundary mobility rather than 
driving force in grain growth processes. 

The experimental results described above may be 
compared with the quantitative theory of impurity- 
controlled grain boundary migration proposed by 
Liicke and Detert.° This theory is based upon the 
concept that interaction forces exist between foreign 
atams in solid solution and a grain boundary, so that 
the concentration of foreign atoms is increased in 
the boundary. It proposes that at high concentra- 
tions or low temperatures, a moving grain boundary 
is held back by this interaction so that its speed is 
controlled by the speed at which the foreign atoms 
can diffuse along with the boundary as it moves; at 
low concentrations or high temperatures, the inter- 
action is insufficient to hold the boundary, ‘‘break- 
away’’ occurs, and the boundary moves much faster. 
On the basis of these considerations, Lticke and 
Detert derive the following equation describing 
impurity-controlled grain boundary migration: 


Q 
2 2 D 


KT 


where 

v = speed of boundary migration 

G = shear modulus 

y = atomic radius of base metal 

A = dislocation density being removed by the 
migration process 

K = Boltzmann’s constant 

T = temperature in °K 

a = lattice constant of the material 

D, = diffusion constant for bulk diffusion of the 
solute atoms 

C = concentration of solute in bulk crystals 

Q) = activation energy for bulk diffusion of the 
solute atoms 

V = energy gained by putting a foreign atom in 


the grain boundary 


The variation of migration speed with concentration, 
calculated from this equation using values of the 
parameters valid for tin in lead under the conditions 
of experiment used in the present work, is plotted as 
a dashed line in Fig. 4. Values used in the calcula- 
tion were: G = 0.5 x 10" dynes per sq cm; 27 = 3.49 
x 10-°cm; A= 7X10" lines per sq cm; K = 1.38 

x 10°“ ergs per °C; T = 573°K; a = 4.94 x 1078 cm; 
D, = 3.96 sq cm per sec; Qp = 26,200 cal per mol. 
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The interaction energy, V, was calculated by means 
of Cottrell’s formula, as quoted by Liicke and Detert, 


~lto 


where ¢o is Poisson’s ratio and nis given by: 


7 [3] 


t= 


The quantity 7’ is the radius of the eee atom in 
solid solution. Using o = 0.45 and v’ = 1.508 x 10-8 
cm for the case of tin as solute in lead gives a value 
of V equal to 1.3 x 10-“ ergs. An alternative for- 
mula given by Liicke and Detert gives the same 
value for V. It should be noted that these calcula- 
tions of V take into account only an elastic inter- 
action between the impurity atoms and the boundary. 

It will be seen from Fig. 4 that the theoretical 
curve describes the experimental data within about 
an order of magnitude over the composition range 
studied experimentally. In view of the necessary 
approximations made in deriving the theoretical 
curve, this agreement must be considered to be 
good. In addition, the theory predicts a linear 
variation of log v with log C; this was found ex- 
perimentally over a considerable range of compo- 
sition. However, the slope of the log v vs log Cplot 
should be unity according to the theory, whereas a 
value of 2.5 was found by experiment, indicating 
that v is proportional to C~*/?rather than v is pro- 
portional to 1/C for the case of tin as solute in lead. 
To account for this discrepancy by a variation with 
composition in the driving force for boundary mi- 
gration would require that the driving force vary by 
approximately a factor of 30 as the solute concen- 
tration decreases from 0.005 to 0.0005 wt pct Sn. 
Such a variation in driving force is very unlikely, as 
discussed above. It must be concluded that the de- 
pendence of grain boundary mobility on composition 
is considerably greater for the case of tin in lead 
than that predicted by the theory. 

The theory of Liticke and Detert predicts that, at 
any given temperature, the grain boundary-impurity 
interaction will be sufficient to restrict the motion 
of the boundary only if the impurity concentration is 
above a certain critical value. This critical con- 
centration is given by: 


where the symbols are as defined for Eq. [1]. Sub- 
stituting values of the parameters noted spreviously 
gives a critical concentration of 1 x 10-" atom frac- 
tion. This may be identified with the break which 
occurs in the curve of Fig. 4 at about 10-° wt frac- 
tion, The discrepancy is roughly one order of mag- 
nitude. It should be noted, however, that the speed 
does not rise to ‘‘much higher values”? below 107° 
wt fraction, as Liicke and Detert assume will occur 
when ‘‘breakaway’’ has taken place. On the other 
hand, the boundary migration would be. expected to 
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show very much less dependence on solute concen- 
tration when the boundary is ‘‘broken away”’ from 
an impurity atmosphere than when it is carrying the 
impurity along with it. It seems reasonable, there- 
fore, to interpret the region of Fig. 4 below about 
10°° wt fraction of tin as describing the motion of 
boundaries which are free of an atmosphere of 
solute atoms. 

The speed at which ‘‘breakaway’’ will occur has 
been given by Liicke and Detert as: 


-(=2) [5] 


Again, the symbols are as defined for Eq. [1]. Sub- 
stituting appropriate values for the quantities in 
Eq. [5] gives a value of v,,, equal to 11 mm per 
min. This may be compared to the speed of about 
1 mm per min at which the break occurs in the 
curve of Fig. 4. 

It should be noted that a residual impurity content 
in the zone-refined lead equivalent to 3 x 107° wt 
fraction of tin would be sufficient to bring the ex- 
perimental points below 4 x 107° wt fraction onto 
the same straight line as the points above that con- 
centration. While it is believed that the lead used 
in this investigation had an impurity content con- 
siderably less than 10-° wt fraction of tin or other 
equivalent impurities, no direct method of verifica- 
tion of its purity was available with the necessary 
degree of sensitivity. Consequently, the experi- 
mental observations below about 107° wt fraction of 
tin must be viewed with this reservation. It is 
hoped that it will be possible in the near future to 
obtain a better evaluation of solute concentrations 
below 107° wt fraction. 

c) The Effect of Orientation Relationship on the 
Speed of Boundary Migration—During the determina- 


tion of the data presented in Fig. 4, grain boundaries 
were observed from time to time which moved at 
speeds very much higher than expected. One case 
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Fig. 5—Distance vs time at 300°C for grain boundaries in 


three bicrystals, having varying tin content. 
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of this phenomenon is illustrated in Fig. 5, which 
shows distance vs time plots for three grain bound- 
aries. The lower line in Fig. 5 represents the mo- 
tion of a grain boundary in a sample containing 
0.001 wt pet Sn. The speed of this boundary was 

0.1 mm per min. The intermediate line shows the 
motion of another boundary, in a sample containing 
0.0005 wt pct Sn. The reduction in tin concentration 
compared with the first boundary resulted in an in- 
crease in migration speed to 0.4 mm per min, as 
would be expected from Fig. 4. The upper line in 
Fig. 5 shows the grain boundary motion in a sample 
containing 0.003 wt pct Sn; this boundary moved at 
1 mm per min in spite of the fact that the tin con- 
centration was higher than that in the other two 
specimens, The latter grain boundary corresponds 
to an orientation difference of 39 deg about <111>, 
which is similar to the high-mobility boundaries ob- 
served by Liebmann ef al.”* in aluminum. 

More detailed investigation showed that these 
fast-moving boundaries always separate crystals 
which have relative orientations near one of a few 
particular relationships. The three relationships 
giving rise to fast-moving boundaries which have 
been observed in this study to date are such that the 
striated crystal and the growing grain are related — 
by a rotation of 36 to 42 deg about a common <111> 
direction, by approximately 23 deg about a common 
<111> direction, or by approximately 26 to 28 deg 
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Fig. 6—A comparison of rate of grain boundary migration 
at 300°C (logarithmic) vs wt pct Sn for “random” grain 
boundaries and “special” grain boundaries. 
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about a common <100> direction. For convenience 
of terminology, grain boundaries separating crys- 
tals, the lattices of which are related as described 
above, will be referred to as ‘‘special’’ boundaries. 
This definition, of course, neglects the possible 
effect of boundary orientation; since the advancing 
grain boundary was usually curved, as depicted in 
Fig. 1, the influence of the orientation of the grain 
boundary itself could not be evaluated in the present 
study. 

Data obtained on the speed of migration at 300°C 
of these ‘‘special’’ boundaries as a function of com- 
position of the specimen is presented in Fig. 6, 
along with the data of Fig. 4 for comparison. Note 
that the speed scale is logarithmic and the composi- 
tion scale linear in Fig. 6. It will be seen that the 
difference between the migration rate of a ‘‘special’’ 
boundary and that of a random, high-angle boundary 
is a function of the composition of the specimen. 
Depending on the composition of the sample, the 
speed of a ‘‘special’’ boundary may be up to ap- 
proximately one hundred times faster than that of 
a random boundary under the same conditions. As 
was pointed out by Lticke and Detert,° their theory 
does not take into account the type of grain boundary 
being considered. It is evident from Fig. 6 that the 
boundary-migration rate for the ‘‘special’’ grain 
boundaries is much less dependent on tin concentra- 
tion than that for the ‘‘random’’ grain boundaries. 

If log v is plotted vs log C for the ‘‘special’’ bound- 
aries, a slope of approximately unity is obtained, 
although the velocities ‘‘v’’ are about a factor of 100 
greater than the theoretical values shown in Fig. 4 
for the tin concentration range covered. . 

A large number of recrystallized grains form at 
room temperature as a result of the localized de- 


‘formation technique used to introduce new grains 


into the sample. It is to be expected that, by chance, 
a few of these recrystallized grains will bear spe- 
cial orientation relationships to the striated crystal. 
On the basis of the data presented in Fig. 6, the 
boundaries separating striated and recrystallized 
grains in special orientation relationship will, ina 
sample of suitable composition, have a much higher 
rate of migration than other boundaries. Conse- 
quently, it is to be expected that the rapid growth of 
such a special grain will result in termination of the 
growth of less favorably oriented grains, so that the 
successful growing grain produced by this technique 
will frequently bear a special orientation relation- 
ship to the striated crystal if the sample composi- 
tion is in the proper range. 

The orientation relationship between the recrys- 
tallized grain which grew most successfully and the 
striated crystal into which the growth occurred was 
determined for the specimens used in this investi- 
gation. The results for a number of samples of 
zone-refined lead, with no tin addition and with tin 
additions less than 0.0001 wt pct, are shown in 
Fig. 7(a). In this figure are plotted in the standard 
stereographic triangle, the single axes (open 
circles) which relate, by the smallest rotation, 
each successful new grain to the striated crystal 
into which it grew. The rotations about the axes 
shown varied from 25 to 60 deg. In some of the 
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(2) Zone-refined lead with tin additions less than 0.0001 
wt pet: preferred grains with @ = 25 to 60 deg about axes 
shown (0), and “next-to preferred” grains with @ = 16 to 
99 deg about axes shown (@). 


OOl 


(5) Zone-refined lead with tin additions from 0.0005 to 
0.004 wt pct: preferred grains with @ primarily 30 to 50 
deg about axes within 12 deg of <111>, and 26 to 28 deg 
about axes within 5 deg of <100>. 


Fig. 7—Stereographic plots of axes of rotation which relate each new grain with starting crystal by smallest amount 


of rotation. 


pure lead specimens, it was found that a number 

of grains grew to a marked extent, with one of them 
becoming the sole growing grain only after a con- 
siderable amount of boundary migration had taken 
place. In these instances, the orientation of the 
last grain grown out by the most successful one 
was also determined; data for these grains are 
plotted as full circles in Fig. 7(a). On the basis of 
Fig. 6, it would be predicted that random relative 
orientations should be found between the successful 
recrystallized grains and the striated crystals be- 
cause the difference between the speeds of random 
and special boundaries becomes very small as zero 
tin concentration is approached. This expectation 
is borne out by Fig. 7(a), which shows that the rel- 
ative orientations are random. In Fig. 7(b) are 
plotted the axes of minimum rotation, relating each 
successful new grain to the striated crystal into 
which it grew, for a number of samples of zone- 
refined lead to which various amounts of tin, from 
about 0.0005 to 0.004 wt pct, had been added. It is 
clear from Fig. 7(b) that there is a very marked 
preference for the growth of grains having the 
special orientation relationships noted above, as 
would be expected from the large difference in mi- 
gration rate shown in Fig. 6. 

A number of attempts were made to obtain fast- 
moving boundaries in samples containing 0.005 to 
0.010 wt pct Sn, by the same technique which was 
successful for the 0.0005 to 0.004 wt pct Sn range. 
No fast-moving boundaries were obtained. This 
observation implies that the migration speeds of 
special and random boundaries become nearly equal 
at concentrations above about 0.005 wt pct Sn under 
_ the conditions of temperature and driving force used 
in these experiments; it is not, however, conclusive 
evidence that the rates do become equal. 

The results of Fig. 7(b) are in general agreement 
with the oriented growth theory of annealing tex- 
tures, © which predicts that successful new grains 
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which grow preferentially into a single crystal will 
be related to the starting crystal by a <111> rota- 
tion of 30 to 40 deg in the case of face-centered- 
cubic metals. However, it is evident that only under 
certain conditions is oriented growth an important 
or controlling factor since these special orientation 
relationships were only found in the range of solute 
concentration from 0.0005 to 0.004 wt pct Sn in 
zone-refined lead, under the present conditions of 
driving force and temperature. It is not surprising, 
therefore, that conflicting results have been ob- 
tained in previous studies” designed to test this 
prediction of the oriented growth theory, where the 
composition, driving force, and temperature have 
not been maintained identical from one investigation 
to another. 

The special orientation relationships observed 
during the present work are similar to several of 
those which Kronberg and Wilson” presumed would 
be favorable for boundary migration. They sug- 
gested that, for a series of discrete rotation angles 
around a common <111> axis (22 and 38 deg) and 
around a common <100> axis (28 deg) in face- 
centered-cubic structures, the atomic movements 
necessary for transition between the two misori- 
ented lattices are particularly short and, therefore, 
easy to accomplish. In fact, 14 pct of the atomic 
sites in the adjoining lattices would coincide, re- 
quiring no movement at all. 

One possible interpretation of the data of Fig. 6 
is that solute atoms may have less tendency to 
segregate to ‘‘special’’ boundaries compared to 
random boundaries at tin concentrations below 
about 0.004 wt pct. On this basis, the difference 
in migration rates between the two types of high- 
angle boundaries could then be explained as due to 
the special boundaries moving free of impurities 
while the random boundaries carry an impurity at- 
mosphere with them. This interpretation would be 
in agreement with the view of Kronberg and Wilson 
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that the ‘‘special’’ boundaries are ones across 
which the lattice matching is unusually good, since 
the accommodation of impurity atoms would be ex- 
pected to be less favorable at such interfaces than 
at random boundaries. 


However, it may also be argued that a boundary 
across which the two crystal lattices fit poorly 
would better allow the atom movements necessary 
for boundary migration than one of good fit. On this 
basis, it might be expected that a special boundary 
is one of unusually poor fit which may then tolerate 
a higher concentration of solute before its motion 
is seriously impaired. While no conclusions can be 
drawn concerning the detailed nature of different 
high-angle boundaries, it should be noted that, 
since certain large-angle boundaries have been 
shown to have different mobilities under the same 
conditions, as well as different sensitivities to the 
presence of solute atoms, their structures must be 
considerably different. 

The orientation relationships observed for the 
special boundaries are in common with various re- 
ported observations of new orientations produced by 
secondary recrystallization in face-centered-cubic 
metals, @.g. (18), (19). Consequently, it appears 
that any theory which attempts to explain these an- 
nealing textures must take into account the remark- 
able growth selectivity demonstrated by the present 
experiments. 


While the phenomenon of grain boundary migra- 
tion, as described in this paper, offers a technique 
for producing single crystals which are free of 
lineage, © it also may present a difficulty to be 
overcome in growing high-purity metal crystals 
from the melt. When growth of a crystal is ini- 
tiated from the melt, without the use of a seed 
crystal, the striation structure does not appear 
immediately. Appreciable misorientations develop 
only after a considerable distance, often about 1 cm, 
has been frozen.’ Consequently, a stray crystal, 
introduced during growth of a high-purity single 
crystal from the melt, can grow to appreciable 
size without developing striations. This may re- 
sult in the formation, during freezing, of a grain 
boundary which separates a striation-free crystal 
from the striated one which it is desired to propa- 
gate. The striation-free crystal formed in this 
way can grow by grain boundary migration at the 
expense of the striation structure of the desired 
crystal, thereby terminating its propagation. A 
number of instances have been observed in which 
a grain boundary formed by the accidental intro- 
duction of a stray crystal migrated several cm 
during the solidification operation, thereby trans- 
forming not only the desired crystal, but also a 
large part of the seed used to initiate its freezing, 
to the orientation of the stray. In extreme cases, 
the seed crystal may be lost as a result of the grain 
boundary migration. 


Experiments are now in progress to determine 
the temperature dependence of grain boundary mi- 
gration in zone-refined lead crystals with various 
tin additions as well as the effect of solute atoms 
other than tin. 
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SUMMARY 


1) The striation structure of melt-grown metal 
single crystals provides a stable driving force for 
grain boundary migration. 


2) The striations are removed by passage of the 
grain boundary through the striated crystal. 


3) The addition of a small amount of impurity to 
zone-refined lead has.a very large effect on grain 
boundary migration rate under the present ex- 
perimental conditions. 


4) The dependence of migration rate on concen- 
tration of tin is very steep: the rate of migration, 
v, is decreased by a factor of about 1000 as the tin 
concentration, C, is increased from 0.0004 to 0.006 
wt pet. v is proportional to C~*”’ in this concentra- 
tion range. 


5) Theoretical values of grain boundary migra- 
tion rate, calculated on the basis of the theory of 
Liicke and Detert, agree with the experimental ob- 
servations within approximately one order of mag- 
nitude. However, the dependence of boundary- 
migration rate on tin concentration, mentioned in 
4) above, is considerably greater than that pre- 
dicted by the theory. 


6) Grain boundaries separating crystals which 
are in special orientation relationship were found 
to move at speeds up to one hundred times greater 
than boundaries separating crystals of random 
orientation difference, under the same conditions. 
Special relationships observed were those which 
relate the two crystals by a rotation of 36 to 42 deg 
about a common <111> axis, by 23 deg about a 
common <111> axis, and by 26 to 28 deg about a 
common <100> axis. 


7) The difference in migration rate between 
‘‘special’’ and ‘‘random’’ boundaries is markedly 
dependent upon the concentration of impurity 
present. This difference in speed is small for 
zone-refined lead and increases to a factor of 
about one hundred at a tin content of about 0.004 
wt pct under the conditions of the present ex- 
periments. 


8) Only in the concentration range where the 
difference in boundary-migration rates is large 
was it found that the recrystallized grain which 
grew most successfully into the striated crystal 
was frequently related to it by one of the special 
orientation relationships noted in 6) above. This 
indicates that the growth selectivity represented 
by the difference in migration rates plays a major 
role in determining which grains will grow most 
successfully. 


9) The special orientation relationships noted in 
6) above are similar to several of the Kronberg- 
Wilson orientation relationships. 


10) The special orientation relationship of 36 to 
42 deg about a common <111> axis is essentially 
that which is predicted by the oriented growth theory 
of annealing textures. 
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11) The fact that “‘special’’ grain boundaries are 
observed indicates that there are structural differ- 
ences between certain high-angle grain boundaries. 
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The Nickel-Titanium-Carbon System 


A tentative 870°C isothermal section, the solidus equilibria, 
and the solubility of TiC and graphite in the nickel solid solution 
have been determined with arc-cast specimens. Each of the Ni-Ti 
intermetallics forms two-phase fields with TiC; only Ti, Ni has a 
measurable solubility for carbon. A quasi-binary eutectic exists 


between TiC and a titanium-rich nickel solid solution; ternary 
eutectics occur on either side, with TiNis or with graphite. 


E. R. Stover 


Graphite is in equilibrium with a nickel solid solution containing 


a ratio of Ti/C which increases below the solidus. 


RING the past decade, titanium-carbide cermets 
containing nickel or cobalt alloy binders have been 
widely studied for high-temperature and wear-re-_ 
sistant applications. Recent work has emphasized 
control of the carbide grain size and distribution” * 
and the thermal expansion match between the phases.* 
The present study was initiated to determine the 
phase compositions during the sintering or infiltra- 
tion process, and during subsequent heating. Al- 
though the effects of additives and impurities in 
commercial compositions are important, it was 
necessary to consider first the pure ternary, 
Ni-Ti-C. Emphasis was placed on the nickel corner, 
since the nickel solid solution is the continuous phase 
in compositions having highest strength. 

Early metallographic work by Zarubin and Molkov” 
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showed that solid solubility at either end of the sec- 
tion Ni- TiC is small. Edwards and Raine® reported 
that nickel dissolves between 3 and 5 wt pct TiC at 
1250°C, on the basis of microstructures of annealed, 
vacuum-melted powder mixtures. Although the 
solubility of nickel in TiC has not been measured, 
TiC formed by the menstruum process in liquid-iron 
solution contains as little as 0.06 wt pct Fe. 


BINARY SYSTEMS 


The most recent determinations of the three binary 
systems are summarized in Fig. 1. Titanium carbide 
(5) is predominant among the binary phases, and it 
melts above the boiling point of nickel. 

The Ni-C binary is based on separate liquid solu- 
bility®’° and solid solubility*® measurements. The 
eutectic temperature, 1328°C, is taken from the 
solidus determination described below. However 
thermal analysis data by Morrogh and Williams’ 
also show eutectic arrests in this vicinity in the ab- 
sence of supercooling. 

The Ni-Ti binary is taken from the work of Poole 
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Fig. 1—Binary systems C-Ni, Ni-Ti, and Ti-C. 


and Hume-Rothery.” An earlier determination” is 
also of interest here, since samples annealed in 
carbon crucibles indicated higher solidus tempera- 
tures for equilibria involving TizNi. 

The TiC binary is based on determinations made 
with cast alloys by Cadoff and Nielsen,** Bickerdike 
and Hughes,” and Nishimura and Kimura.*® Other 
studies of the solubility limits of the 5 phase, made 
by sintering powder mixtures in vacuo”? ™® indicate 
phase boundaries at lower carbon contents than those 
shown above; however, these results may have been 
influenced by oxygen and nitrogen impurities. 


EXPERIMENTAL PROCEDURE 


Preliminary experiments, made by melting mix- 
tures of nickel and TiC powders in zirconia or 
alumina crucibles under inert gas, showed modifica- 
tions in microstructure resulting from contamina- 
tion by oxygen or nitrogen. Graphite flakes were fre- 
quently associated with carbide grains which con- 
tained dark grey or rose colored areas. Solution of 
carbide particles in liquid nickel was inhibited by 
surface contamination, so that interiors of particles 
were dissolved more readily than surface shells. 


Table |. Analysis of Starting Materials 


Nickel Titanium 
Carbon Tic 
Elements A B Cc Sponge Iodide* Rods Powder 
@ 0.014 0.003 0.003 0.001 99.99 19.66 Total 
0.60 Free 
(@) 0.0038 0.0015 0.002 
N 0.00011 0.0006 0.015 0.002 
Si 0.003 0.0075 <0.0045 0.02 0.005 < 0.01 
Ti Nil 79.22 
V 1.0-0.01 
Cr 0.0005 1.0-0.01 
e .035 0.0003 
Co ST 0.10 0.0050 
Ni 99.96 0.0001 < 0.01 
Cu VST < 0.01 0.001 VST < 0.01 
Al VST 0.02 < 0.01 
Mg VST < 0.01 0.00 0.0002 VST < 0.01 
Ga < VST 0.0005 < 0.01 
0.085 


*Iodide Ti analysis typical of similar lots. 
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Table Il. Annealing Times of Solvus Alloys 


Temperature, 


Time, 
Hr 
1265 1 
1200 20 
1100 49 
1000 35 
900 98 
355 
700 400 
600 500 


Consequently, all compositions were prepared by 
arc casting 5 to 40-g buttons on a water-cooled cop- 
per crucible in purified helium. Spectroscopic 
graphite electrodes were used, except for Ni-Ti 


binary alloys made with iodide titanium, which were — 


melted with tungsten. The helium was passed over 
titanium chips at 800°C and activated charcoal at 
-195°C, and pieces of titanium sponge were melted 
in the crucible immediately before the specimens 
were melted. 

Each ingot was turned over and remelted at least 
twice, before it was sectioned and examined metallo- 
graphically for homogeneity. Chips were machined 
from ingots containing more than 60 at. pct Ni, and 
these were analyzed for titanium and carbon. Car- 
bide segregation in most other ternary alloys pre- 
vented accurate analysis, and final compositions 
were estimated from weight losses during melting. 

The starting materials are summarized in Table I. 
Nickel ‘‘A,’’ contributed by the International Nickel 
Co., was used in alloys containing 50 to 95 pct Ni. 
Vacuum-melted nickel (from Vacuum Metals Corp.) 
was used in high-titanium alloys (nickel ‘‘B’’) and in 
studying the solubility in the nickel solid solution 
(nickel *‘C’’). Sponge titanium from Du Pont was used 
in most alloys, although iodide titanium, contributed 
by the Foote Mineral Co., was used in some compo- 
sitions. For comparison, a few ingots were also cast 
using TiC powder from Kennametal. 

An examination for the occurrence of ternary com- 
pounds was made by sealing portions of ingots in an 
evacuated vycor tube, along with some titanium 
sponge, and then annealing 100 hr at 870°C. The 
samples were quenched by breaking the tube under 
water. One-half of each was examined metallographi- 
cally, while the other half was crushed into powder 
for X-ray analysis. 

Solidus measurements were conducted by heating 


Ni 


ytct8 


8 
Fig. 2—Isothermal section at 870°C. Open circles are 
compositions made with sponge titanium; solid circles are 
compositions made with iodide titanium. 


portions of the ingots in purified helium or argon for 
20 to 60 min and water quenching. The samples were 
held in nickel cups or partially reduced, stabilized 
zirconia boats. The temperature directly over the 
samples was measured by a thermocouple, which was 
protected from the atmosphere by a sheath of glazed 


_ porcelain, or quartz below 1200°C. Measured tem- 
peratures were checked with the melting points of 


pure nickel and copper. Accuracy was better than 
+3°C, and determinations on critical compositions 
were reproduced. The presence of quenched liquid 
was identified in the microstructure; surface decar- 
burization did not affect the sample interiors when 
the amount of liquid present was small. 


Table Ill. Carbide Hardness and Lattice-Parameter Data 


Microhardness, Kg per Sq Mm 


Titanium Treatment Other Lattice o 

Source or Anneal Phases Parameter, A 10g Load 10, Diagonal 

TiC Powder As received Cc 4.3271 + 0.0005 N.D. - 

TiC powder As cast y 4.3280 + 0.0005 7000 3000 
Sponge As cast Cc 4.3284 + 0.0005 N.D. = 
Sponge 1260°C Cry 4.3310 + 0.0005 5000 2500 
Sponge 1285°C y + TiNi, 4.3310 + 0.0005 5000 2500 
Sponge 1120°C TiNi, + TiNi 4.3310 + 0.0005 5000 2500 
Sponge 870°C TiNi + Ti,Ni 4.32 +0.01 3400 1800 
Sponge As cast a+ B 4.30 +0.01 1500 1000 
Iodine As cast C 4.3313 + 0.0003* 4600 2800 
Iodide 1245°C TiNi 4.34 +0.02 4500 2200 
Iodide As cast Ti,Ni+ B 4.318 +0.001 3800 2000 


N.D. —Not Determined. 


*This sample contained 0.4 pct Hf and 0.05 pct Zr, as determined by X-ray emission spectra. 
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AY + TiNis 
oX 
TiNi3 
TiNi 
— TiNist TiNi +3 
TiNi + TiNi 
Ti Ni3zt8 
STioNi 
Q 
TigNi +B 
re) 
TigNit+8 O 
TiyNi +B +38 


Table IV. Constant-Temperature Solidus Equilibria 


Binary Temperature, Ternary 
Equillibrium Equilibrium 
L 1455 + 3 L 1307 +3 
y+d 
& 1328 +5 L 1270 + 3 
yt+C y+O+C 
L 1304 +3 L 1295 +3 
y + TiNi3 1304* y+6+ TiNi3 
L N.D. L+6 1390 + 15 
TiNi3 1380* TiNi3 
L 1120 +3 L 1120 +3 
TiNi3 + TiNi 1118* 1115# TiNi3 + TiNi+ 6 
L N.D. L+6 Above 1275 
TiNi 1310* 1240# TiNi 
L + TiNi 985 + 10 L+ TiNi+6 
Ti2Ni 984* 1015# Ti2Ni 
L 940 +5 Uda 980 + 10 
Ti2Ni +B 942* 955# Ti,Ni+ 


N.D. — Not determined. 
* _ Determination by Poole and Hume-Rothery. 
# — Determination by Margolin, Ence, and Nielsen. 


Samples used in determining the solidus in the 
nickel corner were also annealed at 1240°C for 24 hr 
and at 1190°C for 10 hr. The composition of y in 
each specimen was estimated from the temperature 
of a liquid bath in which the sample was barely at- 
tracted to an alnico magnet. 

A more accurate magnetic analysis was used in 
determining the solubility in y at lower temperatures. 
This technique was used instead of X-ray analysis of 
annealed powders in order to minimize the effects of 
surface decarburization. Specimens in the form of 
cylinders, 1/8 in. diam by 1/8 in., were annealed in 
a quartz or vycor bulb, which was continuously evacu- 
ated at pressures below 0.ly. At the end of each 


Fig. 3—Evidence of liquid in Ni-C eutectic alloy water 
quenched from 1328°C; top of specimen may have been 
slightly cooler. Composition: 10 C +90 Ni (at. pet). 
Microhardness: top—320 kg per sq mm; bottom—450 kg 
per sq mm. Bottom grains anisotropic under polarized 
light. FeCl; etch. X100. Reduced approximately 33 pct 
for reproduction. 


130-VOLUME 215, FEBRUARY 1959 


anneal, the bulb was dropped into a solution of iced 
brine and broken. 

At each annealing temperature, two specimens of 
each composition were studied. One had been pre- 
viously annealed for 1 hr at 1260°C; the other had 
been treated 370 hr at 700°C. It was assumed that 
equilibrium had been achieved if both specimens had 
the same Curie point after the anneal. The final 
annealing times are given in Table Il. Although the 
times at 600° and 700°C may have been insufficient 
for complete precipitation of TiC, equilibrium in the 
field (y+ C) was apparently obtained. The data were 
checked by annealing the same cylinders at several 
different temperatures, after which they were dis- 
solved and analyzed for Ti. 

Curie points were determined with apparatus simi- 
lar to that described by Sucksmith.*® A small furnace 
containing the specimen was suspended between 
gradient pole pieces of an electromagnet, and the pull 
on the furnace was measured by an analytical balance. 
Each specimen was positioned in the region of maxi- 


Fig. 4—Composi- 
tion close to quasi- 
binary eutectic, 

5.6 at. pet C + 13.3 
at. pet Ti, quenched 
from 1305°C. 

FeCl, etch. X250. 
Reduced approxi- 
mately 33 pct for 
reproduction 
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Fig. 5—Same as 
Fig. 4, quenched 
from 1308°C. Top 
of sample contain- 
ing undissolved 
TiC at right. FeCl, 
etch. X250. Re- 
duced approxi- 
mately 33 pct for 
reproduction. 


mum field gradient, which was determined with a 
search coil. Temperatures were measured with 
copper-constantan thermocouples in contact with the 
specimen. 

Each Curie point was calculated according to the 
procedure described by Weiss and Forrer.”° Data 
were obtained, both on heating and on cooling, at two 
or more levels of field strength (usually 2100 and 
4620 oersteds.) Uncertainties in the measurements 
and in the graphical extrapolation of data resulted 
in a precision of + 3°C, which corresponds to + 0.1 
at. pct solute. The relationship between Curie point 

and composition of the y solid solution was obtained 


from single-phase compositions. 
In addition to the magnetic measurements, the 


cylinders were studied metallographically on one end, 


which was ground below any decarburized layer. 
Where possible, the lattice parameter of the etched 


surface was also obtained. 
X-ray measurements were made with a General 


Electric XRD-3 high-angle spectrometer, using fil- 
tered copper or chromium radiation. A cos’ 6 extra- 


polation of d values was made for the cubic phases 


Fig. 8—1200°C basal plane projection of 
the solidus in the nickel corner, showing 
analyzed compositions. Heavy long-dash 
lines are estimated projections of the li- 
quidus between eutectic points; short- 
dash lines are the boundaries between 
three-phase fields containing liquid on the 


invariant planes. 


Fig. 6—Composi- 
tion containing 8 
at. pct C + 70 at. 
pet Ti quenched 
from 975°C. Car- 
bide dendrites in 
a matrix of B and 
continous Ti,Ni. 
HF + HNO; etch. 
X250. Reduced 
approximately 33 
pet for reproduc- 
tion. 


Fig. 7—Same as 
Fig. 6, quenched 
from 1010°C. 
Carbide + liquid 
at top; solid Ti,Ni 
at bottom due to 
diffusion from 
nickel cup. HF + 
HNO; etch. X250. 
Reduced approxi- 
mately 33 pct for 
reproduction. 


3 


Metallographic polishing was conducted with dia- 
mond dust in kerosene on the back of photographic 


paper. Microcloth or Miracloth laps were needed to 
remove fine scratches. A solution of 20-g FeCls 
+ 8cc HC1, + 372cc C2HsOH was used to etch the 


Q1455 


nickel solid solution, and the intermetallics were 
etched with 25 pct HF + 25 pct HNOs + 50 pct glycerol. 
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Fig. 9—Vertical section between 20 at. 
pet C and 20 at pct Ti. Squares repre- 
sent two phases; triangles represent 
three phases. Shading in symbols indi- 
cates presence of liquid. 
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Phase identification was aided by microhardness 
data. The standard attachment to a Reichert metal- 
lograph was used, and diamond-pyramid indentations 
were made at 5 to 80-g loads. Plots of log hardness 
versus log indentation diagonal produced straight 
lines, usually with a slope of —1/3, so that the hard- 
ness values could be compared at a constant diagonal 
of 10x. 


ISOTHERMAL SECTION 


A tentative isothermal section through the ternary 
at 870°C is shown in Fig. 2. No ternary compounds 
were found between this temperature and the solidus. 
The titanium corner was not studied, and segregation 
in the castings prevented any determination of the 
high-carbide region. 

Data obtained on the carbide phase are given in 
Table III. The lattice parameter of the carbide co- 


existing with graphite was increased slightly by melt- 
ing in the presence of nickel, although there was no 
indication that the solubility of nickel in TiC is above 
a fraction of 1 pct. It has been suggested*? that a 
similar increase in lattice parameter, observed in 
commercial cermets after annealing for long times, 
is due to interstitial solution of nickel atoms. 

The TizNi phase appears to dissolve a few pct C, 
although the solubility is much less than the solu- 
bility for oxygen (10 at.pct).” This result agrees 
with the work of Kuo,” who was unable to prepare 
the structure at the composition TiaNzC. The X-ray 
pattern of TizNi coexisting with 6 agreed with that 
published by Duwez and Taylor. The lattice param- 
eter of the binary alloy was 11.315A when cast 
from iodide Ti, and 11.343A when prepared from 
sponge. A ternary alloy, prepared from sponge, had 
a parameter of 11.365A after annealing 100 hr at 
870°C. The microhardness was increased slightly by 
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Fig. 10—Vertical section between 7 at. 
pet C and 16.4 at. pet Ti. 
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addition of carbon, from 700 to 900 kg per sq mm. 

No effect of carbon solubility in TiNi could be ob- 
served. At either limit of binary solubility, both 
binary and ternary alloys had the same parameters 
and microhardnesses. As the nickel content in- 
creased from 50 to 57 at. pct, the lattice parameter 
decreased, from 3.01A to 2.97A and the microhard- 
ness increased, from 300 to 780 kg per sq mm. 

No difference was observed between TiNis pre- 
pared from sponge titanium, and that in equilibrium 
with 6. However, pure TiNis prepared from iodide 
titanium had slightly lower d values, was softer 
(660 instead of 880 kg per sq mm), and individual 
plates could be plastically deformed. 


SOLID-LIQUID EQUILIBRIA 


The results of the solidus measurements are 
summarized in Table IV, along with previous data 
for the Ni-Ti binary. The peritectic nature of the 
equilibria involving TizNi and 5 was established, al- 
though oxygen contamination prevented an accurate 
determination of the invariant temperatures. Exam- 
ples of the evidence for liquid formation are given 
in Figs. 3 to 7. 

The solidus in the nickel corner was studied in de- 
tail, since this region is of interest in cermet manu- 
facture. The data are presented in Figs. 8 to llasa 
1200°C basal-plane projection and three vertical 
sections. A quasi-binary eutectic between y and 6 
occurs at 1307°C in a vertical plane which intersects 
the binary at 9 at. pct Ti. The composition of the 
eutectic is about 13 at. pct Ti and 4 at. pct C. Ter- 
nary eutectics involving graphite, at 1270°C, and 
TiNiz, at 1295°C, lie on either side of the quasi- 
binary. 

Since the completion of this work, a thermal analy- 
sis study of the phase relations between Ni and TiC 
has been described by Eremenko and coworkers.”””° 
They concluded that a eutectic exists at 1280°C and 
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Fig. 11—Nickel-rich portion of the vertical section be- 
tween nickel and stoichiometric TiC. Circles refer to 


single-phase compositions. 


9.3 wt pct TiC (81.6 at. pct Ni). Reference to Fig. 11 
shows good agreement, although the section between 
Ni and TiC cannot be treated as a quasi-binary. Both 
solid and liquid nickel solutions can coexist with TiC 
over a range of temperatures in this composition 
range. 

The determination of the y + TiNis eutectic by 
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Fig. 13—Lines of constant Curie point 
and constant lattice parameter in the 
nickel solid solution, showing alloy 
compositions. 


Poole and Hume-Rothery was also published after 
this data had been taken, and the same value (1304°C) 
was obtained. The evidence for placing the y + C 
eutectic at 1328°C is shown in Fig. 3; the evidence 
for melting was a supersaturated, anisotropic solid 
solution, which was not obtained at lower tempera- 
tures. As described earlier, there is also support- 
ing data for this value from work of Morrogh and 
Williams. 


SOLUBILITY IN NICKEL SOLID SOLUTION 


Since the nickel solvus determination was based 
principally on Curie points, the variation of Curie 
point with composition is described in Fig. 12. The 
black circles refer to Ni-Ti binary alloys, which 
were the basis for the ‘‘CALIBRATION”’ curve, 
after correction for carbon content (indicated by 
arrows.) On the same diagram are plotted other data 
for quadrivalent solutes. The white circles labeled 
*‘C”? are data obtained on a Ni-C alloy quenched from 
different temperatures. The other symbols refer to 
published values for Ni-Ti alloys by Taylor and 
Floyd” (‘*T’’) and Marian™ (‘*M’’), Marian’s values 


ATOMIC PERCENT TITANIUM 
3 


Ni 2 4 
\ A A K AK XK AK A 


for Ni-Si (‘*Si’’?) and Ni-Sn (‘‘Sn’’), and Kase’s data 
for supersaturated Ni-C alloys (‘‘K’’).”° Most of 
the data indicates a deviation from the ‘‘IDEAL’’ 
curve, anticipated for an element which contributes 
four electrons to 0.61 d-band vacancies in nickel. 

The subscript ‘‘C’’ refers to data based on the 
difference in temperature between the point of 
steepest slope on the magnetization curve of the 
alloy and that of pure nickel; the subscript ‘‘K’’ 
refers to the same comparison based on the tem- 
perature at which the steepest slope is extrapolated 
to zero moment. The slope of Marian’s curves de- 
creased with increasing alloy content, and the same 
effect was observed in the present work. 

In Fig. 13, the analyzed compositions are shown; 
an alloy close to the ternary eutectic was also 
studied. In addition, the lines of constant Curie point 
and constant lattice parameter, based on the solid- 
solution compositions, are presented. Both carbon 
and titanium affect the Curie point in the same way, 
but carbon increases the lattice parameter about 
twice as much as does titanium. 

The data for the isothermals are illustrated in 


Fig. 14—Solubility of Ti and C in the 
nickel solid solution below the solidus, 
showing data based on Curie points. 
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Fig. 15—Arc-cast 
microstructure in 
a TiC + 20 wt pct 
Ni cermet. FeCl], 
etch. X500. Re- 
duced approxi- 
mately 33 pct for 
reproduction. 


Fig. 14. The solubility of carbon in the nickel lattice 
decreases more rapidly than the decrease in solu- 
bility for titanium upon cooling down to 1000°C. 
Thus, some compositions can pass from a (y + 5) 
field to a (y +5+C) field during cooling below the 
solidus. At low temperatures, graphite is in equi- 
librium with a solution which contains about 1.8 at. 
pct more titanium than carbon. 

The accuracy of the isothermals in Fig. 14 is 
limited by uncertainties in the analyzed composi- 

-tions, indicated by the sizes of the circles, and by 
any bonding between solute atoms during or after the 
quench. The latter effect would remove electrons 
from the nickel lattice and raise the Curie point. 
Some indication of possible error from this source 
was encountered in the more highly alloyed com- 
positions which contained free graphite. After 
quenching from either 1200° or 1260°C, these sam- 
ples aged in the vicinity of the Curie point (140° to 
200°C.) If the samples were kept in liquid nitrogen 
between the time of quenching and the measurement, 
an incubation time of 30 min, or less, was observed 
before aging began. Aging stopped after several 
hours, about 0.1 to 0.3 at. pct solute having been re- 
moved from solution. The Curie point could be cor- 
rected for this aging, and the data at these two 
isothermals were adjusted accordingly. The phenom- 
enon was not observed in other samples, and it 
could not be correlated with any change in micro- 
structure. 

The solubility of TiC in the nickel solid solution 
obtained here differs markedly from that reported 
by Eremenko and coworkers.” On the basis of lattice 
parameter measurements, they concluded that the 
solubility varies from 2.0 wt pct TiC (96.2 at. pct Ni) 
at 700°C to 6.2 wt pct TiC (88.4 at pct Ni) at 1280°C, 
assuming a quasi-binary. However, their solid-solu- 
tion lattice parameters are similar to those observed 
in this study at a much lower solubility limit. For . 
example, at 1250°C, they found an increase of 0.026A 
in the lattice parameter of nickel in equilibrium with 
TiC, at a solubility limit of 5.2 wt pct TiC (90.3 at. 
pet Ni). Our results at 1260°C predict an increase of 
0.027A for a solid solution containing 95.2 at. pct Ni 


(2.5 wt pct TiC) on the vertical section between nickel 


and TiC. 
Interstitial contamination of the solid solution by 

oxygen or nitrogen could cause some discrepancies 

between results in determinations of this kind; how- 
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ever, vacuum-fusion analysis of two of the cylinders 
used in our study yielded only 0.0029 wt pct O and 
0.0004 wt pct N, compared with 0.59 pct C and 3.32 
pet Ti. 

Metallographically, it was observed that the car- 
bide precipitated as a fine dispersion of small par- — 
ticles below 1000°C, while only coarse particles de- 
veloped at higher temperatures. 


CAST MICROSTRUCTURES 


Carbide grain shapes in these alloys are of interest 
from the viewpoint of cermets. Fig. 15 illustrates a 
typical cermet composition as cast; the continuous 
network of carbide dendrites represents an undesir- 
able structure for high strength, although the carbide 
grains are rounded. In the nickel corner, angular 
carbide grains formed from the melt, Fig. 16 and Fig. 
17. However, when the alloys were heated just below 
the solidus, the sharp corners rounded, and the plates 
in the eutectic structure coalesced, Fig. 4. 


SUMMARY 


No ternary compounds exist in the system Ni-Ti-C 
above 870°C; each of the Ni-Ti intermetallics is in 
equilibrium with TiC. Solution of carbon in TizNi is 
only a few atomic percent, but this is sufficient to 
increase the solidus temperature, the lattice param- 
eter, and the microhardness. The solubility of car- 
bon in TiNi and TiNi; is very low in each case. 

A quasi-binary eutectic occurs between TiC and a 
nickel solid solution rich in titanium at 1307°C. 
Ternary eutectics occur on either side, with TiNis at 


Fig. 16—Cast 
microstructure of 
11.8 at. pct C + 
8.4 at. pct Ti; 
close to ternary 
eutectic composi- 
tion. FeCl, etch. 
X350. Reduced 
approximately 33 
pet for reproduc- 
tion. 


Fig. 17—Cast 
microstructure in 
15.3 at. pctC + 8.8 
at. pet Ti; pri- 
mary carbide and 
graphite in matrix 
of carbide eutectic, 


phite, and y. 
FeCl, etch. X350. 
Reduced approxi- 
mately 33 pct for 
reproduction. 
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1295°C, and with graphite at 1270°C. The nickel- 
graphite eutectic is close to 1328°C. 

The solubility of TiC + graphite in nickel varies as 
follows (in atomic percent:) 3.4 Ti + 2.6 C at 1260°C, 
3.1 Ti + 1.2 C at 1000°C, to about 2.0 Ti + 0.2 C at 
600°C. Thus, the binder of a TiC-Ni cermet must 
contain an excess of titanium, or of some other car- 
bide-forming element, if graphite is to be avoided 
during sintering. 
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Cellular Substructure in Zn Crystals Grown from the Melt 


V. Damiano and M. Herman 


C ELLULAR substructure observed in metal crys- 
tals grown from the melt has been studied exten- 
sively’ * and is attributed to the existence of a 
constitutionally supercooled zone in the liquid ahead 
of the solidifying interface. 

The mathematical description of this process has 
been given in terms of the concentration of solute in 
the liquid phase, the rate of solidification, and 
the temperature gradient in the liquid as the only 
variables.° 

This technical note presents some evidence of 
1) the effect of crystal orientation on some aspects 
of cellular growth, and 2) the degeneracy of these 
cells into dislocation arrays. 


V. DAMIANO and M. HERMAN, Junior Members AIME, are asso- 
ciated with The Franklin Institute Laboratories for Research and 
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Technical Note 


The zinc single crystals used in these studies 
were alloyed with cadmium sufficient to produce the 
constitutional supercooled cellular substructure. 
Crystals containing 0.05 pct Cd exhibited substruc- 
ture formation for a growth rate of 10 cm per hr 
and a temperature gradient of 15°C per cm in ac- 
cord with the theory.* The growing liquid-solid 
interface was examined after the liquid had been 
decanted away in a fashion similar to that de- 
scribed by Rutter and Chalmers.” The cellular 
substructure was also observed after polishing and 
etching the surface directly behind the decanted in- 
terface with a solution of HNO, and water. 

Fig. 1 is a photomicrograph of a typical polished 
and etched surface revealing substructure, the 
cleavage plane, and twins. The crystal has been 
grown with its basal plane parailel to the direction 
of growth and the plane of the micrograph is per- 
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<——TWIN TRACES 


"b" STACKING "a" STACKING 


Fig. 1—Constitutional supercooling substructure showing 
two distinct forms of substructure. Basal plane and growth 
axis are both perpendicular to plane of micrograph. X110. 
Reduced approximately 53 pet for reproduction. 


pendicular to the growth axis. Evidence of crystal- 
orientation dependence is seen in the elongation of 
the hexagonal cells in a direction parallel to the 
basal plane. Since each cell represents a projec- 
tion of metal growing into the liquid, the resulting 
elongated cell arises from a more rapid crystal 
growth velocity parallel to the basal plane than 
perpendicular to it. Comparable crystals grown 
with the basal plane perpendicular to the growth 
axis did not exhibit this cell elongation; these 
specimens exhibited a substructure in which the 
hexagons were equiaxed due to symmetric growth 
rates. 

An additional orientation effect was observed in 


(Basal Plane Trace ) 
(a) ; (b) (c) 


STACKING OF ELLIPTICAL COLUMNS ON THE BASAL PLANE 


(Basal Plane Trace) 
(a) (b) (c) 


CORRESPONDING DIFFERENCES IN CELL SHAPE RESULTING 
FROM ABOVE DIFFERENCE IN STACKING 


Fig. 2—Cell shapes observed on surfaces normal to the 
(0001) in zinc. 
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Fig. 3—Array of pits at substructure boundaries revealed 
by etehing in solution described by Gilman.® X700. Reduced 


approximately 53 pct for reproduction. 


the stacking or arrangement of the elongated shaped 
cells. The cells were found to grow adjacent to one 
another in three distinct geometrical patterns. 
These can be described in terms of the three meth- 
ods of packing ellipses, Fig. 2. The only restric- 
tions imposed are that the major axes of the cells 
remain parallel to the basal plane and that the cells 
pack themselves in a regular array. Corresponding 
differences in the type of cell which results is shown 
to be a direct consequence of the way in which the 
cells are packed. The coexistence of the type (a) 
and (b) stacking are shown in Fig. 1. The third type 
(c), Fig. 2, has also been observed in the early 
stages of cell growth. The (a) and (b) type prevailed 
later in the growth process. 

Etching techniques have been employed to study 
sections within the solidified crystal farther behind 
the liquid-solid interface than is shown in Fig. 1. 
These sections, which at one time during growth 
had been a liquid-solid interface, show that the cel- 
lular substructure, originating from constitutional 
supercooling, degenerate into parallel rows of etch 
pits, see Fig. 3. This is observed a few milli- 
meters behind the decanted interface. Since Gilman® 
ascribes similar etch pits in zinc alloyed with cad- 
mium to the presence of dislocations, it appears that 
the arrays observed in the vicinity of the solute- 
rich boundaries are dislocations formed within 
the solidified crystal just behind the liquid-solid 
interface. 
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Stress-Induced Martensitic Transformation 


of Beta Titanium 


Three titanium alloys, known to provide a mechanically un- 
stable B structure after quenching, were selected as material for 
a study of the origin and nature of stress-induced transformation. 
Data from hardness and tensile tests were used to study the ini- 
tiation of martensite and the effect of the transformation and 
transformation products on the mechanical properties of f tita- 
nium, particularly the stress-strain relationships. 

With the exception that the materials investigated showed a 
natural aging reaction in the B condition, their behavior is anal- 
ogous to that of stress-transforming stainless steels, The trans- 
formation starts after initial yielding and is essentially complete 
just prior to maximum loading. Once initiated, the martensite 
itself is capable of propagating the transformation. The deform- 
ing materials show low strength, high ductility, and a high strain- 


hardening exponent. 


In metallic systems which undergo a diffusionless 
transformation on cooling, it is possible to produce 
a similar transformation by plastic deformation 
under special conditions.’ Dewez’ in delineating 
M, temperatures for the titanium-rich end of most 
titanium binary systems, established the point of 
intersection of M, with room temperature for those 
particular alloys. Alloy compositions which would 
quench to mechanically unstable B were established 
from these data. 

The first investigation into the possibility of | 
stress-induced transformation occurring in titanium 
met with little success.* It was concluded that such 
a transformation in titanium was possible only under 
very special conditions. Continued effort in this 
direction, however, showed certain Ti-Mo binaries 
to be highly susceptible to this phenomenon. This 
fact was utilized by Liu‘ to study the habit planes of 
martensite and by Machlin and Wenig’ to study the 
effects of stress and plastic deformation on the 6 
to a prime transformation in titanium alloys. 

The first investigation of the mechanical proper- 
ties of these alloys was conducted by Holden and 
his coworkers at Battelle Memorial Institute.® The 
potentiality of the alloys as sheet-forming material 
was recognized, and the data reappeared in a survey 
of this type of titanium material.” The initial op- 
timism was tempered by the difficulties in obtaining 
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homogeneous Ti-Mo alloys in commercial-size 
ingots. The increasing need for good sheet-forming 
material kept investigation in this direction active, 
resulting in the development of a commercial alloy 
of this type.® 

This study was undertaken to obtain a clearer 
picture of the mechanism of stress-induced trans- 
formation in titanium. 


MATERIALS AND TEST PROCEDURE 


Three alloys were selected for this investigation: 
one a Ti-Mo alloy; another a Ti-Cr-Mo alloy, known 
to deform martensitically; and the third, a Ti-V 
alloy with an M, below room temperature and an 
Mp above room temperature, but known to contain 
w phase in the quenched condition.” The composi- 
tions of these alloys are given in Table I. 

These alloys were cast as 5-lb experimental 
ingots, employing skull melting. The ingots were 
hot-forged into 1-in.-round bars. Two ¥-in.-thick 
slices were cut from each bar for hardness testing; 
the remainder was cut into 0.252-in. tensile blanks. 
The tensile blanks and one hardness disc from each 
bar were heated in salt to a temperature 100°F 
above the £ transus, held 7/2 hr, and brine quenched. 
X-ray analysis showed the pieces to be 100 pct B.* 

*Omega cannot be distinguished from 8 by the technique employed. 
Tensile blanks were machined to size after this 
treatment. To prevent transformation due to 


machining stresses, the shoulders and gage length 
were ground. True stress-true strain curves were 
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Table 1. Composition of Alloys — Actual Wt Pct 


Ti-— 11.4 pct Mo 
Ti-— 5.2 pet Mo—6.1 pct Cr 
Ti-— 16.3 pct V 


determined on a standard 0.252-in. diam tensile 
specimen. A platen speed of 0.004-in. per min was 
employed with continuous loading throughout the 
test. Simultaneous load and test-bar minimum 
diameter measurements were made. True strain 
was calculated as the natural log of original area 
divided by the instantaneous area, and true stress 
calculated by dividing the load by the instantaneous 
area. The heat-treated hardness discs were ground 
to remove scale and Rockwell C hardness taken. The 
second set of discs was sealed in vacuum, heated to 
the same temperature previously used (100°F above 
the 8 transus), held 24 hr, and quenched. This 
treatment was necessary to provide large grains 
for microhardness tests. Microhardness readings 
at low loads are not consistent when indentations 
cross grain boundaries.” After heat treatment, the 
discs were polished to a metallographic finish and 
Knoop microhardness taken at 14 different loads 
from 10 to 3000 g. 

Brokeh tensile specimens were nickel plated to 
protect the edges and fracture surface, ground to 
one-half the original thickness, and metallograph- 
ically polished for microexamination. The macro- 
hardness specimens were ground and polished for 
examination, with care taken to retain a portion of 
the hardness impression. Microhardness specimens 
were returned to the last polishing step after testing 
to eliminate the bulged surface metal and the slip 
lines visible on the surface. 


DATA AND DISCUSSION 


Hardness—Stress-induced transformations fall 
into two categories:" stress-induced martensitic 
transformation may be the primary mode of defor- 


Fig. 1—100 g in- 
dentation in Ti-11 
pct Mo alloy. 
X150. Reduced 
approximately 27 
pet for reproduc- 
tion. 


Fig. 2—200 g in- 
dentation in Ti-11 
pct Mo alloy. 
X150. Reduced 
approximately 27 
pet for reproduc- 
tion. 


mation, or the transformation may be the secondary 
mode of deformation, 7.e., the transformation is 
initiated after normal plastic deformation has 


started. 


Tabor” has shown that it is possible by means of 
microhardness measurements to obtain some basic 
conception of the stress-strain characteristics of 
a metal. If two modes of deformation occur ina 
metal, but at different stresses, it is possible to 
determine their order of occurrence rather simply 


400 
380 
360 
no 
340 
= 
Fig. 3—Microhardness vs applied load A 
for chromium-molybdenum-titanium 320 
alloy. x 
300 
260 
te) 100 
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180 SPECIMEN: Ti-I6V 
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TRUE STRAIN~e (107? IN/IN) 
Fig. 4—True stress-true strain curve for vanadium-tita- 
nium alloy. 


by microhardness indentation with increasing load. 
The results of this type of investigation on the three 
materials show that it is possible, with low loads, to 
form a permanent indentation without producing 
martensite. At higher loads, the indentation shows 
martensite around the impression. The appearance 
of martensite around the impression for the three 
alloys occurs approximately at the point in the load- 


Fig. 5—Microstruc- 
ture of necked re- 
gion of Ti-16 pct 

V tensile bar. 

X100. Reduced 
approximately 27 
pet for reproduc- 
tion. 


hardness curve where hardness becomes independ- 
ent of load. Fig. 1 shows a 100-g indentation in the 
Ti-Mo alloy without martensite, and Fig. 2 shows a 
200-g load indentation in the same alloy. The mar- 
tensite around the indentation is clearly visible. 
These observations demonstrate that plastic defor- 
mation occurs prior to martensite initiation. This, 
in turn, places stress-induced transformation in 
titanium in the second category. A similar explana- 
tion has been given by Angel*® and McReynolds” for 
austenitic stainless steels. 

The microhardness testing gave no abnormal 
change of shape of the hardness load curve, Fig. 3, 
to indicate that the transformation contributed to 
the deformation. 

During the course of microhardness testing, it 
was noted that specimens of both alloys in the f 
condition showed a gradual rise in hardness with 
time. These specimens were put aside and hard- 
ness taken periodically over a period of 125 days. 
A continuous rise in hardness was observed, in- 
creasing from 287 Khn to 330 Khn in 125 days. This 
natural aging phenomenon appears attributable to w 
formation within the quenched material. 

Macrohardness, Rockwell C, testing of these ma- 
terials did not appear to provide useful data. A 
noticeable drift of the machine’s dial needle oc- 


24 Ti-Mo-Cr 


MAX LOAD 
BREAK IN O-€ CURVE oP 
O 
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Ti=Mo 


TRUE STRESS (10° P.S.I.) 


Fig. 6—True stress-true strain curve 
for titanium-molybdenum and titanium- 
molybdenum-chromium alloys. 
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curred after full application of the major load. A 
difference of approximately 10R, was observed be- 
tween the hardness obtained by normal testing 
procedure and that obtained after drifting had 
stopped. Since other titanium materials do not ex- 
hibit this phenomenon, the drift may be attributed 
to the transformation. 

Examination of the microstructure at the base of 
an impression shows a severely deformed area to 
exist approximating the shape of the indenter, sur- 


rounded by an apparently undeformed matrix through 


which martensite plates have propagated. It ap- 
pears, from the drift and the microstructure, that 
martensite continues to propagate around the im- 
pression in unworked areas triggered by the mar- 
tensite plates. The fact that there is a drift on 
macrohardness testing would seem to indicate that 
the transformation is responsible for a portion of 
the total deformation. This is in contradiction to 
the indications of the microhardness tests. 

Stress-Strain Characteristics—Hardness has re- 
vealed much about the characteristics of this trans- 
formation as to its initiation and propagation under 
a constant load. To further analyze its character- 
istics, it is necessary to observe its behavior with 
true stress-true strain testing. 

The true stress-true strain curves for these ma- 
terials could not be treated collectivety; it was ne- 
cessary to analyze each curve separately. 

The curve for the vanadium binary, Fig. 4, an 
alloy known to contain w phase, appears the same 
as that for any w embrittled 8 material. The mi- 
crostructure of the fractured bar, Fig. 5, shows 
evidence of martensite transformation, 35pct 6 and 
65 pct martensite by quantitative X-ray measure- 
ments, employing the technique of Lopata.*> From 
a cursory examination of the stress-strain curve, 
it appears that the transformation has contributed 
little to the mechanical behavior of the alloy, and 
that the presence of w is the controlling factor. 


The above observations are in contradiction to the 


conclusion drawn from the drift during macrohard- 
ness testing. Testing of Mallory Sharon’s 16 vana- 
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dium alloy, to which 2.5 pct Al has been added to 
suppress w formation, shows the same degree of 
transformation as the Ti-V binary, approximately 
67 pct martensite. It might, therefore, be hypoth- 
esized that the transformation acts only as an aid 
to the deformation mechanism, allowing a greater 
amount of elongation than is normal to £8 alloys. 
This might be considered somewhat analogous to 
rotation phenomenon during deformation. The con- 
tribution of the transformation is, therefore, de- 
pendent on the ductility. Where the ductility is 
small, the contribution of transformation will be 
small. 

The molybdenum binary alloy presents a differ- 
ent picture. Analysis of the stress-strain curve for 
this binary in Fig. 6 shows three distinct sections. 
Beyond the yield point there is a short portion of 
the curve which is straight. This is followed by a 
change in slope resulting in a segment with a con- 
tinually changing slope which extends almost to 
maximum load. The curve is again straight from 
this point to fracture. The break points can be 
more easily seen in the log-log plot in Fig. 7. To 
establish the existence and location of the break 
points, the strain-hardening exponent ‘‘n’’ was de- 
termined for each point on the plastic portion of 
the curve. A constant value of ‘‘n’’ was obtained 
for the first and last segments and a continually 
changing value of ‘‘n’’ for the segment between the 
points marked as breaks in the curve. 

Analysis of the curve in Fig. 7 provides a work- 
ing picture of the characteristics of the transfor- 
mation. Based on the shallow slope and small 
increment of strain, the first portion of the curve 
can be attributed to a simple mode of deformation, 
such as easy glide. This could be sufficient to 
activate the transformation. The second portion of 
the curve with its reverse curve shape appears to 
define that portion during which transformation is 
occurring. The gradually increasing slope is in- 
dicative of an increasing degree of transformation. 
Just prior to maximum load the direction of the 
curve changes and it again becomes straight. The 
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Fig. 8—Micro- 
structure of uni- 
formly elongated 
region of Ti-11 
pct Mo tensile bar. 
X100. Reduced 
approximately 27 
pet for reproduc- 
tion. 


Fig. 10—Micro- 
structure of uni- 
formly elongated 
region of Ti-5 pct 
Cr-5 pet Mo ten- 
sile bar. X100. 
Reduced approxi- 
mately 27 pct for 
reproduction. 


change of slope indicates that transformation is 
essentially complete at this point. Since the 
Bridgeman Correction Factor has not been ap- 
plied to the curve, a more definite statement can- 
not be made. With correction, there may be a more 
gradual approach to the new direction, indicating a 
diminishing degree of transformation. The third 
portion of the curve from maximum loading to 
fracture is associated with deformation of the com- 
posite 6-martensite structure. 

The microstructure of the unnecked portion of 
the test bar, Fig. 8, shows almost complete trans- 
formation to martensite. Quantitative X-ray 
analysis of the unnecked portion of the gage length 
gives 85 pct martensite and 15 pct retained 8. The 
neck has no recognizable microstructure, Fig. 9, 
but X-ray diffraction gives the same volume of £ 
and martensite for the neck as for the unnecked 
portion of the gage length. This is further evi- 
dence that transformation is complete prior to 
necking. 

The stress-strain curves for the Ti-Cr-Mo 
ternary are different from those of the Ti-Mo 
binary. The reverse curve and changes of slope 
of the curve for this alloy, Fig. 6, are not as pro- 
nounced and are harder to pinpoint. The breaks 
indicated are more noticeable in the log-log plot, 
Fig. 7. The difference between the two curves to 
shape and slope can be attributed to the amount of 
transformation occurring in the two alloys. X-ray 
analysis of the uniformly elongated region and the 
necked region of tensile bars of the chromium- 
molybdenum ternary shows a volume percent of 
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Fig. 9—Micro- 
structure of necked 
region of Ti-11 

pct Mo tensile bar. 
X100. Reduced 
approximately 27 
pet for reproduc- 
tion. 


Fig. 11—Micro- 
structure of necked 
region of Ti-5 pct 
Cr-5 pct Mo ten- 
sile bar. X100. 
Reduced approxi- 
mately 27 pct for 
reproduction. 


70 pct martensite and 30 pct 8. These values are 
considerably lower than those for the molybdenum 
binary. Since the curvature and changes in slope of 
the stress-strain curves are attributed to the trans- 
formation, then the greater the transformation, the 
more pronounced will be these two features. Thus, 
although these two alloys differ in the extent of 
transformation, resulting in some differences be- 
tween the two stress-strain curves, the operating 
mechanism is the same. 

There are some differences in the microstruc- 
tures of the two materials after deformation. In the 
uniformly elongated region the width and irregular- 
ity of the martensite plates are greater in the Ti- 
Cr-Mo ternary than in Ti-Mo binary, Fig. 10. In 
the necked region the structure is not as badly dis- 
torted for the ternary, as previously noted for the 


molybdenum binary, Fig. 11. Neither of these two 


differences should have any great effect on the 
stress-strain characteristics, however. 

Mechanical Properties—The mechanical proper- 
ties for the three alloys are presented in Table Il. 

The low yield strength and high values of uniform 
strain and ‘‘n’’ for the first two alloys immediately 
indicate the potentiality as sheet-forming material. 

It is interesting to compare these values with 
those of alloys from the same system but with a 
slightly higher alloy content, one with an Mp just 
below room temperature. Such values are available 
from the literature for the Ti-Mo system. The 
values for comparison are presented in Table III. 
Since the data of Ref. 16 below are for iodide-base 
alloys, whereas the data of this report are for 
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Table Il 


5 Pct Cr-5 

11 Pct Mo Pct Mo 16 Pct V 
Ultimate tensile strength 102,500 122,800 139,500 
Yield strength 0.01 offset 69,300 81,200 135,900 
Yield/tensile ratio 0.676 0.661 0.974 
Uniform strain 0.32 0.30 0.05 
Elongation, pct 38 pet 35 pet 5 pet 
Strain at fracture 1.07 0.98 0.08 
Reduction of area, pct 66 pct 63 pct 6.7 pet 
Strain-hardening 0.34—0.44 0.30—0. 36 0.06 


exponent (n)* 


: *First value was taken at maximum load; second value was taken 
just prior to maximum load, at the break in slope. 


sponge-base alloys, values from the same reference 
are presented for an iodide-base Ti-11 pct Mo alloy, 
to show that observed differences in properties are 
not due to the differences in interstitial level be- 
tween iodide and sponge titanium. 

The tensile and yield strengths are approximately 
the same as those of the 11 pct Mo binary, indicating 
that the 8 phase is the controlling factor for these 
values. The elongation of the Ti-11 pct Mo alloy is 
one and one-half times that of the Ti-15 pct Mo al- 
loy; this can be explained as an effect of the trans- 
formation. However, the reduction of area is 
smaller for the transforming alloy, it falls between 
the lower value common to martensitic structures 
and the higher value common to stable soft 8 alloys. 


CONC LUSIONS 


1) Strain-induced martensitic transformation is 
not a primary mode of deformation. It requires a 
small amount of prior plastic deformation to act as 
a nucleator. It starts shortly after initial yielding 
and is essentially complete prior to maximum load. 

2) Once initiated by prior deformation, the mar- 
tensite plates are self-propagating. Under local 
loading, martensite plates in the deformed area 
can propagate into unstrained areas. 

3) The contribution of the transformation to 
plastic deformation appears to be as an aid to de- 
formation rather than provide a measurable portion 
of deformation. 

4) Under specific conditions, mainly thé absence 
of the w phase, materials deforming by means of 
martensite transformation present low strengths, 


Table III 16 


15 Pct Mo 11 Pct Mo 
101,000 100,000 
ASS: 67,000 66,000 
Uniform elong., pct 20 pct 30 pet 
R. A., pet 88 pct 69 pct 
0. 237 0.377 


low yield tensile ratios, and high ductility coupled 
with a high strain-hardening exponent. The presence 
of w does not affect the transformation but does in- 
fluence the mechanical properties. 

5) These alloys show a natural aging phenomenon 
when in the 8 condition, possibly attributable to w 
formation. 
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Electrical Conductivity of Melts in the Systems 


NaCl-ZrCl4 and NaCl-KCl (1:1 molar)-ZrCl4 


L. J. Howell and H. H. Kellogg 


In a previous paper’ the phase diagram and vapor 
pressure of melts in the systems NaCl-ZrCl,, 

KCl-ZrCl,, and NaCl-KCl (1:1 molar)-ZrCl, were 
reported. This note supplements the earlier paper 
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Technical Note 


with the results of electrical conductivity measure- 
ments on NaCl-ZrCl, and NaCl-KCl (1:1 molar)- 
ZrCl, melts. 

The design of the conductivity cell is shown in 
Fig. 1. Tungsten electrodes, A, were sealed into 
the Pyrex cell, C. That portion of the electrodes 
in contact with the melt was covered with a tight- 
fitting platinum cap. The electrodes were sur- 
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Fig. 1. Conductiv- 


A 
ity cell. 


rounded by an ‘‘apron’”’ of Pyrex tubing, B, in order 
to increase the cell constant. Small holes, D, in the 
side of the ‘‘apron’’ served to prevent accumulation 
of gas around the electrode. A Pyrex encapsuled 
Alnico magnet, E, was used to stir the melt when 
coupled with an external rotating horseshoe magnet. 
The pure, anhydrous melts were formed in the con- 
ductivity cell in the same manner as described 
previously. The reader should also refer to the 
earlier paper for details on purity of materials, 
temperature measurement, and so forth. 

The measuring circuit was a carefully shielded 
A.C. Wheatstone Bridge, with an audio amplifier 
and galvanometer used for null detection. Because 
of the low resistance of the conductivity cell it was 
found advantageous to use a noninductive, 500-ohm 
resistor in series with the cell. The resistance of 
the leads and tungsten electrodes was measured at 
the fused-salt temperature, and subtracted from the 
total resistance to yield the resistance of the elec- 
trolytic path (this correction was 3 to 5 pct of the 
total cell resistance), The cell constant was deter- 
mined at room temperature by calibration with 
0.1 demal KCl, and was found to be independent of 
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Fig. 2—Resistance dependence on frequency. 61.4 mol pct. 
ZrCl, in NaCl-ZrCl, melt. 
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the level of liquid in the cell for the range of levels 
used. 

The low cell constant (3 to 4 cm~*) and small area 
of the electrodes made it impossible to eliminate 
polarization of the electrodes. Polarization was 
evident from the fact that the measured resistance 
was slightly dependent upon the frequency of the 
current. It was found that the amount of polari- 
zation could be reduced by passing high-frequency 
(4950 cps) current through the cell for 2 to 3 hr 
prior to making resistance measurements and this 
procedure was adopted for all tests. To minimize 
the effect of polarization on the results, resistance 
measurements were made at four or five carefully 
calibrated frequencies (from 4950 to 20,000 cps) 
and the resistance at infinite frequency was calcu- 
lated by extrapolation at the resulting straight lines 
on a plot of resistance vs Life Fig. 2 shows a 
typical set of results for this extrapolation. The 
resistance at infinite frequency and the measured 
cell-constant were used to calculate the values of 
electrical conductivity. 

The precision of the resistance measurements 
and the calculated value of the conductivity, L, are 
between 1 and 2 pct of the reported values. However, 
because of the uncertain theoretical basis for the 
extrapolation to infinite frequency, the absolute ac- 
curacy of the L values may be no better than +10 pct. 

The calculated values of specific conductivity, 
Lohms~* cm’, are given in Table I, and a few 
representative results are shown in Fig. 3. As 
expected for ionic conduction, L varies directly 
with temperature, with a temperature coefficient 
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Fig. 3—Specific conductivity of NaCl-ZrCl, melts. 
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between 9.5 x and 16.0 x 107* 
per deg C over the composition range studied. 

Unfortunately the range of liquid compositions 
studied is too small to permit evaluation of the 
change in L with composition, at constant temper- 
ature. Such information has been used by Bockris” 
and others to interpret the ionic structure of 
molten salts and slags. The general trend shown 
by the results—that the NaCl-rich melts have 
higher values of L—is consistent with a model of 
the liquid structure which postulates the existence 
of complex negative zirconium ions (ZrCl;, ZrCl§, 
and so forth) and free alkali metal ions. As the 
metal becomes richer in NaCl (or KCl) a greater 
proportion of the mobile Na* (or K*) is present, and 
the conductivity increases. The fact that the value 
of L is almost unchanged between 58.17 mol pct 
ZrCl, and 63.1 pet ZrCl, may indicate a change in 
liquid structure in this composition range, but the 
data are too incomplete to warrant detailed 
interpretation. 

From a practical viewpoint the results prove that 
these low-temperature, ZrCl,-rich melts have con- 
ductivities (0.3 to 0.5 ohm™* cm™*) high enough to 
permit commercial electrolysis. For comparison, 
the conductivity of aqueous CuSO,-H,SO, electro- 
lytes used for commercial copper refining is 0.5 


to 0.7 
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Table |. Specific Conductivity of Melts 


System: NaCl-ZrCl4 System: NaCI-KCl (1:1 molar)-ZrCl4 


Mol Pct 


Mol Pct 

ZrCl4 °c ZrCl4 L 
66.0 337 0.449 65.45 289.5 0.296 
66.0 340 0.452 65.45 291.5 0.298 
66.0 343 0.455 65.45 306.5 0.315 
66.0 346 0.457 65.44 316.0 0.325 
66.0 349 0.460 65.43 330.0 0.342 

65.42 341.0 0.346 
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65.0 326 0.443 65.40 359.0 0.358 
65.0 332 0.451 65.39 368.5 0.368 
65.0 338 0.460 
65.0 346 0.468 63.09 276.0 0.343 
65.0 354 0.479 63.09 294.0 0.375 

63.08 320.0 0.415 
61.4 321 0.440 63.07 342.0 0.447 
61.4 322 0.443 63.05 357.5 0.475 
61.4 329 0.452 63.03 374.5 0.497 
61.4 342 0.471 
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61.4 373 0.500 58.15 330.5 0.425 
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A Thermodynamic Study of the Titanium-Sulfur 


System in the Region TiS}.93 to 


Equilibrium H,S/H, ratios were determined as functions of 


temperature and composition in a hydrogen recirculation appa- 
vatus. A high-temperature solid solution exists in the range 
TiS, to TiS, 5, and a two-phase region from TiS; TS 
Various thermodynamic quantities were calculated from the data. 


Compounps in the titanium-sulfur system have 
not receiyed_much attention in the past, probably 
because they do not occur naturally in the earth’s 
crust. However, titanium-sulfur compounds have 
been used in various metallurgical processes. The 
U.S. Bureau of Mines’ studied the formation of ti- 
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tanium-sulfide mattes from charges composed of 
rutile, pyrite, and carbon, with the resulting sulfide 
matte being chlorinated to form titanium tetrachlo- 
ride. Fishel, Roe, and Ellis” investigated the de- 
sulfurizing action of titanium in steels, and Schwarz 
and Késter® studied the preparation of metallic ti- 
tanium from the sulfide using aluminum and mag- 
nesium reduction. 

The thermodynamic properties of some of the 
compounds present in the titanium-sulfur system 
may prove to be of some use in the consideration of 
future processes using these sulfides, and would 
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show definitely what phases are present in the 
system. 

Very little is known of the thermodynamic prop- 
erties of the titanium sulfides except from the work 
of Biltz, Ehrlich, and Meisel.* These authors 
studied the sulfur pressures of various titanium 
sulfides in the range TiS, . to TiS,. A solid solu- 
tion was found to exist between TiS, ,, and TiS,, and 
a two-phase region was found between TiS, and 
TiS3;. Through X-ray studies, the solid-solution 
range was found to extend to TiS, ,,, with a two- 
phase region between this composition and TiS, 9,. 
At TiS, 44, lines attributed to TiS were observed, — 
extending to the stoichiometric composition, TiS. 

Using the values of Ps given by Biltz ef al., 
Kubaschewski and Catterall’ formulated a free- 
energy equation for the two-phase TiS,-TiS, equi- 
librium. Todd and Coughlin® determined the low- 
temperature heat capacity, entropy at 298.16 °K, 
and high-temperature heat content of TiS,. The 
heat-content measurements covered the temperature 
range 298° to 1010°K. 


EXPERIMENTAL 


To determine the thermodynamic properties of the 
titanium sulfides studied, a hydrogen-reduction 
method was used in which hydrogen was recirculated 
over the heated sulfide until equilibrium was at- 
tained and then the H,S/H, ratio was determined 
by analysis. 

The starting material for this study was titanium 
disulfide, TiS,, prepared by Ebelmen’s reaction 
which proceeds as follows: 


TiCl,(g) + 2H, = TiS2(,) + 4HCl,,) 


Measuring 
hermocouple 


| : Sealing Wax 
>) | Cooling 
W 
Magnet 
j Net ig} fi 
Sulfide 
3 hermocouple 
Analysis |; 33 
!Porcelain 
ube 
elief Trap 
> Sealing Wax 


Fig. 1—Hydrogen recirculation apparatus for attaining 
H,S-H, equilibrium above heated sulfides. 
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Kleffner” studied Ebelmen’s reaction at various 
temperatures and found that at 450° to 500°C TiS, 
is chiefly formed, at 1100° to 1150°C Ti,S, is 
formed, and at lower temperatures TiSCl is formed. 
To reduce the probability of TiSC] formation, a 
temperature of approximately 630°C was chosen. 

After thorough flushing with helium, dried H,S 
was passed through a flask containing TiCl, at about 
120°C. This saturated mixture was then passed 
through a tube furnace at 630°C where the reaction 
took place. The TiS, was deposited as yellow scales 
upon the walls of the furnace tube. After cooling, 
the yellow scales were scraped out, and ground to 
-100 mesh. Any free sulfur in the TiS, resulting 
from the decomposition of H,S was removed by re- 
circulating warm CS, through the sulfide for about 
lhr. It was found that the TiS, contained about 0.2 
pet free sulfur. After purification, the sulfide was 
analyzed by oxidation to TiO, so that the percent 
titanium and sulfur could be calculated. The purified 
furnace product contained 43.72 pct Ti and 56.28 
pct S which corresponds to TiS, ,, All the sulfides 
studied in this investigation were analyzed in this 
manner, and the analyses can be considered correct 
to within 0.2 pct. An X-ray pattern of this material 
agreed with the X-ray data of Biltz and coworkers 
for a sulfide of the same composition. 

The equilibrium H,S/H, ratios were determined 
with the apparatus shown in Fig. 1. The furnace 
employed a Kanthal resistance winding supported 
inside a refractory core. The temperature was 
controlled by a chromel-alumel thermocouple 
placed outside the porcelain furnace tube and the 
temperature of the sulfide was measured with a 
platinum-platinum, 10 pct rhodium thermocouple 
placed inside the furnace tube. It is felt that this 
arrangement gave better temperature control than 
if the controlling thermocouple were placed inside 
the furnace tube. Temperature regulation was es- 
timated to be +2°C, temperature measurement was 
+1°C. The reported temperatures can be con- 
sidered to be accurate to +3°C. 

The exterior portion of the system is constructed 
of Pyrex glass, making extensive use of ground- 
glass joints. The ground-glass joints proved to be 
both vacuum and pressure tight. The pump used to 
circulate the gas mixture is a two-stroke, double- 
acting magnetic piston pump made of Pyrex glass, 
described by Rosenqvist.® A piece of steel tubing 
is sealed inside the piston, and the piston is raised 
and lowered by means of the four moving magnets 
placed outside the cylinder walls. The speed of the 
magnets and hence the rate of pumping were con- 
trolled by a variable-speed torque converter con- 
nected to the magnets through a pulley arrangement. 
Two alundum boats containing P,O, were placed in 
the position shown to absorb any water vapor formed 
from hydrogen reduction of the refractories. 

The crucible containing the sulfide was composed 
of 99+ pet Al,O,, and was supported in the thermal 
center of the furnace by an alundum tube which in 
turn was supported by the lower ground glass joint. 
Thermal diffusion effects were eliminated by caus- 
ing the gas mixture to pass between the thermo- 
couple protection tube and a concentric alundum tube 
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Table I. Equilibrium H,S/H, Ratios Obtained for the Titanium-Sulfur System 


Series No. Temperat ition: i 
perature (°C) H,S/H, Composition: S/Ti Series No. Temperature (°C) H,S/H, Composition: S/Ti 
1 614 0.148 1.590 808 0.00083 
205 0.198 1.580 915 0.0028 
1.568 
1568 1012 0.0063 1.393 
1002 0.184 1.536 11 706 0.00023 1.381 
808 
2 1.535 913 
1.530 
1009 0.0048 1,371 
808 0.071 1.521 12 700 0.00017 1.356 
0 0.076 1.518 799 0.00043 
1003 0.082 1.512 912 0.0014 
so 1002 0.0028 1.354 
0.0072 1.510 13 700 1 
704 0.011 0.508 800 
812 0.017 1.502 900 0.55 1.620 
1.500 
1003 0.037 1.495 ange 
14 516 
4 516 0.0030 1.493 608 008s ey 
608 0.0012 1.490 714 0.149 
709 0.0028 1.485 817 0.170 
798 0.0065 1.481 909 0.181 
017 1.479 100 
1008 0.033 1.476 
17 508 11. 
5 609 0.00034 1.476 509 ree Fass 
706 0.00116 498 2.17 1.887 
808 0.0046 501 2.16 1.890 
0.014 506 1.52 1.857 
1000 0.025 1.465 504 2.09 1.880 
503 1.3 
6 618 0.00035 1.473 507 Pe ee 
704 0.00079 491 4.01 1.895 
802 0.00285 508 0.35 1.762 
907 0.00953 499 0.38 1.780 
1007 0.0212 1.462 503 0.54 1.80 
502 0.12 1.685 
7 617 0.00017 1.451 502 0.045 1.622 
705 0.00067 610 3.43 1.860 
811 0.0027 603 3.52 1.860 
918 0.0093 599 6.00 1.880 
1031 0.022 1.447 598 1.15 1.760 
608 1.86 1.815 
8 617 0.00017 1.436 
703 0.00051 18 1010 0.00082 1.20 
808 0.0021 
913 0.0061 19 1007 0.00088 0.88 
1002 0.014 1.432 1102 0.00123 0.805 
9 617 0.00017 1.419 21 1097 0.00123 1.083 
710 0.00042 
805 0.0012 22 822 0.00039 1.085 
908 0.0038 895 0.00055 1.103 
1002 0.0090 1.414 1012 0.00084 1.108 
10 600 0.00010 1.402 23 917 0.00057 0.84 
710 0.00034 806 0.00037 0.85 


to give adequate preheating, and by maintaining a 
sufficiently high rate of pumping, in this case about 


20 to 25 cc per sec. 


The gases used in this study were supplied by the 
Matheson Co. The electrolytic hydrogen was puri- 


fied by passing through an activated palladium 


catalyst to convert any oxygen to water vapor, fol- 
lowed by drying in an activated 


tower. 


After care had been taken to insure pressure and 
vacuum tightness of the system, from 10 to 20 g of 
sulfide were placed in the alundum crucible. The 
entire system was then evacuated and filled with 
hydrogen. This flushing procedure was carried out 
three to four times to insure the removal of all air 
from within the system. After the final flushing, 
hydrogen was admitted to the system and the furnace 
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alumina drying 


allowed to heat to the desired temperature. To 
allow for the expansion of the hydrogen while heat- 
ing, the hydrogen was allowed to escape through the 
pressure-relief trap. With the furnace at tempera- 
ture and a slight positive pressure of hydrogen in 
the system, the pump was turned on and the gases 
allowed to circulate until equilibrium was reached. 
For gas ratios of 0.1 and above, 12 hr were suf- 
ficient to attain equilibrium, as determined by the 
constant value of the gas ratio for successive 
samples for times longer than 12 hr. For gas 
ratios less than 0.1, 24 hr were found to be 


sufficient. 


When equilibrium had been attained, the gas mix- 
ture was analyzed by means of a Tutwiler burette. 
After evacuation the burette was filled with the gas 
mixture and brought to room conditions. The hy- 
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Fig. 2—Equilibrium gas ratios for the 
titanium-sulfur system in the region 
80 to TiS g0- 


drogen sulfide content was then determined by 
means of iodimetric titration. The amount of hy- 
drogen was obtained by subtracting the amount of 
hydrogen sulfide from the sample volume. The 
ratio of the two volumes gave the equilibrium gas 
ratio. During the course of a run, some sulfur was 
removed from the solid phases as the gas ratio in- 
creased with temperature, causing a change in 
composition of the solid phases. As the results 
were to be plotted on a gas-ratio—composition 
diagram, the composition corresponding to each 
gas ratio had to be known. For sulfides with a low 
gas ratio, the change in composition of the solid 
phases from the beginning to the end of a run was 
small, on the order of 0.1 to 0.2 pct. For this 
reason, it is believed that no appreciable error was 
introduced by assuming that the gas ratio varied 
linearly between the initial and final values. This 
assumption was used for sulfides with a low gas 
ratio. For sulfides with a high gas ratio, the com- 
position of the sulfide changed as much as 3 to 4 
pet during the course of a run. The procedure fol- 
lowed in this case was to make a separate run for 
each temperature studied, obtaining the composition 
of the solid phases. for the determined value of the 
gas ratio. 

The experimental results of this investigation are 
listed in tabular form in Table I and graphically in 
Fig. 2. The isotherms drawn in Fig. 2 were ob- 
tained by interpolation between closely adjacent 
temperatures and give the variation of the equilib- 
rium H,S/H, gas ratio with composition of the sul- 
fide. The region covered experimentally lies be- 
tween the composition TiS, ,, and TiS,,, From the 
data of Biltz et al., isotherms were calculated for 
the two-phase region TiS, and TiS,, and for certain 
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composition ranges slightly below TiS,. As can be 
seen, the isotherm for 1002°C for the composition 
range TiS, ,, to TiS, 7.2 provides a rather smooth 
extension of the 1000°C isotherm as determined in 
this study. 

The isotherms in the region TiS, 5, to TiS, ,, do 
not show the horizontals associated with a two-phase 
equilibrium, but show a continual increase in the gas 
ratio with increasing sulfur content of the sulfide, 
showing the existence of a solid solution in this re- 
gion for the temperatures shown. X-ray patterns 
made at room temperature show, however, the 
existence of the two separate phases TiS, and 
TiS, 59, both having a rather wide homogeneity 
range. At some temperature below 500°C, a mis- 
cibility gap may appear in this solid-solution range 
with the consequent formation of TiS, and TiS, ,, 
as distinct compounds. 

Below TiS, ,., the solid solution extends to a 
composition of approximately TiS, 3,, where the 
isotherms become horizontal. It will be noted that 
the range of solid solution becomes more extensive 
with an increase in temperature, extending to TiS ee 
at 800°C, and extending to TiS, ., at 1000°C. X-ray 
patterns of compositions lying in the range covered 
by the horizontal isotherms were found to be com- 
posed of lines due to the solid solution and lines due 
to the composition TiSp,,.. When attempts were 
made to prepare compositions below TiSo, 4) in 
sulfur content, X-ray lines entirely different from 
those associated with TiS, ,, were observed, show- 
ing formation of a new phase. Also, compositions be- 
below TiSy 4) in sulfur content could not be attained 
by means of hydrogen reduction at 1000°C for as 
much as 24 hr. Because of the foregoing considera- 
tions, the horizontal isotherms are terminated at 
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Table Il. X-Ray Data for Ti,S, 


Relative Intensity Relative Intensity 
1.100 0.05 1.76 

1.120 0.025 1.86 0:30 
1.165 0.18 2.02 0.10 
1.285 0.10 0.10 
1.30 0.27 2.24 0.54 
1,38 0.10 2.47 0.12 
1.45 0.12 2.58 0.68 
1.49 0.46 2.70 0.96 
Si 0.32 2.94 0.20 
1.67 0.18 3.40 0.18 
171: 1.00 3.73 0.68 
1.73 0.18 4.70 0.12 


TiSo.g9- The composition TiS, ,, corresponds to the 
compound Ti,S,, which hitherto has not been reported 
as existing in this system. It is also interesting to 
note that no compound corresponding to TiS is indi- 
cated in the temperature range 800° to 1100°C, be- 
cause no variation in the isotherms appears in this 
region. The determination of the H,S/H, ratios could 
not be carried out below TiS,,,, due to the very low 
values encountered. Shown in Table II are X-ray 
data for the compound Ti,S, (TiS, ,,) as determined 
with Cu k @ radiation. 


THERMODYNAMIC CALCULATIONS 


For the two-phase equilibrium between Ti,S, and 
the solid solution beginning at approximately TiS, ,,, 
the data can be fitted to a straight line by means of 
a log H,S/H2 vs reciprocal absolute temperature 
plot. This plot is shown in Fig. 3 and is for the 
reaction 


a) TiS, 304 x (s) + H2(g) 
= b) TisS,(s) + HS (2) fa] 


where TiS, 35 ;, represents the solid solution 
starting at approximately TiS, 5) 

The straight line shown in Fig. 3 is fitted by the 
equation 


H2S _ -2690 976 (800 — 1100°C) 


log T 


The partial molar-free energy, partial heat of 
solution, and partial entropy of solution of sulfur in 
the solid solution can be calculated from the equi- 
librium data. These partial thermodynamic quan- 
tities will be referred to a standard state for sulfur 
of H,S/H, = 1. The partial molar-free energy of 
sulfur will then be obtained from 


AF, = RT In 
2 


The partial heat of solution and partial entropy of 
solution can then be obtained from the expression 


AF, = AH, - TAS; 


A two-term free-energy equation for AF. can be 
obtained by plotting log H,S/H, vs 1/T for various 
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compositions in the solid solution. In these equa- 
tions, the first term on the right side gives the par- 
tial heat of solution AH, and the second term gives 
the negative entropy of solution -AS,. The values 
for AH, and AS, are the average values over the 
temperature range considered. The results of these 
calculations are listed in Table III. 

In a study of the formation of sulfides from oxides 
and H,S, Bloom? studied the formation of a titanium 
sulfide from titanium dioxide and H,S. In the tem- 
perature range studied, 900° to 1300°C, the forma- 
tion of Ti,S, as a distinct compound was assumed. 
The results of this investigation have shown, how- 
ever, that at these temperatures and at this compo- 
sition, a sulfide that is formed will be part of a 
solid solution. Although the conclusions reached 
by Bloom are in error, the data seem to be accurate 
and consistent. Using the partial pressures of H,S, 
H,, and H,O presented in his investigation, H, S/H, 
ratios were found for temperatures of 900° and 
1000°C by interpolation of the given data. Reference 
was then made to the isotherms for 900° and 1000°C 
given in Fig. 2 and the compositions corresponding 
to the interpolated H,S/H, values determined. The 
interpolated values given below were found to cor- 
respond to the following compositions. 


H,S/H, Composition 
900 0.46 
1000 0.25 TiS, 


Thus it was assumed that the sulfide formed in 
Bloom’s experiments corresponded to TiS,,,,. The 


Table II. Some Partial Molar Quantities 
Associated with the Solid Solution TiS, 


Temperature 


Composition Range AF, (cal) AH (cal) AS, (E.U.) 
TiS, 35 700° to 1000°C ~=©—25400+ 6.55T  —23400 — 6.55 
TiS, 45 700° to 1000°C —27400 + 13.42T —13.42 
TiS, 55 600° to 1000°C -6730 + 2.53T  -6730 =, 2.53 
TaShes 600° to 1000°C -7650 + 6.62T -7650 — 6.62 
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equation that corresponds to the equilibrium data 
given by Bloom is 


3.14 + 0.86 Ho.) + 2 TiO,(5) 
= Ti,S,, 14(s) 4 Hz Ove) 


The same procedure can be used to obtain the com- 
position of the oxide involved in the equilibrium re- 
action, and it was found to be TiO, ,,,. Since the 
free energy of formation of this oxide differs from 
that of TiO, by only several hundred calories, the 
standard free energy of formation of TiO, was used 
in the following calculations with a resultant error 
well within the error inherent in the original data. 

The free energy of reaction of the oxide—sulfide 
equilibrium shown by the previous equation was 
found to be 


AF® = +85,500 — 32.0 T (cal) 

(Accuracy: +2.5 kcal) 
By using this equation and the known free energies 
of formation of TiO,, H,S, and H,O at 900° and 
1000°C, the free energy of formation of Ti,S, ,, 
can be calculated. For the reaction , 


2Ti(s) +1557 S2(g) y4(s) 


AF°900°C 


—152,700 cal. 


AF°1000°C 


-150,460 cal 


The estimated accuracy for these two values is 
+7 keal. 
Since values are now known for the standard free 


(kcal.) 


-AF 


v v 


40 50 60 70 
ATOM PERCENT §S 


Fig. 4—Standard free energy of formation per atom of the 
titanium sulfides formed from Ti and H,S at 900°C and 
1000°C. 
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energy of formation of one of the sulfides in the 
solid solution, it is possible to calculate the stand- 
ard free energy of formation of Ti,S,, which was 
found to be in equilibrium with the solid solution. 
The standard free energy of formation of Ti,;S, may > 
be found from the standard free energy of formation 
of Ti,S, ,, by making a plot of the free energy of 
formation as a function of composition. This method 
has been used by Rosenqvist*® in the treatment of 
the iron, cobalt, and nickel sulfides and the method 
is fully outlined in his paper. A variation of this 
method is used here in that the free energy of for- 
mation of one of the higher sulfides is already 
known, rather than the free-energy change between 
the metal and first sulfide phase. In this construc- 
tion, shown in Fig. 4, the standard state for sulfur 
has been chosen as H,S/H, = 1. The distance from 
the abscissa AF, = 0 to the curve is the free energy 
of formation per atom of the compound, referred to 
the standard state H,S/H, = 1. Applying these 
curves to the composition Ti,;S,, one finds the dis- 
tance to the curve is —29,100 cal. Multiplying this 
by the number of atoms per molecule’ one finds the 
standard free energy of formation of Ti,;S, from Ti 
and H,S to be —261,900 cal per mole, or for the 
reaction 


Z Ts) + = + Hore) 
AF, = —65,475 cal at 1000°C 

and 


AF; = —64,690 cal at 900°C 


For the formation of Ti,S, from Ti and S, vapor 
the reaction is 


Tic.) + = Ti, 
AF; = —144,060 cal at 1000°C 
AF; = —144,840 cal at 900°C 


Considering the many steps necessary to obtain 
these values, the estimated accuracy is +8 kcal. 
These values should not be used in any precise 
thermodynamic calculations, but may be used to 
gain some idea of the-stability of Ti,S, as compared 
to other metal sulfides. 


DISCUSSION 


Since room-temperature X-ray diffraction data 
indicate the two distinct phases TiS, and Ti,S, 
(TiS 1,80) and the high-temperature experimental 
work of this investigation shows a solid solution 
in the same composition range, a low temperature 
miscibility gap in this composition range may be 
postulated. An indication of this miscibility gap 
could be inferred from the work of Todd and 
Coughlin, who found a transition involving no 
isothermal heat absorption but corresponding to 
a maximum in heat capacity at 147°C. If sucha 
miscibility gap does exist and compounds corres- 
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ponding to TiS, and Ti,S, (TiS, ,,) do exist as such 
at low temperatures, then some semblance of order 
could be expected to be retained in the solid solu- 
tion at the composition TiS, ,, at higher tempera- 
tures. 

These considerations may be substantiated in part 
by use of the partial molar values in Table III. For 
1000°K, the values of AH, and AS, are as follows. 


Composition AH, (cal) AS 
23,400 — 6.55 
Tis, ~27,400 ~13.42 

6,730 


The fact that the values of AH, have values other 
than zero indicates the nonideality of the solution. 
If the solution were ideal, the values of AS, would 
steadily become more negative with increasing sul- 
fur content. Inspection of the preceding table in- 
dicates an inflection point between the values for 
TiS, 45 and TiS, ,,. The value of TiS, ,, is again 
more negative than that for TiS, .,. That this in- 
flection point occurs in the vicinity of TiS, ,, would 
seem to indicate at least partial order in the solid 
solution. 

If a more ordered structure is produced in TiS, 
than in TiS, ,,, the sulfur atoms would have more 
definite bonds to form with the titanium atoms, re- 
sulting in a greater evolution of heat as evidenced 
by the more negative value of AH, for TiS, 4. 


SUMMARY 


The equilibrium H,S/H, ratios as a function of 
temperature for titanium sulfides of various compo- 


sitions has been determined. A solid solution was 
found to exist between the compositions TiS, ,, and 
TiS, 39, the low-sulfur boundary varying with tem- 
peratures. The solid solution was found to be in 
equilibrium on the low-sulfur side with a composi- 
tion corresponding to Ti,S,, not previously reported. 
No evidence of the existence of TiS as previously 
reported was found in the temperature range 800° to 
1100°C. 

An equation for the variation of log H,S/H, with 
temperature was derived for the Ti,S, solid-solution 
equilibrium, and various partial molar quantities 
were derived for certain compositions in the solid 
solution. 
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Pressure Required for Transformation Twinning in 


Explosively Loaded Low-Carbon Steel 


D. R. Curran, S. Katz, J. J. Kelly, and M. E. Nicholson 


A series of wedges of 1020 steel (2 1/2 by 6 by 8 in.) 
were explosively loaded, as shown in Fig. 1. A slab of 


explosive on the surface of the steel wedge was initi- 
ated simultaneously along one edge, producing an es- 
sentially two-dimensional oblique shock in the metal. 
Pressure and density in the metal were measured as 
a function of distance from the explosive-metal inter- 
face by a method described elsewhere.’ While for 
pressures below 130 kbars the technique produces 
accurate results, for greater pressures the presence 
of two shock waves in the metal”* makes interpre- 
tation of the data uncertain. However, the location of 
the transition in pressure at 130 kbars can be readily 
identified from the data. The assumption of a single 
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shock in the region above 130 kbars overestimates 
the pressure computed on a multiple-shock model. 

After firing, the wedges were sectioned, lapped, and 
etched with 2 pct Nital. A photograph of an etched 
specimen is shown in Fig. 2. The specimens were 
examined metallographically. The dark region, at the 
top of the specimen, was heavily banded, Fig. 3, while 
the lighter area was comparatively free from band- 
ing, Fig. 4, the boundary between the two regions 
being quite abrupt. The very light regions at an angle 
of about 45 deg to the explosive-metal interface 
show virtually no banding. The origin of these light 
regions, which are not Luder’s bands, is not yet ex- 
plained. 

The thickness of the heavily banded area was 
measured and compared with the pressure at the 
boundary between the heavily and lightly banded re- 
gions. The results of these measurements and cal- 
culations are given in Table I. For all shots, the 
pressure at the boundary is approximately the same 
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Fig. 1—Diagram of experimental arrangement. 


and greater than 130 kbars. The value obtained as- 
suming only one shock is close to 150 kbars. The 
average value for the ratio of thickness of heavily 
banded region ‘‘L’’ to explosive thickness ‘‘D’’ is 
approximately constant for all shots, L/D = 0.54 

+ 0.03. 

Bands in the microstructure of iron, known as 
Neumann bands, have long been recognized as prod- 
ucts of low-pressure shock loading.* These Neumann 
bands have been positively identified as twin bands” ° 


which form by the usual mechanical twinning mechan- 


ism. Similar twin bands are present in the lightly 
banded areas of the above samples. However, the 
large and abrupt increase in band density near the 


Fig. 3—Heavily banded region of specimen 2113—1mm 
from metal-explosive interface. Etched with 2 pet Nital 
X500. Reduced approximately 25 pct for reproduction, 
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Fig. 2—Section of wedge-shaped steel specimen 2113 after 
detonation with 25.4 mm of explosive. Etched with 2 pct 
Nital. X1/2. Reduced approximately 28 pct for repro- 
duction. 


interface at a pressure Somewhat greater than 130 
kbars suggests that the high-density bands are not 
conventional mechanical twins. 

The Hugoniot equation of state” * of iron at room 
temperatures exhibits a marked change in slope at 
about 130 kbars. This has been attributed’ to a 
pressure-induced transformation of a iron (b.c.c.) 
to y iron (f.c.c.). It is suggested that the high- 
density banding in the high-pressure region of these 
specimens was produced by the pressure-induced 
a@- y iron transformation, and the reverse y-a@ 
iron transformation occurring during rarefaction, 
this transformation occurring by a martensitic 
(nucleation and shear) transformation instead of the 
usual nucleation and growth transformation. 

As the pressure wave travels through the speci- 
men, portions of each of the crystals transform 
from their a iron orientation to one of 24 possible 
related y iron orientations. * As the pressure re- 


*This figure comes from the Bowles’ double-shear mechanism of 
martensite formation involving a (225) habit plane. This is reasonable 
since the Bowles mechanism also leads directly to twinning in ferrite 
and austenite. 


Fig. 4—Lightly banded region of specimen 2113—20 mm 


from metal-explosive interface. Etched with 2 pct Nital. 
X500. Reduced approximately 25 pct for reproduction. 
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Table |. Widths of Profusely “Twinned” Edge Zones and Corresponding Pressures 


Pressure* 


Explosive Mean Thi i 

: one in Mm(L) Boundary in Kb Point Point 
1593 12.78 F.0d 0,2 0.55 + 0.02 150 11.3 0.88 
7.0 + 0.2 0.55 + 0.02 150 13.2 1.04 

15.0 + 0.2 0.62 + 0.01 145 25 1.04 

2113 25.4 13.0 + 0.2 0.51 +0.01 155 - 
2614 25.4 12.5:4+ 0.2 0.49 +0.01 155 - 5 
2141 25.4 13.5 + 0.2 0.53 +0.01 152 26 1.02 

*Single shock interpretation 
turns to normal the y iron crystals will trans- transform at once but would go through a system 
form back to a-iron by means of a second mar- of mixed phases.” This means that there would be 
tensite transformation into 24 possible orientations no volume change without increase of pressure, and 
which are related to the y iron orientations. Some the volume corresponding to the beginning of the 
of the newly formed a grains may have transformed heavily banded region would be at a pressure some- 
from y iron, by the same shearing movements what higher than 130 kbars, where the transition 


which produced y iron from a iron, thereby re- begins. 
turning to their initial orientation. In general, how- 

ever, the new grains will have a different orienta- 

tion than they had initially. According to the Bowles REFERENCES 


mechanism all of the a@ grains with the same orien- 18. Katz, D. R. Curran, and D. G. Doran: Hugoniot Equation of State of 


tation will exhibit twin relationships with each other. of Measurement, Submitted for publication, 
The reason that the boundary between the heavily "Bancroft, et ie Ph sics, 1956, vol. 27, p. 291. 

and the lightly banded regions occurs at a pressure Hower 

greater than the transition pressure of 130 kbars Ne rk “SO and E. Rassow: Zeitschrift fur Metallkunde, 1924, vol. 16 

may be due to the nonisothermal nature of the trans- P: fon ae : 

formation. In such a case the material may not all 


Ductility in Beryllium Related 
to Grain Orientation and Grain Size 


The anisotropy of fracture and slip, that is, the brittleness 
and ductility of the beryllium single crystal, is characteristic 
also of polycrystalline beryllium in which the grains are oriented 
in a preferred manner. Beryllium with grain orientations re- 
sulting from hot working either unidirectionally or bidirectionally 
is ductile or brittle in directions given by the anisotropy and ori- 
entation of the grains. Textures developed from various hot- 
working sequences are given, and tensile results are correlated 
with textures. 

Not only texture, but fine grain size is necessary for ob- 
taining high tensile elongation. Ultimate tensile strength and 
elongation are both correlated with grain diameter. Of particular 
interest is the case in which unusually high tensile elongations of 
30 to 40 pct are obtained when basal planes are oriented to carry 


little or no tensile stress. J. Greenspan 


Tue beryllium crystal (of nominal purity) is While extensive slip can occur on the system (1010) 
probably unique among metals with respect to [1120] starting at about 19,000 psi, the (0001) plane 
its unusually acute anisotropy of slip and fracture. is particularly vulnerable to fracture at 4500 psi or 
T. GREENSPAN, Member AIME, is associated with Nuclear Metals, - less. Fracture occurs also on the (1126) plane at 
Inc., Cambridge, Mass. ; about 26,000 psi.*"* Further, there seems to be no 
Manuscript submitted August 22, 1957. IMD. other slip system which contributes significantly to 
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room-temperature ductility. It is clear, then, that 
ductility and strength in polycrystalline beryllium 
should be dependent upon grain orientation and 
stress direction. 

In fact, from many other investigations concern- 
ing mechanical properties of polycrystalline beryl- 
lium, both strength and ductility have been reported 
to be apparently sensitive to texture and micro- 
structure. Some of the literature relevant in this 
regard is by Smegelskas and Barret,* Kaufmann, 
Gordon, and Lillie,” Beaver and Wikle,° Winchell,’ 
Macres,® Klein, et al.,° Greenspan, ond others. 
The following contributes further by giving quanti- 
tative studies of grain orientations as a function of 
several different fabrication sequences. A definite 
relationship is established between tensile proper- 
ties and grain orientation when grain size is fine 
and uniform. Then with data from another group of 
samples where texture is relatively uniform, quan- 
titative relationships are shown between tensile 
properties and grain size. One interesting result 
is the case of high tensile elongation in two dimen- 
sions only. 


PROCEDURES (PART 1) 


A) Fabrication—All fine-grained stock was 
formed from Brush QMV-200 mesh beryllium pow- 
der compacts by hot extrusion, hot pressing, hot 
rolling, and combinations of these processes. Es- 
sentially, beryllium with the following five general 
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Fig. 1—Texture study of beryllium unidirectionally hot rolled. Basal and prism 
orientations for reduction of 5:1 in (a), (a’) and 18:1 in (4), (6'). Rolling direc- 
tion was 0 deg. 


fabrication histories was studied: 1) extruded, 

2) extruded and cross rolled, 3) hot pressed, 4) hot 
pressed and hot rolled unidirectionally, and 5) hot 
pressed and hot rolled bidirectionally. Beryllium 
was jacketed in steel for all hot-working operations. 

For extrusion, beryllium powder was cold com- 
pacted and sealed in 11 gage, 6 in. diam mild steel 
cans. The billet was heated to 1950°F (1066°C) and 
extruded into the shape of a flat 2% in. by *% in. 
Extrusion reduction was 18/1. The steel jacket was 
later removed by dissolving in nitric acid. 

For cross rolling, the extruded flat was cut into 
sections 4 in. long, which were jacketed in mild 
steel by the ‘‘picture frame’’ method. Hot rolling 
was then performed in a direction transverse to the 
extrusion axis. Rolling ‘‘bites’’ were maintained at 
about 20 pct of the existing thickness, and there was 
a reheat to temperature before each pass. The steel 
jacket was later removed by dissolving in nitric 
acid. 

Hot-pressing procedure was the same as that 
given for extrusion except that the die was replaced 
by a blank. The hot-pressed billet was cut into sec- 
tions which were jacketed by the method given above 
in preparation for rolling. Hot-rolling procedure 
was as given above except for the choice of rolling 
directions. 

B) Tensile Testing—Samples, Fig. 7, of known 
direction in the sheet surface, equipped with double 
SR-4 strain gages were tested in uniaxial tension at 
room temperature. Average strain rate was ap- 
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Fig. 2—Texture study of beryllium, extruded and cross rolled at 1900°F (1038°C). Basal and prism orientations for as- 
extruded flat 2 1/2 in. by 5/8 in. (starting material for cross rolling), extrusion reduction 18:1 in (2), (2'), cross-rolling 


reduction 6:1 in (4), (b'), and 80:1 in (ec), (c‘). 


proximately 1 pct per min. Large strains were 
measured with an Ames dial arrangement, and total 
elongations were checked by means of fiducial 
markings on the sample. Reductions in width and 
thickness were measured with a pointed microm- 
eter. 

C) Pole Figures—A Geiger counter spectrometer 
with filtered CrKa radiation was used with samples 
2 in. by 2 in. by 0.040 in. A special goniometer 
was employed which allowed complete pole-figure 
determination without unmounting the sample. The 
central portion of the pole figure, to 60 deg, was 
determined by reflection, and the peripheral portion 
by transmission.**** Intensity determinations were 
made at 10 deg vertical and 15 deg radial intervals, 
but near maxima and other points of interest were 
checked at 5 deg or smaller intervals. A random 
sample of pressed beryllium powder, having a ut 
value equivalent to that of the X-ray sample, was 
taken as a standard for comparison. All intensity 
contours are expressed as multiples of random. The 
_ polar net grid is included as background to pole 
figures to permit ready location of peaks, fringes, 
and other points of interest. Scanning was through 
one quadrant of the polar net, and the remainder of 
the pole figure was filled in on the basis of sym- 
metry considerations. 
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Extrusion direction was 90 deg; rolling direction was 0 deg. 


RESULTS 


A) Texture—1) Unidirectional Hot Rolling at 
1900°F (1038°C)—Fig. 1 is arranged to show texture 
as a function of reduction by a multipass, multiheat 
rolling schedule. Basal pole scatter decreases in 
the working direction and increases in the trans- 
verse direction as rolling reduction proceeds. 
Peaks form on the transverse axis and apparently 
migrate outward with increasing rolling reduction. 
Prism poles become oriented in the working direc- 
tion, with scatter decreasing as reduction increases. 
In Fig. 2(a) the texture of an extruded flat 27 in. by 
% in. is of the same pattern as the texture of the 
unidirectionally rolled sheet in Fig. 1(b), but it is 
carried to a greater degree of completeness. Total 
reductions in samples represented by Fig. 1(6)(b') 
(unidirectionally rolled) and Fig. 2(a)(a') (extruded 
flat) are equal, and in this respect the differences 
in textures are of interest. 

2) Bidirectional Working, Extrusion, and Cross 
Rolling at 1900°F (1038°C)—It is clear from the re- 
sults of the preceding section that the texture pat- 
tern should be variable to a considerable extent by 
working the metal in more than one direction. Par- 
ticularly interesting is the case of extrusion and 
cross rolling, in which rolling is performed in the 
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(b') (c‘) 
Fig. 3—Basal texture study of beryllium, extruded and cross rolled, related to cross-rolling temperature. Cross- 


rolling temperature 1900° F (1038°C) for(a), (6), (c), and 1600° F (871°C) for (a’), (6'), (c'). Cross-rolling reduction 
3:1 for (a), (a'), 6:1 for (b), (6), and 30:1 for (c), (c'). Extrusion direction was 90 deg; rolling direction was 0 deg. 


transverse direction of an extruded flat. Fig. 2 is 
arranged to show the effect of cross-rolling reduc- 
tion on texture when rolling was performed at 
1900°F (1038°C) using a multipass, multiheat roll- 
ing schedule. 

A reduction of 6:1, part (b), Fig. 2, shifts the 
basal pole peak from the periphery of the pole fig- 
ure, part (a), to near 10 deg of the surface normal, 
and scatter is reduced to about 38 deg. On increas- 
ing reduction to 80:1, part (c), the unidirectional 
texture pattern appears to take shape in the rolling 
direction. Prism poles, intensely fibered in the ex- 
trusion direction, part (a), decrease in intensity as 
cross rolling proceeds, part (b), and finally migrate 
toward the rolling direction, part (c). 

The basal plane distribution in part (6), Fig. 2, is 
one where most basal planes are nearly parallel.to 
the sample surface. For convenience in this report, 
this is subsequently called the ‘‘basal plane layer’’ 
texture. In this notation, prism pole positions are 
not specified. 

3) Effect of Rolling Temperature in Cross 
Rolling—Basal plane textures of samples with equiv- 
alent rolling history except for rolling temperature 
are given in Fig. 3. According to this illustration, 
the basal plane layer texture is maintained through 
a greater range of rolling reductions when rolling is 
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performed at 1900°F (1038°C) than when it is done 
at 1600°F (871°C). The reason for this is not clear, 
though among the many complexities involved in hot 
rolling, a relevant factor may be temperature 
changes in the crystallographic deformation mecha- 
nisms, if they occur. In any case, the behavior il- 
lustrated in Fig. 3 is of practical value to the 
fabricator who desires to form basal plane layered 
beryllium by the extrusion, cross-rolling technique. 
4) Bidirectional Rolling of Hot-Pressed Stock— 
The texture resulting from rolling a hot-pressed 
block with random grain orientation in two right 
angular directions is given in Fig. 4(b). The basal 
pole figure differs from that of the extruded and 
cross-rolled sample, Fig. 4(a), chiefly by the ab- 
sence of peaks and their characteristic contours. 
Instead, there is a randomness in radial or azi- 
muthal directions, with a ridge occurring at an 
angle near 20 deg from the surface normal. As 
discussed later, it appears that the most significant 
factor associated with two-dimensional ductility is 
the vertical angle between surface normal and basal 
poles. In this regard, the two types of pole figure 
in Fig. 4 can be roughly resolved for comparison by 
averaging basal pole intensity along lines of latitude 
of the polar net, and plotting this value against its 
angle with the surface normal. When this is done 
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Fig. 4—Textures in beryllium related to two-dimensional ductility. Basal and 
prism orientations for extrusion and cross rolling in (a), (a'), and for hot 
pressing and bidirectional rolling in (6), (b'). In (a), (a') extrusion direction 
was 90 deg and rolling direction was 0 deg. In (b), (b') rolling directions were 
90 deg and 0 deg. In (a), (a') extrusion reduction was 18/1 and cross-rolling 
reduction was 6/1. In (4), (6) rolling reduction was 3.75/1 in both the 0 deg 


and 90 deg direction. 


as in Fig. 5, the two basal pole distributions appear 
nearly alike. It is later shown that tensile proper- 
ties with respect to two-dimensional ductility also 
are nearly alike. It is interesting to compare the 
working reductions involved: that of Fig. 4(a) is 
108:1 (18:1 extrusion with 6:1 cross rolling), while 
that of Fig. 4(6) is 14:1 (3.75:1 rolling in each 
direction). 

The prism pole distribution also, Fig. 4(b’), is 
characterized by a randomness in radial directions, 
though there are traces of peaks in the two rolling 
directions. Prism pole distribution of the extruded 
and cross-rolled sample, Fig. 4(@’), shows hexag- 
onal symmetry, chiefly because the strong (1010) 
texture of extrusion, Fig. 2(@’), still prevails. In 
this respect the grain orientation in Fig. 4(@’) is 
more ordered than that of Fig. 4(0’). 

B) Tensile Tests—1) Extruded and Cross Rolled 
at 1900°F (1038°C)—a) Tensile Elongation—Tensile 
elongation as a function of cross-rolling reduction, 
in Fig. 6, is given separately for directions longi- 
tudinal and transverse to rolling. Extruded stock, 
represented by the initial point of each of the curves, 
has about 12 pct elongation in the extrusion direc- 
tion, but virtually none transverse to this (¢.e., the 
direction in which rolling is to take place). When 
cross rolled to reductions of approximately 5:1 to 
15:1, which is the range identified with the basal 
plane layer texture, ductility is increased in both 
directions to 30 to 40 pct tensile elongation. At 
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greater rolling reductions, ductility declines 
steadily in both directions, as the unidirectional 
texture becomes more prominent. 

The unusually high tensile elongation and excep- 
tionally. good bending ability in samples with opti- 
mum ductility is illustrated in Fig. 7. 

b) Tensile Strength—Ultimate strength, calcu- 
lated on the basis of ultimate load and initial cross- 
sectional area, is plotted as a function of cross- 
rolling reduction in Fig. 8. The anisotropy in 
strength of the extruded flat is clearly shown by 
comparing the initial points of both curves where 
strength in the extrusion direction is about 85,000 
psi, but that in the cross direction is only about 
one-third this value. Cross rolling to reductions 
of approximately 3:1 to 10:1 results in beryllium 
with strength of about 65,000 psi in both directions, 
thereby moderating this strength anisotropy. When 
rolling reductions are further increased, strength 
declines moderately. It is notable that this loss of 
strength is coincident with loss of ductility, Fig. 6. 

Ultimate strength calculated on the basis of load 
at fracture divided by area at fracture, that is, 
fracture strength, is usually greatest in the most 
ductile beryllium. Here, values are of the order of 
90,000 to 100,000 psi. 

c) Plastic Deformation, Reduction in Area, and 
Fracture—In Fig. 7, the tensile sample has, in addi- 
tion to unusually high elongation, a moderate neck. 
This is characteristic of beryllium with tensile 
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Fig. 5—Basal pole distribution with respect to surface 
normal for comparison of textures by extrusion, cross 
rolling, and hot press, bidirectional rolling. Average in- 
tensity (times random) vs angle to surface normal. 
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Fig. 6—Tensile elongation (room temperature) in beryllium 
extruded and cross rolled at 1900°F (1038°C), related to 
cross-rolling reduction and texture. Percent elongation vs 
rolling-reduction ratio. 
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(6) 


Fig. 7—High-ductility beryllium (two dimensional) in ten- 
sion, part (a), and bend, part (4). 


elongations in the 30 to 40 pct range. That for the 
sample shown is 41 pct as calculated from Al/l de- 
rived from fiducial markings at the gage length 
limits of the sample. However, the tensile elonga- 
tion, calculated to be equivalent to the reduction in 
area at the neck, is about 72 pct. This fact is noted 
to illustrate the remarkably good degree of worka- 
bility in the operating slip system (assumed to be 
(1010) [1120]) of this polycrystalline aggregate. 

Fracture in such a case is always wedge-like, and 
by conventional terms can be described as ‘“‘brittle.’’ 
The fracture area consists mostly of (1120) planes 
as indicated by X-ray scan. The (1120) piane is 
known to be a fracture plane in the beryllium single 
crystal. 

In high-ductility samples, reduction in area takes 
place almost exclusively by a reduction in width; as 
indicated by physical measurement of the sample 
before and after the tensile test. Since thickness 
remains virtually unchanged, it is assumed that 
ductility is absent in the third dimension. In view 
of this fact, and the curves of Fig. 6, the term ‘‘two- 
dimensional ductility’’ adequately describes the 
plastic deformation behavior of this case. (It has 
been confirmed”® that testing in only longitudinal 
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Fig. 8—Tensile strength (room temperature) in beryllium 
extruded and cross rolled at 1900°F (1038°C), related to 
cross-rolling reduction. Conventional strength vs cross- 
rolling reduction. 
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and transverse directions is sufficient to detect two- 
dimensional ductility.) 

It is interesting that some of the above-mentioned 
characteristics are different when ductility is lower. 
For example, when the beryllium is incapable of ap- 
proximately 20 pct or less tensile elongation, there 
is no necking. Also, instead of the wedge-type frac- 
ture, the fracture area is usually at right angles to 
the tensile axis. In such cases, the average strength 
is lower, as discussed in more detail in Part II. 

2) Extruded and Cross Rolled at 1600°F (871°C)— 
Fig. 3 has shown differences in texture attributed to 
rolling temperature. It is therefore significant that 
there are also differences in tensile properties. The 
counterparts of Figs. 6 and 8, giving tensile elonga- 
tion and tensile strength, related to the 1900°F 
(1038°C) rolling temperature, are given in Figs. 9 
and 10, respectively, for the 1600°F (871°C) rolling 
temperature. 

a) Tensile Elongation—The data, on the average, 
are characterized by a greater spread in results, 
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Fig. 10—Tensile strength (room temperature) in beryllium 
extruded and cross rolled at 1600°F (871°C), related to 
cross-rolling reduction. Conventional strength vs cross- 
rolling reduction. 
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Fig. 9—Tensile elongation (room temperature) in beryllium, 
extruded and cross rolled at 1600°F (871°C), related to 
cross-rolling reduction. Percent elongation vs cross- 
rolling reduction. 
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so that a trend is less accurately expressed. Nev- 
ertheless, they are best represented by the curves 
of Fig. 9 which show a pattern similar to that of 
Fig. 6, but with peaks lower and narrower. The 
ductility peaks are associated with the basal plane 
texture. 

b) Tensile Strength—The plot in Fig. 10 is of the 
same pattern as that in Fig. 8. However, peak. 
strength is slightly higher (about 70,000 psi as com- 
pared to 65,000 psi) and occurs at lower rolling re- 
ductions (2:1 to 5:1 as compared to 3:1 to 10:1). 
Further, the rate of decline in strength with respect 
to rolling reduction, after the maximum, is somewhat 
greater here than in Fig. 8. 

3) Hot Pressed and Bidirectionally Rolled, 1600°F 
to 1850°F (871°C to 1010°C) —Fig. 5 has illustrated 
a likeness in basal pole distribution of the two types 
of beryllium under consideration. It is therefore of 
interest to compare tensile properties. 

Provided that reductions in each of the two direc- 
tions are equal and at the same temperature, data 
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Fig. 11—Tensile elongation (room temperature) in beryllium, 
hot pressed and bidirectionally hot rolled, related to total 
rolling reduction. Data represents rolling temperatures 
1600° F to 1850°F (871°C to 1010°C). Percent elongation vs 
total rolling reduction. 
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Fig. 12—Tensile strength (room temperature) in beryllium, 
hot pressed and bidirectionally hot rolled, related to total 
rolling reduction. Data represents rolling temperatures 
1600°F to 1850°F (871°C to 1010°C). Conventional strength 
vs total rolling reduction. 


show that tensile strength and elongation are not 
appreciably changed by changing rolling temperature 
within the range 1600°F to 1850°F (871°C to1010°C). 
Furthermore, tensile properties in both rolling di- 
rections are nearly alike. For this reason, two- 
dimensional ductility and two-dimensional strength 
are each best represented by a single curve which 
combines data from both directions, and which 
represents rolling temperatures of 1600°F to 
1850°F (871°C to 1010°C). 

a) Tensile Elongation~ Two-dimensional ductility 
as a function of total rolling reduction is given in 
Fig. 11 where the upper limit of reduction is 14:1 
(3.75:1 in each direction). Hot-pressed stock has 
tensile elongation of the order of 0.5 to 3 pct (pre- 
sumably in all directions).° When bidirectionally 
rolled to reductions of 8:1 to 14:1, two-dimensional 
tensile elongation becomes about 25 pct. Bidirec- 
tional rolling of hot-pressed beryllium therefore 
increases two-dimensional ductility. 

b) Tensile Strength— Ultimate strength calculated 
on the basis of ultimate load and initial cross- 
sectional area is plotted as a function of total rolling 
reduction in Fig. 12. Hot-pressed stock has 
strength of the order of 40,000 psi. When bidirec- 
tionally hot rolled as previously described, strength 
in each of the two rolling directions becomes ap- 
proximately 65,000 to 70,000 psi. The fracture 
strengths corresponding to the latter are 85,000 to 
95,000 psi. Bidirectional rolling of hot-pressed 
beryllium therefore increases its two-dimensional 
strength. 

¢) Plastic Deformation, Reduction in Area, and 
Fracture—These three characteristics are nearly 
analogous to those of basal plane layered sheet 
fabricated by extrusion and cross rolling. 

C) Microstructure—Fig. 13(a) is representative 
of the microstructure of all stock associated with 
the results of the preceding sections. Grain size is 
nearly uniform and of the order of 107° in. The ef- 
fect of grain size on tensile properties is unusually 
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significant and is given in more detail in Part II of 
this report. 


DISC USSION 


A) Ductility and Fracture—When grains are ori- 
ented in a regular fashion, as in Fig. 4, the anisot- 
ropy of deformation and fracture seems to be simi- 
lar to that of the beryllium single crystal. That is, 
the mechanisms of (1010) [1120] slip, (1120) frac- 
ture, and (0001) fracture seem to prevail, and the 
polycrystalline mass behaves nearly as a single 
crystal with the same directional relationship be- 
tween stress and crystallographic poles. In the 
single crystal, the (0001) plane is the most vulner- 
able to fracture, while the only significant source 
for plastic deformation is the (1010) [1120] slip 
system.’ An applied tensile stress, oriented in any 
direction of the sheet surface, is favorably oriented 
to produce slip on the (1010) [1120] slip system, and 
also is favorably oriented to avoid fracture on most 
(0001) planes. (Fig. 14 is a simplified version, that 
is, purely uniaxial, of calculated stress distribution 
on various cross sections of the tensile sample 
which is related to relevant features of the pole fig- 
ure.) This apparently permits considerable plastic 
deformation to take place before fracture occurs. 
Fracture seems to be primarily on the (1120) plane, 
the secondary fracture plane, of the crystallites. 
However, the possibility of basal fracture is also 
present because of the extent of the fringe area of 
the basal pole figure, Figs. 2(b) and 14. 

B) Engineering Limitations of Two-Dimensional 
Ductility— Lack of ductility in the third dimension 
imposes far-reaching limitations on the material in 
an engineering sense. When the metal undergoes a 
uniaxial tensile strain, it cannot adjust in thickness 
but only in width; a transverse contraction must be 
permitted to allow a longitudinal elongation. Any 
attempt to perform simultaneous positive biaxial 
strains should and does result in immediate frac- 
ture. The property of two-dimensional ductility, 
then, is not expected to accommodate complex 
strains of this type. The realization of beryllium 
as a truly ‘‘ductile’’ metal in the conventional sense 
is not attained by two-dimensional ductility. 

It is expected, however, that there is a general 
improvement in engineering properties in the fol- 
lowing ways: 1) the accommodation of simple 
strains, 2) better uniaxial strength, and 3) better 
uniformity in tensile properties, that is, less spread 
in tensile results, than is usual in beryllium. Per- 
haps the ductility of basal plane layered beryllium 
could be best utilized in long narrow sections. 


SUMMARY (PART I) 


A) Basal plane orientation resulting from hot 
rolling is a function of rolling direction, rolling re- 
duction, and rolling temperature, and can be con- 
trolled to a significant extent by controlled hot 
working. 

B) Basal plane layer textures can be formed by 
extrusion and cross rolling, or by hot pressing and 
bidirectional rolling. 
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C) Beryllium with grain size of the order of 107° 
in., and carefully controlled basal plane layer tex- 
ture resulting from extrusion and cross rolling, has 
two-dimensional ductility of the order of 30 to 40 
pet tensile elongation. Beryllium (with approxi - 
mately the same grain size) and with basal plane 
layer texture resulting from hot pressing and bi- 
directional rolling of the order of 14:1 reduction has 
two-dimensional ductility of about 25 pct tensile 
elongation. 

D) Because basal plane layered beryllium does 
not reduce in thickness when plastically deformed 
in tension, it is assumed there is no ductility in the 
third dimension. 

E) The capacity for tensile elongation, provided 
grain size is fine, corresponds in a quantitative way 
to the amount of stress carried by basal planes. The 
same is true of tensile strength. The view is taken 
that, in general, adequate strength is necessary to 
permit high ductility. 

F) Two-dimensional ductility is a ductility of a 
limited nature. It probably does not provide re- 
sistance to fracture induced by many types of com- 
plex stress. However, good resistance to fracture 
is demonstrated under simple stresses such as uni- 
axial tension or bend. 

G) The attainment of two-dimensional ductility 
has: 1) established a link between tensile properties 
of the single crystal and a polycrystalline mass, 

2) confirmed single-crystal studies which indicated 
that the brittleness problem in polycrystalline be- 
ryllium must be associated with single-crystal 
properties, and 3) provided a material for study by 
design engineers which may lead to better beryllium 
‘“‘hardware.’’ 


For future studies of many types, the large pseudo 
crystal of Fig. 2(b) may replace the more difficult 


single crystal. 
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at 1900°F (4)Cast and bidirectionally rolled at 


(c)Extruded and cross rolled at 1600°F 
(971°C) Brush -200 mesh QMV powder, 
inadvertent grain growth. X150. 
Enlarged approximately 8 pct for re- 
production. 


Fig. 13—Micro- 
structures of be- 
ryllium represent- 
ative of data in 
Part II, this report. 
Beryllium was bi- 
directionally 
worked for basal 
plane layer tex- 
ture. 


(d)Cast and bidirectionally rolled at 
1800°F (982°C). X150. Enlarged 
approximately 8 pct for reproduction. 


GENERAL (PART II) 


It is perhaps fortuitous. that in hot-worked beryl- 
lium of —200 mesh powder (Brush QMV) the grain 
size remains relatively fine and uniform. This 
makes possible.the sort of study given in Part I, in 
which the grain size remains reasonably constant. 
However, it is fairly well established that tensile 
properties are also sensitive to grain size. Itis 
the object of Part II to show as nearly as possible 
a quantitative relationship between tensile strength 
and grain size, when the texture is reasonably uni- 
form. The basal plane layer texture was adopted 
for this study. 
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(2)Extruded and cross rolled 
(2038°C) Brush -200 mesh @MV powder. 1475°F (802°C). X150. Enlarged 
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Fig. 14—Calculated stress distribution in tensile sample 
related to angle between tensile axis and various cross- 
sectional planes (simplified). Fraction of applied tensile 
stress vs angle between plane and tensile axis. 1) Peak 
of basal plane layer texture, extruded and cross rolled. 
2) Peak of basal plane layer texture, hot pressed and bi- 
directionally rolled. 3) Spread of basal plane layer tex- 
ture, extruded and cross rolled. 4) Spread of basal plane 
layer texture, hot pressed and bidirectionally rolled. 


PROCEDURES 


A) Fabrication, Tensile Testing, and X-Ray— 
Stock was fabricated, tensile tested, and X-rayed 
for pole figures by methods described in Part I. 
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Fig. 16—Fracture strength in basal-plane layered beryl- 
lium related to equivalent strain at point of fracture. 
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Fig. 15—Fracture stress in basal-plane layered beryllium 
related to grain diameter. 


B) Microstructure—The usual method for ob- 
taining a variety of grain sizes was by controlled 
grain growth of beryllium in which extensive grain 
growth occurs. For this, the starting material was 
either cast or powder (the reason for inadvertent 
grain growth in the latter is not clearly known) 
which was bidirectionally hot rolled at a variety 
of temperatures. A variety of grain sizes is at- 
tained apparently by the influence of rolling tem- 
perature on nucleation and growth rates. The stock 
of fine grain size was that described in Part I. 

C) Grain-Size Measurement—Samples were 
mounted, polished by standard procedure,» and 
photographed in polarized light. Grain sizes, as 
resolved in this way, were measured from photo- 
micrographs of known magnification. 


RESULTS 


A) Microstructure— Fig. 13 shows the range of 
grain sizes encountered, and very briefly, the 
fabrication history believed to be relevant to grain 
size. In relating grain size to tensile properties, 

a “‘most critical possible’’ condition was adopted, 
and where grain size departed considerably from 
uniformity in a given sample, the largest detectable 
grain dimension was taken. 

B) Texture—The texture of fine-grained, bidirec- 
tionally rolled material is given in Fig. 4(b)(b’) of 
Part I. However, as grain size increases, it is 
known that basal pole spread increases.‘ Further, 
when grain size is very coarse, texture is unknown 
because the statistical distribution of grains is not 
sufficient for pole-figure determination. Direct re- 
lationship of tensile properties to grain size alone 
is therefore somewhat clouded in this respect, 
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though it is expected that the importance of texture 
would decrease as grain size increases. 

C) Tensile Strength and Grain Diameter— When 
data from a relatively large number (about 65) of 
tensile samples are collated to show fracture 
strength as a function of the reciprocal of the square 
root of grain diameter, the empirical result is as 
given in Fig. 15. The data are best represented by 
a Straight, sloping line, showing that strength in- 
creases with decreasing grain diameter. 

D) Fracture Strength and Equivalent Strain at 
Fracture Area—When data from all samples, ex- 
cepting extruded stock, of Parts I and II (that is, 
both texture and grain size variables) are collated 
to show, for each tensile sample, the strain equiv- 
alent to that at the fracture area as a function of 
fracture strength, the empirical result is as given 
in Fig. 16. The data are best represented by a 
straight, sloping line showing, in general, the de- 
pendence of ductility on strength. 


DISCUSSION AND SUMMARY (PART Tl) 


A) The empirical relationship, Fig. 15, between 
grain diameter and fracture strength (texture con- 
stant as nearly as possible) shows quantitatively 
the importance of grain size with respect to tensile 
properties. From this it appears that attainment of 
still finer grain sizes would be valuable. 

B) Fig. 15 has interesting associations with crack 
theory of the type described in reference 16, in spite 
of the anisotropy involved. Gross fracture may be 
viewed as transgranular propagation of cracks ini- 
tially equivalent in size to the grain diameter. 

C) The general empirical relationship, between 
ductility and fracture strength, Fig. 16, shows 
quantitatively the dependence of ductility on strength. 
No simple theoretical basis for the straight-line re- 


Electron Diffraction Study of Tempered 


B. S. Lement 


Tue nature of the carbides that form during the tem- 
pering of martensite is a subject of continuing con- 
troversy. The only direct methods of identification 
available are X-ray and electron diffraction. These 
methods are subject to several difficulties. Only a 
relatively few diffraction lines of appreciable inten- 
sity emanate from carbide phases that are formed at 
low tempering temperatures. Furthermore, some 
overlapping of carbide and matrix lines occurs. 
There is also the problem that numerous lines in the 
patterns of possible carbide phases that may be 
present have about the same d-spacings. 

B. S. LEMENT, Member AIME, formerly associated with Department of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. is 
now with the Physical Metallurgy Division of Manufacturing Laboratories, 


Inc., Cambridge, Mass. 
Manuscript submitted June 30, 1958. IMD. 
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lationship is obvious at this time. It is interesting © 
to note that the behavior here is apparently opposite 
that of steel, for example. 
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Low-Carbon Martensite 


Technical Note 


Increasing the number of carbide lines and elimi- 
nating the matrix lines can be accomplished by ex- 
traction techniques. However, there is always the 
possibility that a change in carbide structure will 
occur as a result of removal from the parent matrix. 
Therefore, such techniques as electrolytic extrac- 
tion and making extraction replicas should be checked 
by other methods. 

For identifying small amounts of carbide in a 
tempered martensitic matrix, electron diffraction 
carried out in reflection is more advantageous than 
X-ray diffraction. To properly prepare a specimen 
for reflection electron diffraction, an etchant that 
will selectively attack the matrix and thereby cause 
the carbide particles to stand in relief should be 
used. With an electron beam directed at a grazing 
angle to the specimen surface, the major contribution 
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Table |. Interplanar Spacings of Lines in Electron-Diffraction Patterns of Tempered High-Purity Fe-C Alloy Containing 0.15 Pet C 


Pattern 
Tempered 1 Hr at Temperature Known Carbide Patterns es - 
200°F 300°F 350° F 400°F 450°F 500°F 550°F Cementite Hage Epsilon Iron 
A a A A A A A A A A A 
- - - - - - 222 2.20 - - 
2.05 2.04 2.04 2.04 2.08 2.03 2.03 2 eee 2.07, 2.04 2.07 2.0 
.88 1.84 1.88 1.88 1.84 1.84 = 
- = - - - 1.57 1:59: 1.58 1.58 1.60 - 
1.52 1.52 1.49 1.54 - = - 
- - - 1.34 1.34 1.33 - 
- 1.20 1.20 1.20 1.21 1.21 = 
1.18 1.16 1.17 1.14 1.16 1.14 1.16 1.16 
- - 1.10 1.09 110 113, - - 
- - 1.05 1.05 1.04 1.05 1.06 1.05 = - - 
- - 0.99 0.99 0.96 0.98 0.98 0.99 - - 1.01 


to the diffraction line intensity is made by the car- 
bide rather than the matrix phase because less ab- 
sorption occurs on passing through the partially ex- 
posed carbide particles. Thus, reflection electron 
diffraction makes it possible to detect the presence 
of small amounts of a carbide phase in situ. 

The present investigation was an attempt to identify 
the initial carbide phase that forms on tempering 
martensite formed in a high-purity iron-carbon alloy 
containing 0.15 pct. C. According to the hypothesis of 
Roberts, cementite rather than e-carbide should 
form initially if the carbon content of the martensite 
is below 0.25 pct. However, this does not preclude 
the possibility that formation of the Hagg carbide may 
precede cementite. Therefore, it was considered 
worthwhile to determine if cementite forms directly 
from martensite under conditions which are believed 
to preclude the formation of € carbide. It was hoped 
that distinguishing between Hagg carbide and cement- 
ite would be facilitated by the absence of €-carbide. 


EXPERIMENTAL PROCEDURE > 


The present investigation was carried out on the 
0.15 pet C alloy used in a previous investigation by 
Lement.* Specimens about 1/6 in. in thickness and 
3/8 in. in diam were quenched from 2200°F in iced 
brine at 40°F, refrigerated at —320°F, and then 
tempered at temperatures up to 550° F. According to 
the hardness plot given in the previous reference,” 
the as-quenched hardness (R39) did not change on 
tempering up to about 400° F. The initial decrease in 
hardness, which occurred at about 400° F, was found 
to correlate with precipitation of a subboundary car- 
bide. The formation of elongated films at martensitic 
boundaries as well as fine particles within the mar- 
tensite was observed after a 500° F temper. . 

The tempered specimens for the present investiga- 
tion were prepared for electron diffraction by wet 
grinding off 0.02 in. mechanical polishing using dia- 
mond dust abrasives, and etching for times up to 2 
min in 1 pet nital. Reflection electron diffraction 
was carried out in a RCA Model-B electron micro- 
scope. This was accomplished by the use of a dif- 
fraction lens in place of the regular projector lens. 
The voltage employed was 66 kv which corresponds 
to an electron beam wavelength of about 0.05A. The 
camera constant (product of d-spacing and radius of 


164-VOLUME 215, FEBRUARY 1959 


diffraction line on film) was found by calibration 
with a high-purity @ iron standard to be about 
16.9A-mm. For the range of d-values studied, it is 
estimated that an accuracy of 2 pct or better was 
obtained. 


RESULTS AND DISCUSSION 


The d-spacing of lines found in reflection electron 
diffraction patterns of the as-quenched and tempered 
specimens are given in Table I. For the purpose of 
comparison, possible matching lines (within + 0.03 A) 
representing a iron (or martensite) and three car- 
bide phases as determined by Jack® are included in 
this table. The number of detectable electron-diffrac- 
tion lines in the range of 0.99 to 2.20A increased 
from three after a 200°F temper to eleven after a 
550° F temper. All of the eleven lens in the 550° F 
temper pattern match up with cementite. Two of the 
three lines in the 200° F temper patterns could be 
due to the martensitic matrix since they match up 
with two of the strongest lines of a iron. The occur- 
rence of two additional lines after a 300° F temper, is 
considered to be initial evidence of carbide precipi- 
tation. Based on Table I, it appears likely that 
cementite is the only carbide phase that forms dur- 
ing tempering of a 0.15 pct C martensite. This is in- 
dicated by the fact that all of the lines obtained after 
each temper match up with cementite. Furthermore, 
the number of possible cementite lines increases to 
a marked extent with tempering temperature, where- 
as the number of possible lines due to the other 
phases remain essentially constant. However, this 
evidence for the sole occurrence of cementite can- 
not be considered as conclusive. 

The results of the present work are in agreement 
with the electron-diffraction evidence obtained from 
extraction replicas as reported by Aborn‘* and lend 
support to the hypothesis of Roberts’ that cementite 
rather than e-carbide forms during tempering if the 
carbon content of the martensite is below about 0.25 
pet. Furthermore, cementite appears to be the only 
carbide that forms during the tempering of low- 
carbon martensite. The possibility still exists that 
the Hagg carbide forms as an intermediate stage 
between e-carbide and cementite on tempering 
martensite with a carbon content above about 0.25 pet. 
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The Heat Capacity of Dilute Solutions 


of Chromium in Nickel 


Heat contents of four Cr-Ni alloys were determined ina 


diphenyl ether calorimeter. Aside from ferromagnetic effects, 


R. Hultgren 


Kopp’s law of additivity of heat capacities is approximately fol- 


lowed, in disagreement with earlier results of A. W. Foster. 


In 1934 Foster’ reported heat-capacity measure- 
ments of dilute solutions of chromium in nickel, 
primarily as a study of the effect of alloying on the 
ferromagnetic Curie temperature. He found that, 
apart from the Curie temperature effect, the general 
level of heat capacities was reduced 10 pct by the 
addition of 1 pct Cr; 20 pct by the addition of 2 pct Cr. 
His measurements of pure nickel essentially agreed 
with accepted values. 

These results indicate that small amounts of dis- 
solved chromium cause an increase in the Debye 
temperature of nickel, presupposing a change of 
frequency of interatomic bonding vibrations which is 
much larger than should be expected. If Foster’s 
results were verified, therefore, they would have im- 
portant implications for bonding theory. 

The only other heat-capacity measurements in this 
system seem to be those of Taylor and Hinton,” who 
studied anomalies which they attributed to super- 
lattice formation at 25 at. pct Cr. At temperatures 
above the anomaly, Taylor and Hinton found heat 
capacities at this composition were quite normal, ap- 
proximately obeying Kopp’s law of additivity. 


EXPERIMENTAL WORK 


In order to verify or disprove the remarkable re- 
sults of Foster, the heat contents of four dilute solid 
solutions of chromium in nickel were measured ina 
diphenyl ether calorimeter. This instrument, des- 
cribed elsewhere,* operates on the principle of the 
Bunsen ice calorimeter, but uses diphenyl ether as 
the working substance. Diphenyl ether melts at the 
convenient temperature of 26.9°C and supplies a 
more sensitive measure of heat than ice. 

The hot sample, in an atmosphere of argon, is 
dropped from a furnace at a measured temperature 
into a chamber which is surrounded by a mixture of 
solid and liquid diphenyl ether. The heat from the 
hot specimen melts some of the solid without chang- 
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ing the temperature of the calorimeter. The amount 

of solid melted, and therefore the number of calories 
released by the specimen, is measured from the in- 

crease of volume of the mixture, which pushes mer- 
cury down a graduated capillary tube. 

The apparatus has been standardized against the 
known heat content of pure platinum. Heat loss dur- 
ing the dropping of the specimen was estimated by 
comparing the heat content of an empty platinum 
capsule with a solid platinum ball of the same radius 
and degree of polish of the surface. Repeated tests 
demonstrate the precision of measurement to be 
closer than +0.3 pct. 

Smoothed experimental results are listed in Table 
I. The tabulated values for pure nickel are taken 
from Kelley;* several measurements were made 
which agreed closely with this tabulation. For 
chromium, however, no similar agreement was 
found. The values tabulated were taken from a 
thorough study of chromium with the diphenyl ether 
calorimeter which will be published elsewhere. 

Suitable plots of the data showed the expected fer- 
romagnetic anomalies in the low-chromium alloys, 
while the 11 pct alloy shows no ferromagnetic anoma- 
ly, but a different, small anomaly below 900°K. This 
is perhaps the same anomaly found in CrNi; which 
was once attributed to superlattice formation,” but is 
probably due to some other cause, such as antifer- 


Table |. Heat Contents of Nickel-Chromium Alloys 
H7-H49g. 15 Cal per G-Atom 


At. Pct Cr 

T32K: 0 1.82 2.47 4.38 11.03 100 
400 665 660 665 675 640 590 
500 1380 1350 1360 1380 1300 1190 
600 2180 2150 2130 2090 1980 1830 
700 2940 2880 2860 2820 2690 2490 
800 3690 3620 3580 3560 3420 3180 
900 4440 4370 4320 4320 4240 3900 
1000 5210 5150 5080 5090 5020 4640 
1100 5990 5950 5870 5890 5830 5420 
1200 6780 6750 6690 6710 6660 6220 
1300 7600 7580 7540 7540 7520 7070 
1400 8450 8430 8420 8410 8410 7970 
1500 9320 9290 9300 9300 9330 9000 
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Table Il. Heat Capacities of Nickel-Chromium Alloys 


Heat Capacity, Cy Cal per G-Atom deg 


Deviation from Kopp’s Law ACp 
Cal per G-Atom per deg 


At. Pct Cr 
Kk 0 1.82 2.47 4.38 11.03 100 182 2.47 4.38 11.03 
- 0.07 +0.35 

800 7.44 7.49 Vice? 7.49 TIS, 7.04 + 0.06 0.11 +0. 

900 7.60 7.67 7.49 7.66 8.01 dao + 0.07 -0.10 + a ob 
1000 7.70 7.87 1615 7.88 7.98 7.59 + 0.17 +0.05 + 0.1 
1100 7.85 8.01 8.06 8.08 8.20 7.90 + 0.16 +0.21 + 0.23 5 pee 
1200 8.08 8.17 8.37 8.25 8.46 8.25 + 0.09 +0.29 + 0.16 ae, 
1300 8.35 8.37 8.63 8.49 8.71 8.75 + 0.01 +0.27 + 0.12 
1400 8.60 8.53 8.79 8.79 9.01 9.64 - 0.09 +0.16 + 0.14 + oe 
1500 8.80 8.70 8.90 9.10 9.37 10.84 - 0.14 + 0.05 + 0.21 +0. 


romagnetism, since superlattices were not found by 
neutron diffraction. ° 

Heat-content measurements are not well adapted 
to determining heat capacities in regions where 
heat capacities change rapidly with temperature, as 
at anomalies, so the heat capacities are tabulated 
only at temperatures well above the magnetic Curie 
temperature. 

Table II shows that Kopp’s law is obeyed rather 
well; there is certainly no large drop in Cp at low 
Cr concentrations as indicated by Foster. Results 
are probably accurate to +0.1 cal per deg g-atom; 
the only deviations that exceed this limit are small 
positive ones, particularly in the 11 pct Cr alloy. 


measuring the electrical resistance as the furnace 
was Slowly heated. 

It must have been true that in the first operation, 
heating with measured electrical energy, the re- 
sistance increased faster with temperature than in 
the second, slower heating by the furnace. This may 
have been due to obscure metallographic changes in 
the alloys which did not occur in his sample of pure 
nickel. 


ACKNOWLEDGMENTS 


We are indebted to the National Science Foundation 
and the Office of Scientific Research, U.S. Air Force, 


for financial assistance in carrying out this research. 
We thank Linda Warner for making many of the meas- 
urements and Raymond L, Orr and Philip D. Anderson 


The reason for the large deviation from Kopp’s 
law found by Foster is not clear. His specimens 
were in the form of wires, heated by measured 


electric energy inside a furnace. Measurements of 
the rise in temperature of a wire under such con- 
ditions is difficult. Foster solved it by measuring 
its electric resistance as it was heated. Realizing 
that in ferromagnetic alloys electric resistance is 
a complex function of temperature, he immediately 
after the measurement determined a resistance- 
temperature curve for each sample. This he did by 


for helpful suggestions. 
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Studies of Slugs from Explosives with Lined Cavities: | 


§. Singh, A. Soundraraj, and R. C. Deshpande 


Tue detonation of a high-explosive charge having 
a metal-lined conical cavity (shaped charge) results 
in a fast-moving jet and a slow-moving slug.* * 
Clark and Bruckner’ reported the metallographic 
studies of a cast-iron slug. The present note de- 
scribes the metallographic studies of a copper slug 
and discusses the principle of flow involved. 

The shaped charge consisted of a 5-cm diam 
cylinder of cast high explosive (60-40 RDX-TNT 
mixture) having a 45 deg and 0.16-cm thick copper 
cone. The copper (99.5 pct purity) had a grain size 
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Technical Note 


of 0.06 to 0.08 mm diam and a hardness of 65 to 
75 Hv. These were fired into a deep container of 
water and the slugs were recovered undamaged. 
~The longitudinal and transverse sections of the 
slug were polished, etched, and examined for mi- 
crostructural changes. Macroexamination revealed 
a radial grain flow inwards towards the center and 
a downward component of flow towards the base of 
the slug. Fig. 1 shows schematically the micro- 
structural changes observed on the longitudinal sec- 
tion of the slug. The region D near the apex and 
also along the outer surface of the slug was char- 
acterized by the presence of heavily deformed and 
twinned grains. Some of the grains were having 
bent or crossed twins, Fig. 2. The grain size in 
this region was of the same order as that of the 
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Fig. 1—Sketch of the longitudinal section of a copper slug 
through its axis — A and B are the apex and the base re- 
spectively and AB is the axis of the slug; D heavily defor- 


med and twinned region; C transition region; and R recrys- 
tallized region. N represents region of Fig. 3. PQ, ST, UW, 


and XY are the transverse planes, which have been exam- 
ined. 


original metal in the cone except that the grains 
were heavily deformed. The inner region R of the 
slug showed recrystallized grains. The grains 
were fine (0.006 to 0.008 mm diam) along the 
periphery of this region and increased in size 

(0.01 to 0.014 mm diam) towards the central axis 
of the slug. In this region, multiple annealing twins 
were also observed. The grain size also increased 
slightly towards the base of the slug indicating a 
variable flow process. In between these two regions 
D and R, there was a partially recrystallized zone, 
consisting of fine grains together with deformed 
ones. It seems that a temperature gradient has 
been established in the slug, 7.e., the temperature 
increasing from the outside surface towards the 
center and from the apex towards the base. In 
some samples, cavities having rounded contours 
and resembling blow holes were found to follow the 
flow lines. Their presence suggests that the metal 
might have melted locally. 


At the extreme edge of the base, the recrystallized 


grains were not polygonal in shape but were elon- 
gated, Fig. 3, in the direction of the axis of the slug. 
The microhardness in this region was 85 to 105 Hv.* 


*The microhardness (Hv = Hardness Vickers) was measured with the 
Leitz Durimet microhardness tester, employing a load of 50 g. 


These elongated grains and the appearance of the 
base of the slug suggest the possibility of ductile 
drawing (tensile deformation) between the rear of 
the jet and the base of the slug. It is of interest to 
note that Birkhoff e¢ al.,* postulated that the rear of 
the jet, called the ‘‘after-jets,’’ was formed by ex- 
trusion or ductile drawing from the collapsed slug. 


4 Fig. 3—Photomi- 
<4 crograph of region 
N (illustrated in 
Fig. 1) taken at 0.5 
Bie mm distant from 

the axis of the slug. 
The arrow indi- 
cates the direction 
weiss of the axis of the 

slug. X200. Re- 
duced approxi- 
%3 mately 7 pct for re- 
production. 
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Fig. 2—Photomicrograph of the region D illustrated in Fig. 
1 showing crossed twins. X2000. Reduced approximately 
15 pet for reproduction. 


Pugh et al.,” on theoretical considerations, ruled 
out the possibility of ductile drawing. Recently 
Singh® pointed out that Pugh et al.’s arguments are 
not valid and explained the phenomenon of ‘‘after- 
jet’? by assuming ductile drawing between the rear 
of the jet and the base of the slug. 

Fig. 4 shows a typical hardness (Hv with a load of 
50 g) vs distance curve along the axis of the slug in 
the longitudinal plane. The hardness values (Hv) in 
the deformed, transition, and recrystallized zones 
were 120 to 130, 80 to 120, and 74 to 77, respectively. 
The microstructural and hardness studies along the 
transverse sections completely confirmed the re- | 
sults along the longitudinal plane. 

It seems that a slug has been formed by the col- 
lapsing of the liner-metal towards its central axis 
and by the simultaneous ‘‘variable extruding”’ of 
the metal towards its base. The ‘‘extrusion effect’’ 
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Fig. 4—Typical microhardness vs distance curve plotted 
from data taken along the axis of the slug in the longitu- 
dinal plane. Zero distance corresponds to the apex of the 


slug. 
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increases from the apex to the base and from the 
surface to the center of the slug. The slug forma- 
tion from a cone involves flow of metal subjected to 
intense pressures and temperatures; and it seems 
that treating the liner-metal as a fluid shell in the 
hydrodynamic theory is justifiable. 


ACKNOW LEDGMENT 


The authors are grateful to Professor D. S. 
Kothari, Scientific Adviser to the Minister of 
Defence, for suggesting this investigation and for 


A Note on the Pd-B System 


W. M. Lehrer 


Recent development of high-temperature brazing 
alloys has required information regarding the eutec- 
tic temperature and composition of the Pd-rich sec- 
tion of the Pd-B system. Literature on this subject 
was found to be scanty with no complete system yet 
determined. Buddery and Welch’ report an inter- 
metallic compound occurring in the Pd-B system at 
6.33 wt pct B (PdsBz). Another source, Sieverts and 
Bruning,” indicates that after annealing at 700°C, a 
1.6 and a 2.0 wt pct B alloy were two phase whereas 
a 0.75 pct B alloy was single phase. Recent work® 
using a hot-stage microscope has proposed a eutectic 
temperature of 743°C. This method utilized the ob- 
servation of the onset of incipient melting at grain 
boundaries. The eutectic composition, however, was 
not determined. 


METHODS AND PROCEDURES 


Five alloys were prepared by triple inert arc- 
melting high-purity palladium (99.98 pct) with ad- 
ditions of 2 to 6 pct purified amorphous boron. The 
alloys were crushed within a hardened steel mortar 
with a steel pestle. The 2 pct alloy, however, was 
too tough to be crushed in the above manner so was 
crushed by successive reductions through a rolling 
mill. Approximately 17 to 18 g of the crushed alloy 
was used in the thermal analysis. 

The alloys were melted in pure quartz crucibles. 
The thermocouple protection tubes were also of 
quartz and fused along the inside wall of crucibles 
to prevent floating of the thermocouple. This was an 
expediency as centering of the thermocouple in the 
melt would have been preferable. Melting was done 
in a tube furnace with a slow flow of tank helium 
maintained as a protective atmosphere. Heating and 
cooling rates were maintained at 3.5°C per min 
through the critical temperature ranges by means of 
a synchronous motor hook-up to a furnace controller. 
All specimens were heated to 100°C over the indi- 
cated liquidus on heating prior to reversing to the 
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Technical Note 


cooling cycle. Specimens emerged from the furnace 
with mirrorlike brightness attesting to the protec- 
tive quality of the helium atmosphere. 

Thermal arrests were detected by the differential 
thermocouple technique using chromel-alumel 
couples and nickel as the reference specimen. Ar- 
rests were recorded on a Leeds-Northrup automatic 
X-Y recorder. The specimen temperature and 
temperature difference were read to + 7.5°C and 
+ 1.5°C, respectively. These readings were well 
within the sensitivity of the instrument amplifier. 
Chromel-alumel couples were used in lieu of Pt-Rh 
as very few arrests were contemplated in excess of 
1200° to 1300°C, the approach of instability. No stan- 
dardization was performed on these thermocouples 
subsequent to their use. 


RESULTS 


The thermal arrest temperatures obtained are 
plotted in Fig. 1 as a function of wt pct B. The com- 
position function was obtained by chemical analysis 
of portions of the specimens after the thermal analy- 
sis was completed. The 2 to 6 pct nominal alloys 
were found to have 1.80, 2.35, 3.65, 4.18 and 5.90 
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Fig. 1-The Pd-rich section of the Pd-B system. 
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pet B. Chemical analysis was not conducted for any 
elements other than boron. * 

*The 5.9 pct B alloy was spectrographically analyzed for impurities. 
The results were: Fe—0.2 pct; Mg, Si—< 1000 ppm; Pt —< 400 ppm; 

Ti, Cu, Ba—< 250 ppm; Au, Sn—< 50 ppm. 

Metallographic examination of these specimens did 
much to establish the slope of the hypoeutectic 
liquidus line. At 2.35 pct B massive formations of 
eutectic were evident in a matrix of a soft (380 Dph) 
Pd-B solid solution. The 3.65 pct B alloy was very 
nearly 100 pct eutectic. The small amount of primary 
crystal was found to be nearly twice the hardness of 
the solid solution. This alloy is considered hyper- 
eutectic although very close to the eutectic composi- 
tion. 

The 4.18 pct B alloy defied detection of arrest 
points but metallographically revealed a primary 
phase of sharply angular crystal form, PdsBz, con- 
taining ample amounts of well-defined eutectic. The 
structure was definitely that of a hypereutectic alloy. 
The microhardness readings were the same as those 
obtained for the 3.65 pct B alloy. In the absence of an 
arrest point, the hypereutectic liquidus line in Fig. 1 
is hypothetical. 

The microstructure of the 5.90 pct B alloy con- 
tained three phases shown in a micrograph in Fig. 2. 
This is obviously not the room-temperature equili- 
brium structure in that three phases are clearly 
evident. The white matrix in the micrograph is be- 
lieved to be a heretofore unreported compound, 
PdyBy, whereas the gray areas are Pd3Bz2 in con- 
tact with the eutectic and Pd,B,. The continuance of 
the PdsBz (gray phase) into the eutectic strongly sug- 
gests the nucleation of this phase from the reaction 
of the liquid with the primary crystal, Pd,By. This 
indicates the existence of peritectic reaction in the 
system as shown in Fig. 1. Based upon the massive 
formation of the compound Pd,B, on cooling below 
the liquidus, this unknown compound is believed to be 
very near the composition of the Pd3Bz. Microhard- 
ness tests indicate itis slightly harder than the Pd3Bz 
and extremely brittle. 

The appearance of a thermal arrest at 1007°C for 
this alloy during heating, see Fig. 1, is not to be con- 
sidered as indicative of the temperature of the 
peritectic reaction. This arrest point did not appear 
upon cooling nor in a subsequent thermal cycle. The 
arrest noted has been attributed to the presence of 


Fig. 2—Pd + 5.9 pct B alloy showing the peritectic re- 
action product, PdsBy in a matrix of unknown compound, 
Pd,B,. X1000. Reduced approximately 50 pct for 
reproduction. 


undissolved boron in the arc-melted button. The 
peritectic transformation temperature shown in 
Fig. 1, is hypothetical. 

Included in Fig. 1 is the eutectic temperature ob- 
served by Reinacher and hypothetical solubility limit 
based on the work of Sieverts and Bruning. 


SUMMARY 


From the data gathered, some tentative conclusions 
may be drawn. The region of 3.5 wt pct B can be 
considered the eutectic composition with relative 
certainty. Still in doubt is the value of the eutectic 
temperature which, according to Reinacher and this 
work, lies between 743° and 845°C. In Fig. 1 the 
liquidus line of the hypoeutectic alloys, although not 
exact in slope, is a fair approximation. The hyper- 
eutectic liquidus line, however, has been obscured by 
the peritectic reaction occurring in this region. 

The presence of a third phase in the 5.9 pct B alloy 
clearly indicates an incomplete peritectic reaction. 
Although the composition of the third phase, Pd,B,, 
has not been determined it is assumed to be of only 
slightly greater boron content than PdsBz. 
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Discussion—Institute of Metals Division 


Studies on the Metallurgy of Silicon Iron 


by A. U. Seybolt 


AIME Trans., vol. 212, p. 161 


Lester Guttman (General Electric Research Lab- 
bovatory)—Seybolt has measured the thermodynamic 
activity of silicon in dilute solution in a iron. The 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


anomaly which appears at 800°C in the approximate 
range 1 to 6 wt pct Si is most naturally attributed, as 
Seybolt has done, to the existence of a region of 
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heterogeneity between disordered and ordered phases. 
To confirm this interpretation, I have searched for 
long-range order in alloys containing 3.3 and 4.2 wt 
pet Si. 

The X-ray apparatus consisted of a standard 
General Electric XRD-4 power supply and CA-7 
cobalt tube. The radiation from the tube was mono- 
chromatized by reflection from a plastically bent 
lithium-fluoride crystal.* The alloy specimens, large- 


*The crystal had been bent to radii appropriate for the copper Ky 
line, so that there was some loss of intensity and rather poor focussing 
using cobalt Kg. 


grained sheets, were held in the Bragg position on a 
two-circle goniometer mounted on the table of a 
standard General Electric XRD-3 diffractoineter. The 
diffracted X-rays were detected by a xenon-filled 
Norelco proportional counter, the pulses from which 
were amplified and sent to a pulse-height analyzer 
scaling circuit. 

Since the monochromator also reflects radiation 
from the continuous spectrum whose wavelength is 
0.90A, half that of the characteristic Cobalt Kq, there 
is, as is well known, the possibility of confusion 
between a weak superlattice reflection, say (100), and 
the fundamental reflection (200) of the half-wavelength 
X-rays. This possibility cannot altogether be elimin- 
ated by pulse-height discrimination, because the two 
peaks overlap somewhat. The customary method of 
eliminating \/2 is to operate the X-ray tube at a peak 
voltage less than that necessary to produce this wave- 
length. It was soon found, by pulse-height analysis of 
the radiation diffracted at (100) of a disordered sam- 
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ple, that even when the tube was operated at 12 kv 
peak, there was a measurable intensity of X-rays of 
wavelength 0.90A(14 kev energy). Since the voltmeter 
calibration was found to be correct, the cause prob- 
ably was wave-form distortion in the X-ray power — 
supply. The data presented below were all obtained 
at 12 kv nominal operating voltage, which was the 
maximum at which the pulse-height discrimination 
was sufficient to eliminate a spurious (100) reflection. 
There was, of course, a considerable loss of inten- 
sity at this low voltage. 

The orientation of a selected grain in each sample 
was determined first from a back-reflection Laue, 
and then with improved accuracy when mounted on 
the two-circle goniometer. With the grain oriented 
to give maximum intensity at the Bragg angle for a 
(200) reflection, the diffractometer was rotated 
through the angular region around (100), and the in- 
tensity measured at numerous points. The results 
are shown in Fig. 6 for a sample containing 3.3 wt 
pet Si, and Fig. 7 for a 4.2 wt pct specimen. The 
error limits shown are standard deviations calcu- 
lated from the measured number of counts. 

A superlattice reflection is evident in Fig. 7, and 
absent within the 3 pct standard deviation in Fig. 6. 
Pulse-height analysis of the X-rays diffracted at the 
maximum from the 4.2 pct alloy showed that less 
than 0.1 count per sec could have come from the A/2 
component, while the height of this peak is about 0.5 
count per sec above background. The breadth of the 
superlattice reflection is greater than can be ac- 
counted for by the divergence of the incident beam, 
and may be connected with the presence of small 
antiphase domains. A further long annealing heat 
treatment of the specimen did not perceptibly 
sharpen the superlattice reflection or increase its 
intensity. 
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Fig. 7—X-ray scattering from 4.2 wt pct Si-Fe. 
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The absence of the superlattice reflection from the 
3.3 wt pct sample is somewhat disturbing, since it 
had been annealed in the ordering range after cold 
work. Whatever the reason for this absence, how- 


ever, it seems safe to conclude that a stable phase ; 
with long-range order can be formed in alloys con- 
taining as little as 4.2 wt pct Si. 


The Solubility and Activity of Titanium in Carbon-Saturated Iron 


by F. D. Delve 


AIME Trans., vol. 212, p. 183 


H. L. Bishop (Allegheny Ludlum Steel Corb.)—The 
paper by Delve discusses experimental results ob- 
tained when equilibrating titanium-containing 
molten-iron melts in a graphite crucible. Results 
are reported which are felt to represent the solu- 
bility of titanium carbide in the presence of each 

of the gases: argon, carbon monoxide, and nitrogen. 
Undoubtedly, the’ equilibrium conditions are rather 
difficult to establish experimentally, due to the oc- 
currence of the solid constituents such as carbides, 
nitrides, or titanium carbonitride which may be sus- 
pended within the liquid melt. 

Delve reports both acid-soluble and total titanium 
contents for the composition of the melts. The acid- 
soluble content is considered to represent the solu- 
bility of titanium at 1500°C which for argon and 
carbon-monoxide atmospheres averaged about 0.28 
pct and about 0.15 pct for a nitrogen atmosphere. 

The total titanium content, however, varied from 
0.24 to 2.0 pct. 

In view of the experimental work by Buttinghaus, ° 
it appears that the titanium solubility values reported 
by Delve are low. Buttinghaus studied the high-iron 
end of the iron-titanium-carbon system. For illus- 
tration purposes, two figures taken from his work are 
presented in Figs. A and B. 

Fig. A is a vertical section of the binary system at 
0.3 pct Ti. Although this figure is not established ex- 
perimentally for carbon levels above about 3 pct C, it 
suggests that carbon-saturated melts containing 0.3 


pet Ti at about 1500°C would not be saturated with 
TiC. Similar figures presented by Buttinghaus for 
0.7 and 1.2 pct Ti indicate that most likely titanium 
carbide would not be a stable phase at 1500°C. These 
figures suggest, however, that cooling a test sample 
to less than about 1150°C would be expected to result 
in the precipitation of TiC. 

Fig. B is an isothermal section of the high-iron end 
at 1100°C. Point ‘‘X’’ in this figure represents the 
composition of y iron in equilibrium with TiC and 
Fe3C. It is to be noted that this value (about 0.25 pct 
Ti) is very close to the solubility value reported by 
Delve. Thus, titanium in excess of this amount in 
Delve’s melts probably precipitated during cooling of 
test samples. It is not intended to infer that titanium 
was rejected only from the melt at 1100°C, but most 
likely TiC precipitated over a temperature range. 
Buttinghaus’s results suggest that the change in 
titanium content in solid solution in y iron with tem- 
perature is very smail. Thus, even though TiC pre- 
cipitated over a fairly wide temperature range, the 
acid-soluble titanium content did not vary to any 
great extent. 

Buttinghaus’s results indicate that the higher values 
reported by Delve more nearly approach the true 
solubility of titanium carbide in carbon-saturated 
iron. Since there is considerable disagreement be- 
tween the two studies, possible further work is war- 
ranted in order to definitely establish the equilibrium 
conditions in carbon-saturated melts. It is recom- 
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Fig. B—Isothermal section through the Fe-Ti-C system 
at 1100°C. (Buttinghaus!). 


mended that the addition of titanium be made after 


the metal is molten, rather than adding it as a powder. 


Delaying the titanium addition would minimize the 
tendency for formation of TiC on heating, which 
might require a considerable holding time at tem- 
perature to decompose and reach equilibrium. 

It is further suggested that a metallographic ex- 
amination be made of test samples reported. If TiC 
is present in finely divided form, the compound prob- 
ably formed during cooling. However, if the particle 
size of TiC is randomly distributed, including large 
as well as small carbides, then most likely a portion 
of the total titanium analyzed is due to the presence 
of suspended particles of titanium carbide. 

In the foregoing, the discussion has been limited to 
a titanium-iron-carbon system, but it is felt that a 
system containing nitrogen would be susceptible to 
the same or even greater experimental difficulties. 
F. D. Delve (Author’s reply)—I wish to thank Dr. 
Bishop for his constructive discussion of my paper. 

As Bishop points out, the work of Buttinghaus does 
not extend beyond the 3.0 pct C value in iron and I 


feel that extrapolation of the data to cover the hy- 
pereutectic side of the iron-carbon phase diagram is 
not justified. From Fig. A in Bishop’s discussion, it 
can be observed that the carbon saturation value of 
5.4 pet occurs at a temperature of about 1280°C 
(2336°F). I found that in a titanium-free melt of car- 
bon-saturated iron, 5.4 pct C was the solubility limit 
at 1600°C (2$12°F) and this value is corroborated by 
work done by Chipman ef al. I find it very difficult to 
accept the possibility that the addition of 0.3 pct Ti 
(Nz; = 0.0029) toa carbon-saturated iron melt will 
reduce the liquidus temperature 320°C (576°F) as 
suggested by Buttinghaus. It is not felt that Butting- 
haus’s extrapolated data provide a proper basis for 
this conclusion. 

In Fig. B, Bishop refers to the point ‘‘X’’ which 
represents the composition of y -iron in equilibrium 
with TiC and FesC, and he infers that the titanium 
solubility reported in my paper is indicative of the 
equilibrium titanium solid solubility shown in this 
isothermal section. I have to disagree with this 
premise because I feel that the rate of cooling of the 
samples was fast enough to preclude such behavior 
and certainly was fast enough to prevent the solid 
phase from attaining equilibrium. 

Bishop’s point about delaying the addition of 
titanium until after the metal was molten is discussed 
in the paper. In heats T-30 and T-36, titanium was 
introduced into the melt by the reaction of melt car- 
bon with TiOz in TiOz-bearing slags. Naturally, this 
reaction will not take place readily until both the slag 
and metal are molten. In heat T-30, the total titanium 
was allowed to increase to 1.15 pct, but the acid- 
soluble titanium value remained at about 0.28 pct. 

I did not do any elaborate metallographic work 
during this investigation and I cannot provide Bishop 
with any details on carbide particle distribution. 
When additional work is conducted, however, I intend 
to devote some time to the metallographic examina- 
tion of the quenched samples. 

I hope that this initial work will stimulate further 
work on the Fe-C-Ti system. 

3A. Buttinghaus: The Iron End of the Iron-Titanium-Carbon System, Tech- 


nische Mitteilungen Krupp A, Forschungsberichte, 1938, 67-78. (Brutcher 
Translation No. 631.) 


Uranium Columbium Alloy Diagram 


by B. A. Rogers, D. F. Atkins, E. J. Manthos, and M. E. Kirkpatrick 


AIME Trans., vol. 212, p. 387 


P.C. L. Pfeil, J. D. Browne, and G. K. Williamson 
(Metallurgy Division, Atomic Energy Research 
Establishment, Harwell, Berkshire, England) —The 
results described in this paper are in general agree- 
ment with ours.” 

We prefer to draw the Cb-rich side of the misci- 
bility loop at 68 +2 at. pct (45 +2 wt pct) and 650 
+5°C rather than at 51.5 41.5 wt pet as in Fig. 2. 
Such a position is indicated by our X-ray parameters 
and also by the results given in Table IV. On the 
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uranium-rich side our results (both metallographic 
and X-ray) suggest a sigmoidal shape. 

Our X-ray data for y alloys agree well except at 
10 wt pct Cb where we observed a parameter 0.011A 
larger. Our results extrapolate on an at. pct plot to 
3.51A for y U at room temperature as do Dwight’s” 
recent results on uranium-molybdenum. 

Our metallographic evidence places the monotec- 
toid temperature between 645° and 655°C in agree- 
ment with Rogers e¢ al., and, though unworked y 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


specimens did not decompose at 635°C during 12- 
week anneals, worked specimens did. However we 
do not accept that 8 decomposes eutectoidally, since 
the evidence we obtained on the solubilities of co- 
lumbium in uranium, namely, 1.1 to 1.3 at. pct (0.43 
to 0.59 wt pct) at 640°; 1.5 to 1.7 at. pct (0.59 to 
0.67 wt pct) at 660°, and 0.98 to 1.15 at. pct (0.38 to 
0.45 wt pct) at 675°C indicates a peritectoid forma- 
tion of a, Quantitative metallography on clearly 
two-phase alloys was used to determine these solu- 
bilities, bracketing techniques could not be used 
since alloys with compositions slightly greater than 
the phase boundary contained such finely dispersed 
second phase as to be indistinguishable from 
impurities. 

B. A. Rogers, D. F. Atkins, E. J. Manthos, and 

M. E. Kirkpatrick (author’s reply)—We are pleased 
to have the comments of Messrs. Pfeil, Browne, and 
Williamson, Naturally, we have read their Report 
No. AERE M/R 2498 with interest. 

Their first comment concerns the composition at 
the right end of the line at 647°C. As the alloys 
near this composition transform sluggishly and also 
have a tendency to be nonhomogeneous, we had dif- 
ficulty in deciding where the line ended. We would 
not argue strongly for a composition beyond 50 pct 
Cb but believe that our data indicate more than the 
47 pct maximum set by Pfeil, Browne, and William- 
son. 

Our X-ray measurements were intended to. pro- 
vide data for a parameter-composition curve that 
could be used for determination of the two solid 
solutions of the decomposition loop. Accordingly, 
we made no effort to determine accurately the 
parameters of the component metals. We sus- 
pected that a slight decomposition of the 10 pct Cb 
solid solution occurred during cooling and con- 
sidered that alloys containing less than this amount 
would not give reliable results. 

The major difference between the diagram of 
Pfeil, Browne, and Williamson and ours is their 
peritectoid line at 667°C as compared with our 
eutectoid formation at 663°C. The placement of 
their line is based on metallographic evidence of 
greater solubility of columbium in uranium below 
667°C than above it. Our eutectoid line is based on 
transformation temperatures as determined by 
measurements of electrical resistance as they were 
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heated. As shown by the foregoing figure, the changes 
of electrical resistivity of uranium and uranium- 
rich alloys are sharp and definite. The thermo- 
couple junction is in direct contact with the speci- 
men during measurement. Also, the specimen can 
be held at a fixed temperature as long as desired. 
We believe that such measurements offer the most 
accurate way of finding transformation tempera- 
tures. With rising temperature, our uranium trans- 
formed at 669°C but all alloys transformed at lower 
temperatures as indicated in the figure. Under the 
circumstances, we are convinced that the eutectoidal 
arrangement is correct for the transition from a+ y 
toBt+y. 


11P, C, L. Pfeil, J. D. Browe, and G. K. Williamson, AERE M/R 2498 to be 
published in the Journal of the Institute of Metals. 
Progress Report ANL 5517 (Unclassified) 1957. 


Intergranular Cavitation in Stressed Copper-Nickel Alloys 


by B. J. Reid and N. J. Greenwood 


AIME Trans., August, 1958, vol. 212, p. 503 


H. H. Bleakney (Department of Mines and Technical 
Surveys, Ottawa, Ontario, Canada)—In a discussion 
of a paper by Chen and Machlin® the writer proposed 
that concentration of harmful impurities at grain 
boundaries in the course of creep-rupture tests was 
a necessary and sufficient condition for the occur- 
rence of intergranular embrittlement; and that it 
was therefore not necessary to look for a ‘‘mechan- 
ical’ explanation. He believes that the comments 
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offered in that discussion are equally applicable to 
the present paper. 

He suggests, also, that reduction in area is a 
much more reliable criterion of ductility in creep- 
rupture tests than is percentage of elongation. 
Gensamer’ has pointed out that elongation and re- 
duction in area are ‘‘quite separate and distinct”’ 
things; and that reduction in area is determined by 
the cohesive strength of the metal while elongation 
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is determined only by the distribution of deforma- 
tion. Hence the applicable feature of ductility in 
creep-rupture tests is clearly the reduction in area. 
L. L. Seigle (Sylvania Electric Products Inc.)—The 
work of Prof. Greenwood and his colleagues has 
been of interest to us because of his suggestion that 
intergranular cavitation may be controlled by the 
generation and diffusion of lattice vacancies. If this 
were true, the formation of grain boundary voids 
during creep might bear some similarity to the for- 
mation of voids during diffusion, and, indeed, a 
striking parallel in the effect of impurities upon 
these two phenomena has been observed.* One im- 
portant difference, however, lies in the fact that the 
voids formed during creep occur almost exclusively 
at the grain boundaries, whereas those formed dur- 
ing diffusion appear with equal frequency within the 
grains. This has been explained on the basis that at 
elevated temperatures, deformation and/or stress 
are concentrated at the grain boundary. An alter- 
native hypothesis is that voids appear predominantly 
at grain boundaries during creep, because the grain 
boundary is an especially effective source of lattice 
vacancies.’ Void initiation and growth may then be 
controlled by stress-induced diffusion of vacancies 
from the grain boundary, as postulated for creep by 
Nabarro and Herring. 

One of the interesting features of the microstruc- 
ture to which Prof. Greenwood and his collaborators 
have drawn attention is the occurrence of strings of 
isolated voids near cracks in deformed specimens, 
suggesting that continuous cracks have formed by 
the linking of individual small cavities. Our ob- 
servations of grain boundary cracks in ruptured 
copper and brass specimens have led me to wonder 
if this is actually a very common sequence of 
events. If grain boundary cracks usually grow by 
the linking of small voids, one might expect that 
strings of cavities should be frequently seen at 
grain boundaries prior to crack formation. It is 
our impression, however, that, particularly at 
higher strain rates, such strings of cavities occur 
relatively infrequently. A specimen will often show 
numbers of extended voids, especially near the 
fractured end, with the rest of the grain boundaries 
apparently sound. To illustrate the point, an ex- 
treme case is shown in Fig. 10, representing the 
microstructure of a specimen of coarse-grained 
OFHC copper, strained 40 pct per hr at 400°C to 
fracture. Total elongation at fracture was 6 pct. 

In this specimen, it appears as if the few cracks 
which first initiated propagated rapidly across the 
specimen, and no general cavitation occurred. 
Quite a few other specimens we have examined 
leave a similar impression, 

I would like to ask Prof. Greenwood for his com- 
ments about the frequency of occurrence of crack 
growth by linking of strings of voids, and his 
thoughts concerning other modes of crack 
propagation. 

B. J. Reid and J. N. Greenwood (authors’ reply) — 
H. H. Bleakney offers an alternative explanation for 
intercrystalline weakness but avoids explanation of 
the appearance of intergranular cavitation. Pre- 
sumably the impurities he postulates as occurring 
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Fig. 10—OFHC copper strained 40 pct per hr at 400°C to 

fracture. X13. 
at grain boundaries (which, it should be stressed, 
are boundaries of recrystallized grains) will be 
present irrespective of the proportions of major 
components and of temperature. Could his ideas 
account for the detailed variations shown in Fig. 1? 
The authors have admitted that, amongst other pos- 
sibilities, impurities (hydrogen in particular) may 
be a factor in nucleating cavities, which are then 
enlarged by vacancy condensation. 

Regarding the choice of percentage elongation as 
the criterion of ductility, thisis justified—a) by com- 
paring always specimens of similar geometry, b) by 
the greater accuracy with which it could be meas- 
ured using a specimen of the dimensions given. 

It is also pointed out that the present alloys, un- 
like ferrous alloys, have a low ratio of yield to al- 
ternate stress. The elongation was uniform along 
the gage length until near the end of the test. 

In reply to L. L. Seigle, we would say that in the 
specimens used in this work, and in those reported 
on previously,” the phenomenon was frequently ob- 
served at rates of strain from 0.1 pct per hr to over 
40 pct per hr. 

Near the fracture (copper, brass, copper-nickel) 
grains may pull apart cleanly at triple points, or 
with serrated surfaces. In the latter case the frac- 
ture has obviously been produced by intergranular 
cavitation. When this occurs, many grain bound- 
aries (generally making angles between 90 and 
45 deg to the tensile stress axis) well away from 
the fracture, show cavitation. 

Careful mechanical preparation of the surface 
(using diamond powder) is essential. To observe 
the early stages of cavity formation magnifications 
of the order of X500 to X1000 are needed. The 
smallest seen were about 0.5 x 107* cm in diam. 

We would not expect to see grain boundary cav- 
ities in the photograph illustrating L. L. Seigle’s 
contribution as the magnification was only X13, 


°C. W. Chen and E. S. Machlin: On a Mechanism of High Temperature Inter- 
crystalline Cracking, AJME Trans., June, 1958, vol. 212, no. 3, p. 414. 
7Gensamer Maxwell: Strength and Ductility, ASM Trans., 1946, vol. 36, p. 46. 
R. Resnick and L. L. Seigle: AJME Trans., 1957, vol. 209, p. 87. 
°R. W. Balluffi and L. L. Seigle: Acta Met., 1957, vol. 5, p. 449. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


\ 


Discussion—lIron and Steel Division 


An Acoustical Study of Low-Temperature Aging in Al-4.2 Pct Cu 


by M. E. Fine and Charles Chiou 


AIME Trans., vol. 212, p. 553 


J. B. Cohen (AVCO Mfg. Co.)—The model presented 
by the authors is only one of several possible mech- 
anisms for low-temperature aging. It is true that 
the motion of dislocations to the copper atoms, fol- 
lowed by diffusion along the dislocation lines, is one 
such mechanism. However, the details of such a 
process which would result in copper-rich platelets 
on (100) planes in the f.c.c. matrix are not clear. 
Furthermore, there is at least one other mechanism 
that may be used to explain the authors’ results, so 
that the data do not clearly favor the Turnbull 
model. The zones may form by ‘‘normal’’ diffusion. 
The diffusion constants would be higher at room 
temperature than extrapolated data would suggest 
due to vacancies trapped in the specimens in the 
quench. The diffusivity would then be multiplied by 
the ratio of the number of vacancies present at the 
solution temperature to that present at room tem- 
perature. These vacancies could remain in the alloy 
specimen for long times at room temperature, due 
to interaction with the copper atoms.** The activation 
energy for diffusion is smaller than that for bulk dif- 
fusion at elevated temperatures for it is only that 
for the motion of vacancies existing after the 
quench; after these are used up, the aging process 
effectively ceases. 

It is somewhat questionable if the laws governing 
transformation kinetics can be directly applied to 
changes in elastic moduli, especially in the case of 
aging where the structure and the composition of 
the zones may be changing during aging. If such 
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Fig. A—Data of Fine and Chiou for the aging of Al-4.2 
pet Cu. 
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laws are assumed, it is possible to explain the ex- 
ponential factor of */ with this vacancy model. It is 
probable that the structure of the zones and the 
matrix match only on (100) planes. Certainly the 
precipitates that form in this system after various 
aging treatments show orientation relationships 
similar to those of the zones. Strains on the edges 
of the zone may set up fields which do not allow the 
zone to grow in an edgewise manner, The exponent 
in the growth of a thin plate in a direction perpen- 
dicular to its face would be */2. 

It may also be that copper atoms are attracted to 
dislocations. If this is the rate-controlling factor 
in the growth process then an exponent of ’/; or 73 
may arise. The writer would like to know if the 
authors have tried plotting 1/a’ proportional to 
t*’* or t?°, as might be expected for ‘‘dislocation 
drainage.’’ 

R. H. Doremus (General Electric Research Labo- 
vatory)— An important new method for following the 
growth of Guinier- Preston zones is presented in 
this paper, and I wish to congratulate the authors 
on their experiments. Their interpretation of the 
results, however, is doubtful in certain respects. 

To determine the exponent m in Eq. [4] the 
authors plotted -—log a‘, against ¢ to various powers 
(their Fig. 6). The initial value of frequency used 
for these plots was found by extrapolating the data 
to zero time. In Fig. A the data from their Fig. 2 
are plotted against a linear, rather than logarithmic, 
time scale. To obtain graphs similar to their Fig.6 
for these data one must use an initial frequency of 
about 52720; such a plot for m = 7/2 is shown in 
Fig. B. The straight line in Fig. B fits the data in 
an intermediate range only. The curve drawn in 
Fig. A was mapped from this line; comparison of 
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Fig. B—Fine and Chiou’s plot for m = 1/2. - 
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the curve and points in Fig. A shows that the extra- 
polation of Fine and Chiou are questionable. For 
any values of m less than one it would be difficult to 
extrapolate to the true initial frequency without data 
immediately after the quench, because the slope of 
the curve changes very rapidly in the earliest 
stages of zone growth. 

A much better way to find the appropriate value 
of m is to plot log [-In a/,] against log t, adjusting 
the initial frequency value to give the best fit. The 
result of this procedure for the data in Fine and 
Chiou’s Fig. 2 is shown in Fig. C; the line has a 
slope of about 7/; and fits the data for both early and 
late stages better than the plot of Fine and Chiou. 
Thus the best value of m in Eq. [4] is 7, rather 
than 

While Eq. [4] fits the data well it has only an em- 
pirical basis, and other equations have been ap- 
plied to data on zone growth with equal success. 
Unit a theory for this growth is established one can- 
not select the most suitable equation. 

The authors claim that their value of ¥/. for m is 
evidence for diffusion of copper to the zones along 
moving dislocation lines. As Turnbull has pointed 
out,’ no detailed mechanism for the model of dif- 
fusion along moving dislocation lines has been de- 
veloped, so a particular m value does not corrob- 
orate this model. Apparently the authors feel that 
since m is 7/2 for the growth of a plate in one di- 
rection, it also can indicate ‘‘one-dimensional’”’ 
diffusion along a line. Questions such as the 
geometry of the growing zones, the relative im- 
portance of diffusion to the dislocations and along 
the dislocations, and the éffect of dislocation 
movement upon the diffusion must all be answered 
before one can validate the moving dislocation 
model from a kinetic relation for zone growth. 

M, E. Fine and Charles Chiou (authors’ reply) —In 
our paper we state that—the time law (t’/”) and the 
activation energy (12 to 14 kcal per mole) for growth 
of GPI support the idea that copper atoms reach the 
zones through diffusion channels. The recent elec- 
tron micrographic study of Nicholson and Nutting” 
of an Al-Cu alloy with GPI shows that dislocation 
diffusion channels probably do not play a significant 
role in the growth of GPI; no association of disloca- 
tions and zones is observed, Furthermore, Nichol- 
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son and Nutting find the zones to be 4 to 6A thick 
and about 80A in diam after aging 16 hr at 130°C. 
These values are about the same as those inferred 
by Gerold” from X-ray diffraction data. Thus 
Cohen’s suggestion that thet’/? arises from thick- 
ening of plates also does not seem to be the answer. 
Curve C of Doremus’s discussion certainly fits 
our data beautifully. We did not choose the double 
logarithm method for establishing 7 the exponent of 
time in the empirical rate equation because two ad- 
justable parameters are involved while the method 
we used involves only one and that is m. Actually 
it is not necessary to know f, to establish m. Our 
Eq. [4] may be written in the form 


where /, is the resonant frequency in the absence of 
zones, f, is the final value, and f, is the value at 
time ft. Now f, — f, is a constant for the experiment 
and then the value chosen for f, does not affect the 
slope of the lines defined by Eqs. [4] or [5]. This is 
not the case if a second logarithm is taken, the 
method suggested by 

We did not wish to imply that the value of '/ for 
m is exact. Our main point was that m is not “a, 
the Zener-Wert value for diffusion-controlled 
growth of a thin plate, or that m is not 2, the value 
predicted from the Zener-Wert theory for growth 
of a plate of constant thickness. 

Concerning the mechanism for growth of zones in 
Al rich Cu alloys, apparently the rapid kinetics is 
due to a nonequilibrium excess of vacancies as men- 
tioned in Cohen’s discussion. If the concentration 
of vacancies were constant during isothermal for- 
mation of zones, then the growth of zones would be 
expected to be determined by diffusion of Cu to and 
Al away from the zones. Ham*™ recently analyzed 
theoretically the diffusion-limited growth of plates 
of constant thickness and found that in the absence 
of initial precipitate and at early times m would be 
two but that at later times when competition is im- 
portant m would be one. An initial value of two is 
not observed in our results nor in the resistivity 
studies of De Sorbo, Treaftis, and Turnbull.” 

Also our results do not indicate a value of m 
of one for later in the aging process. De Sorbo, 
Treaftis, and Burnbull”™” suggest two possibilities: 
the kinetics may be dominated by decay of excess 
vacancies, or the principal effect is coarsening. 

Another factor affecting the kinetics may exist. 
The strain energy is probably reduced from for- 
mation of zones, The observed increase in modulus 
suggests this. If formation of zones decreases the 
strain energy, then the Cu atoms would interact 
with the stress-field of the zones similar to the 
formation of Cottrell atmospheres of solute atoms 
around dislocations. We hope to have more to say 
about the mechanism of zone formation in Al-Cu 
alloys in a subsequent paper. 
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